STAFF: Editor, Gerhard Derge 
Carnegie Institute of Technology 
Schenley Park 

Pittsburgh 13, Pa. 

Editorial Assistant, M. A. Redmerski 
Production Editor, Otto T. Johnson 


THE METALLURGICAL SOCIETY: C.C. 
Long, President; John Chipman, Past- 
President; J. S. Smart, Jr., Vice-President, 
T. D. Jones, Treasurer; R. W. Shearman, 
Secretary. 


PUBLICATIONS COMMITTEE OF THE 
METALLURGICAL SOCIETY: D. J. Car- 
ney, Chairman; Robert Maddin, Past- 
Chairman; J. H. Hollomon, J. H. Jackson, 
H. H. Kellogg, T. B. King, F. C. Langen- 
berg, D. L. McBride, W. O. Philbrook, 
J. S. Smart, Jr., R. L. Smith, J. D. Sulli- 
van, and F. L. Vogel. 


Review and selection of manuscripts is under 
the supervision of the following Publications 
Committees: Extractive Metallurgy Division: 
H. H. Kellogg, Chairman; T. B. King, Past- 
Chairman; R. P. Hermsdorf, W. A. Krivsky, 
R. E. Lund, C. L. McCabe, Paul Queneau, 
A. S. Russell, M. E. Wadsworth, and W. D. Wil- 
kinson. 


Institute of Metals Division: R. L. Smith, Chair- 
man; P. A. Beck, |. |. Bessen, J. O. Betterton, 
Jr., R. S. Davis, J. J. Gilman, R. B. Gordon, 
C. D. Graham, Jr., R. W. Guard, J. C. Gurland, 
J. J. Heger, M. Herman, J. N. Hobstetter, H. H. 
Johnson, Jr., |. R. Kramer, W. C. Leslie, R. A. 
Meussner, R. R. Nash, G. E. Pellissier, T. N. 
Rhodin, A. U. Seybolt, L. L. Seigle, |. S. Servi, 
P. G. Shewmon, L. Slifkin, J. K. Stanley, C. D. 
Starr, and J. Washburn. 


Iron and Steel Division: F. C. Langenberg, 
Chairman; H. L. Bishop, C. W. Sherman, J. B. 


Wagstaff, and E. Whittenberger. Published bimonthly by the American Institute of Mining, Metallurgical, and Petroleum Engineers, Inc., 
29 West 39th Street, New York 18, N. Y. Telephone: PEnnsylvania 6-9220. Subscription $30 per year 
for non-AIME members in United States and North, South, and Central America; $32, foreign; $5 for 
AIME members. Single copies, $4.00, single copies foreign, $5.00. The AIME is not responsible for any 
statement made or opinion expressed in its publications ... Copyright 1961 by the American Institute 

‘ of Mining, Metallurgical, and Petroleum Engineers, Inc. ... Registered cable address, AIME New York 
... Indexed in Engineering Index, Industrial Arts Index, and Chemical Abstracts... Second class post- 
age paid at New York, N. Y., and Ann Arbor, Mich. Volume 221 Number 1. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME VOLUME 221, FEBRUARY 1961-1 


ae 
Be ye 
a 
| OF THE METALLURGICAL SOCIETY OF AIME 
| 
+ 
: 
} 
ae 
i 
j 
| 
i 
hey 
& 
+ 
ayy 
| 
i 
ia 
4 


Solubility of Nitrogen in Molten Iron 


Manganese Alloys 


The solubility of nitrogen in molten iron-manganese alloys 
was measured as a function of concentration of manganese, tem- 
perature, and pressure. The experimental values for the solu- 
bility and heats of solution are larger than those obtained from 
the excess free energies calculated by the use of the ternary 
Gibbs-Duhem relationship developed by Darken and by the use 
of similar equations developed by Alcock and Richardson and 
Wagner. The failure of the regular-solution model used in the 


derivation of the equation is discussed. The possibility of 


“‘cluster’’ formation is considered. 


Mucu of the extant data on the solubility of gases 
in iron-based alloys was obtained in studies cover- 
ing the small concentration ranges found in com- 
mercial alloys. Summaries of recent work on 
solid iron alloys’ and on molten alloys” * show 
some progress in the understanding of the mech- 
anism of absorption. These summaries indicate 
that a better understanding of the solution process 
can be obtained by extending the alloying range. 

It was with this point of view that this study of 
the solubility of nitrogen in the iron-manganese 
system was undertaken. This alloy system is of 
particular interest because, among the various 
iron-based alloys for which thermodynamic 
data exist, it appears to be the closest to ideality, * 
a factor which would assist in making the simpli- 
fying assumptions necessary in the construction 
of any model. 

The system bears some inherent difficulties. 
For one, the vapor pressure of manganese is 
relatively high. Thus the Sieverts method, which 
‘permits the rapid collection of data, is not suit- 
able. In addition, the presence of manganese 
vapor in the atmosphere negates the use of optical 
pyrometry for temperature measurement and 
control. Previous attempts’ to study this system 
over the entire concentration range have met with 
many experimental difficulties. In these studies, 
special effort was made to develop techniques for 
the automatic control of the thermodynamic vari- 
ables. Since these techniques should prove of 
equal value in other high-temperature studies they 
are described in detail. 


EXPERIMENTAL 


Apparatus—The apparatus, illustrated in Fig. 1, 
consisted of a nonmagnetic stainless steel re- 
action chamber, of approximately 50 liters vol- 


SYLVAN Z. BEER, Junior Member AIME, formerly with 


Mellon Institute, is now Staff Metallurgist, Crucible Steel Co. 


of America, Central Research Laboratory, Pittsburgh, Pa. 
Manuscript submitted April 8, 1960. ISD 


2-VOLUME 221, FEBRUARY 1961 


Sylvan Z. Beer 


ume, connected to a high-capacity oil-diffusion 
pump-—-mechanical-backing pump system. Induc- 
tion heating was used with the power provided 

by a temperature-controlled 10-kc to 15-kw 
motor-generator unit (Tocco Division - Ohio 
Crankshaft). A vestibule through the cover of the 
reaction vessel permitted access to the inside of 
the vessel, without disturbing the atmosphere, 
during the experiment. 

Temperature control was achieved by the use 
of a thermocouple in a recrystallized alumina 
sheath mounted within the crucible and immersed 
in the metal bath. The leads were brought out 
through vacuum seals and fed to the CAT con- 
troller (Leeds and Northrup) shown in the block 
diagram in Fig. 2. The control signal, supplied 
by the thermocouple, is converted to a secondary 
control signal to the voltage regulator in the 
motor-generator set. The voltage regulator in 
turn controls the output energy by means of cur- 
rent feedback applied to the field winding of the 
generator. A portable heat station provides a 
means by which the turns-ratio of the trans- 
former as well as the capacitance can be elec- 
trically matched to the furnace coil. 

Procedure—To assist in attaining equilibrium 
the gas was bubbled through the molten metal. 
This was accomplished by extending a recrys- 
tallized alumina tube to the bottom of a low-silica 
magnesia crucible (Lava Crucible and Refractory 
Co.}. 

Sealed to the top of the crucible was a cover 
consisting of a porous alumina disk (Norton Co.) 
with a 17,-in. hole in the center. (The disks are 
very soft and the hole can be cut out with little 
difficulty using a circular saw or by drilling pilot 
holes anc breaking out the center.) A plug for the 
center hole was made out of the same porous disk 
material. The plug could be raised or lowered 
from the outside of the vessel to permit sampling 
or temperature measurement. Wound around the 
top of the crucible was a molybdenum susceptor 
approximately 172 in. wide and 0.02 in. thick. Thus, 
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Fig. 1—Apparatus used in this inves- 
tigation. A—10 kc-15 kw motor- 


generator. B—Thermocouple- 
ionization control. C—Temperature 
recorder-controller. D—To left and 
right are flowmeters. E—Pump-out 
chamber. F—Sight tube and magnetic 
shutter. G—Sampling gate valve. 
H—To left is ionization gage, to right 
is thermocouple gage. I—4-in. ball 
valve connecting reaction vessel to 
diffusion pump. J—Vacuum roughing 
line. K—Reaction vessel. 


the top of the crucible acted as a reflux condenser 
driving back into solution the manganese that 
evaporated during the experiment. The crucible 
was packed into the volume within the induction 
coil with ground refractory of the same composi- 
tion as the crucible. 

The metals used were electrolytic manganese 
and electrolytic iron or Ferrovac E (Crucible 
Steel) iron. The total weight of metal was 800 g 
per heat. The vessel was covered and evacuated, 
and after a vacuum of the order of 5y was 
reached, the motor generator was turned on and 
the temperature raised by means of a programmer 
at a rate of 60°C per hr. After 2 or 3 hr the ves- 
sel was filled with the particular gas mixture with 
which the metal was to be saturated. 

After the metal was melted and the temperature 
adjusted, the gas was kept flowing for 6 hr be- 
fore the first sample was taken. One-half hr 
later another sample was taken, and the necessary 
changes in flow rates, temperature, and so forth, 
were made. Under these new conditions the metal 
was kept for 4 hr before a sample was taken. One- 
half hr later another sample was taken, and again 
conditions were changed. In general, three or four 
different conditions were studied during each heat. 
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Sampling was accomplished with standard Taylor 
samplers (7,-in. round copper bar, 4 in. long and 
reamed with a No. 6 tapered reamer) to which 
1¥2-in. silica tube extensions were cemented. The 
extensions were the only part of the samplers to 
touch the metal bath. With such an arrangement 
samples could be taken without chilling the bath. 
Standard sampling techniques were used, and 
actual sampling time was of the order of 10 sec. 

Gas Mixtures— The various partial pressures 
of nitrogen were set by mixtures of research 
grade argon and prepurified nitrogen made by 
flowing the two gases at various flow rates. The 
flowmeters were of the U-tube manometer type 
with the capillaries joined to the U-tube by means 
of ball joints to permit frequent cleaning. After 
being mixed, the gases were passed through 
heated copper turnings, Drierite, and magnesium 
perchlorate. A special gas inlet® provided a con- 
stant head to the incoming gas and also prevented 
the oil from being drawn over when the reaction 
vessel was originally under vacuum. The flow- 
meters were calibrated at the exit of the gas inlet 
to within 1 pct with a precision wet test meter. 
The overall error in measurement of pf? is con- 
sidered to be approximately 2 pct. 
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Fig. 2—Block diagram of the temperature-controlled 
induction heated furnace. 


RESULTS 


Solubility as a Function of Manganese Content— 
The solubility of nitrogen was measured in alloys 
covering the entire composition range. The melt- 
ing points of the alloys in this system range from 
1245°C (for pure manganese) to 1535°C (for pure 
iron). To minimize the loss of manganese, 1550°C 
was selected as the lowest temperature at which 
all alloys were liquid, yet still permitted rapid 
sampling. The loss of manganese is important 
not because it causes an error in estimating the 
alloys content, since the samples are analyzed 
for manganese, but rather that attendant to the 
loss in manganese there is a change in equilibrium 
solubility which would continually shift as the 
manganese evaporates. 

The solubility of nitrogen at bn, = 1 in the iron- 


manganese alloys at 1550°C is shown in Fig. 3. 
The manganese contents determined by analyses 
of the samples are accurate to 1 pct of the ab- 
solute value. The nitrogen analyses are accurate 
to within 1 pct for nitrogen content above approx- 
imately 0.1 pct. For lower levels of nitrogen, the 
estimated error is closer to 3 pct. The Kjeldhal 
method was used here because vacuum fusion gave 
consistently lower results. 

Although bubbling the gas through the molten 
metal decreases the length of time to achieve 
equilibrium it also causes an increased loss of 
manganese due to transportation by the saturated 
gas and to diffusion of the vapor. The first effect 
is of minor importance; the second can lead to 
substantial losses. The rate of loss can be roughly 
calculated from an approximate formula given by 
Seybolt and Burke.” On the assumption that the 
average gas bubble is 1 cu cm in volume, the 
manganese rate loss through this mechanism can 
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Fig. 3—Solubility of nitrogen at 1-atm pressure in iron- 
manganese alloys at 1550°C. 


be expected to be of the order of 1.9 pct per liter. 
To keep the loss of manganese at a minimum, a 
low bubbling rate consistent with reaction rate 
considerations® was employed. The rates ranged 
from 10 to 30 liters per hr. 

To reduce the manganese loss further, the 
crucibles were covered as described earlier. With 
this arrangement the manganese loss was less 
than 2 pct during the 4 hr required to attain 
equilibrium. 

Solubility as a Function of Temperature— The 
solubility of nitrogen, at 1-atm partial pressure, 
in various iron-manganese alloys as a function 
of temperature is shown in Fig. 4. The arrow in 
the figure points to a datum obtained by reversing 
the direction of the change in temperature in order 
to test the reversibility of the solution process. 
The result shows that the process can be con- 
sidered reversible with temperature. 

The accuracy of the temperature control de- 
pended, in this work, on the stability of the con- 
trol thermocouple. For use as the control ther- 
mocouple the following couples were tried: 

Pt/ Pt-10 pet Rh, Pt-5 pct Rh/ Pt-20 pct Rh, 
Pt-6 pct Rh/ Pt-30 pct Rh, tungsten/ molybdenum, 


-rhenium/tungsten, and rhenium/molybdenum. The 


platinum group showed considerable instability of 
calibration and on continuous immersion the elec- 
tromotive force output decreased with time. When 
these thermocouples were used for automatic 
control, the average temperature rise was 15°C 
per hr. 

The tungsten-molybdenum thermocouple showed 
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Fig. 4—Solubility of nitrogen in iron-manganese alloys as 
a function of temperature. Manganese concentrations is 
given in weight fraction. 


some tendency toward breakage in addition to 
which the electromotive force output is relatively 
low. The other two refractory metal thermo- 
couples exhibited almost perfect behavior. The 
calibration did not change even upon immersion 
for 12 to 18 hr at 1550°C. The sensitivity of these 
thermocouples is one and a half times that of the 
platinum thermocouples. This made possible tem- 
perature control of +1°C or better. These couples 
were therefore used as the control thermocouples 
in this work. 

None of the thermocouples above were used for 
measurement purposes. The temperature was 
always measured by an immersion thermocouple 
of calibrated reference-grade Pt/Pt-10 pct Rh. 
This was inserted and removed through the top by 
means of a sliding shaft seal. Compensated lead 
wire was used throughout and the electromotive 
force output was read ona recorder. The tem- 
perature could thus be determined to +1°C. 

The amount of manganese lost was in all cases 
approximately the saame—1.5 g per 100 g total 
weight per temperature increment. Thus, the 
overall accuracy of the curves shown in Fig. 4 
is +5 pet. 

Solubility as a Function of Nitrogen Partial 
Pressure—The solubility of nitrogen as a function 
of pressure in various iron-manganese alloys at 
various temperatures is shown in Fig. 5. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


2.00 T 
by Exit Gas Analysis 
j by Flow Rate Calc. 
1.50 
= 
100 
a 
r= = 
= 
= 
0.50 
a 0.10 Mn 
| 
0.00 
00 02 04,06 O8 10 
2 


Fig. 5—Solubility of nitrogen in iron-manganese alloys as 
a function of pe . Manganese concentration is given in 
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weight fraction. 


Mixtures of argon and nitrogen were bubbled 
through the molten metal with the total pressure 
inside the vessel kept to local atmospheric plus 
10 to 30 mm Hg by means of a mercury bubbling 
tube. 

Increments in bx: 2 of 0.2 (atm)'”” were studied. 
Before the next flow rate setting of bx. * was 
established, the atmosphere within the vessel 
was altered to correspond to the new flow rates. 
At first this was accomplished by flushing the 
system with pure gas at a rate and time deter- 
mined by the simple mixing equation. However, 
this method led to results high in nitrogen. Pre- 
heatin,; the gas to about 800°C had little effect. 
The high nitrogen analyses were attributed to 
thermal separation which is thought to have caused 
the argon to migrate toward the cooler periphery 
of the vessel. During the flushing period a rela- 
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tively larger amount of argon is then displaced by 
the gas entering under pressure. Analysis of the 
exiting gas by means of a calibrated thermal con- 
ductivity gas analyzer (Gow-Mac Gasmaster ) 
showed that the concentration of gas in the vessel 
was higher in nitrogen than expected from the 
mixing equation. 

The method finally established was to pump out 
the vessel to some predetermined pressure and 
admit pure gas until the next setting of px. w was 


achieved. Then, the new flow rate was onlatianed 
with gumive rates to correspond to the new value 
of pit’ . The outflowing gas was then continually 


sulienes to ascertain that the outflowing gas had 
the same composition as the inflowing gas. The 
efficiency of the refluxing method is such that 
even though the pressure within the vessel was 
for a very short time below atmospheric, the total 
manganese loss was less than 2 pct over a 4-hr 
period. 

Representative solubility plots to illustrate the 
effects discussed are shown in Fig. 5. The plotted 
data were obtained, for Lines 1, 4, and 5, by in- 
creasing increments of pressure. The dispersed 
points on Line 5 indicate the uncertainty in speci- 
fying the partial pressure of the gas by flow rates 
alone. As can be seen from the date points at 
px. = = 0.6, a difference of 0.1 in bx. ? occurs be- 


mane the calculated flow and the saaloaei gas. 
In all other cases where the two values of pit’ 


agree, the flow rates had been adjusted to cia 
them into accord with the gas analysis values. 
The data on Lines 2 and 3 were obtained by de- 
creasing increments in DN’, with the point at 


pN. *= 1 taken from Fig. 3. These indicate defi- 


nite adherence to Sieverts’ relationship within 
experimental error up to manganese concentra- 
tions of at least 76 pct. 

The amount of manganese lost was in all cases 
approximately the same—1.5 g per 100 g total 
weight per pressure increment. Thus, the over- 
all accuracy of the curves plotted in Fig. 5 is of 
the order of +5 pct. 


DISCUSSION 


At present no completely successful method 
exists for calculating the solubility of a third 
element in binary alloys. Of the methods pro- 
posed, the most promising appears to be the 
thermodynamic approach of Darken® or the 
methods employing models developed by Alcock 
and Richardson”° and Wagner.” In the Darken 
method, use is made of the Gibbs-Duhem equa- 
tion for a ternary system and the assumption that 
at constant temperature and low gas concentration 
in the metal the relationship (ln y2)/(1 — X2)’, 
where y2 and.X2 are the activity coefficient and 
the atomic fraction of dissolved gas, is a function 
only of the ratio of the atomic concentrations of 
the binary elements. Thus, the following equa- 
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tion, rigorous for regular solutions only, is 
derived: 

xS ‘Fr. 
Here F*S is the partial molar excess free energy 
of the dissolved gas under the conditions specified 
in the subscripts and F*S is the excess molar 
free energy of the binary alloy. All that is re- 
quired to calculate the solubility in the alloy is 
(a) the solubility of the gas in each of the pure 
components and (b) the activity of at least one 
component in the binary. The relationship 


= RT In y; [2] 


is substituted and the subscripts identified. Eq. [1] 
is then converted into the form 


— 
+In F*S/RT [3] 
It indicates that for our system, for which the bi- 
nary is considered to be very close to ideal, 

log yj vS Xy, Should be linear. This equation 
without the last term was also derived by Wagner™ 
(his Eq. 2-46) for systems for which the binary is 
close to ideal. For convenience yy is taken as 

1/Cy where Cy is the weight percent of nitrogen. 
The broken straight line is the expected plot on the 
basis of Eq. [2] with F*S = 0. The dotted line 

shown was obtained with F*S calculated from the 
outer extreme of the data of Sanbongi and Ohtani. 
Thus, the slight positive deviation from ideality of 
the iron-manganese binary as indicated by these 
data accounts for only a small part of the dis- 
crepancy. The greatest difference between the 
experimental and the calculated values of FxS is 


1 kcal (at Xy,,, = 0.5) which leads to an error in 
the calculated solubility of 20 pct. At up to 25 pct 
Mn, the calculated value of the solubility is in 
better accord and the error amounts to a maximum 
of 13 pct. 

A somewhat different derivation by Alcock and 
Richardson” utilizes the assumptions that the co- 
ordination number of the dissolved gas is the same 
in the pure metals and the alloys and that the ternary 
is regular. A chemical approach is taken in which 
the energy involved in the formation and destruc- 
tion of the interatomic bonds is calculated. 

An equation in terms of the heats of solution is 
derived and can be expressed in the form 
(HM HY...) Xun [5] 
where the new symbols in the order of occurrence 
represent the heats of solution of the nitrogen in 
the binary, in pure manganese, in pure iron, and 
the heat of formation of the iron-manganese alloys. 
An equation similar to Eq. [3] can be derived by 
substituting the relationship, valid for strictly 
regular solutions, 


In Fig. 7 the relationship expressed by Eq. [5] is 
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Fig. 6—Plot of log y,, as a function of Xy,. The lower 


curve is taken from the smoothed curve of Fig. 3 and the 
circles are the experimental points. The straight dashed 
line is the theoretical curve for the iron-manganese sys- 
tem considered as an ideal binary. The dotted curve 
was calculated from selected data of Sanbongi and Ohtani 
as described in the text. 


plotted with the assumption of ideality in the iron- 
manganese alloys. The calculated results, repre- 
sented by the broken line, can be compared with the 
measured values of H¥ obtained from Fig. 6. The 


discrepancies between the measured and calculated 
values for H™ are as high as 60 pct. On the other 


hand, the measured values are considered to be ac- 
curate to within 10 pct. 

Although the agreement between the experimental 
results and those predicted by Eq. [3] can be re- 
garded as moderately good, the discrepancies are 
significant in the light of the other results presented 
by Alcock and Richardson.”® Seeking the source of 
the discrepancy in the F*S of the binary is unreal- 
istic since activity coefficients of the order of 2 
or 3 in the binary are required to bring the two 
values into accord. However, it is of interest that 
in the system studied here as well as those pre- 
sented by Alcock and Richardson” the corrections 
supplied by F*S are in the right direction even 
when this contribution does not completely ac- 
count for the deviation of log y from a straight- 
line relationship. The agreement between the ex- 
perimental solubility and that calculated from 
Eq. [3] is better in the system studied here than 
those discussed by those authors probably be- 
cause of the near ideality of the iron-manganese 
system. Thus, for this system, the postulation of 
random distribution is not too unrealistic. 

Another source for the discrepancy can be 
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Fig. 7—Plot of H : as a function of Xy,,. The straight 


dashed line is the theoretical curve for the iron- 
manganese system considered as an ideal binary. 


sought in the contribution of the electrons to the 
free energy of mixing.’ Unfortunately no direct 
method of testing this hypothesis exists and the 
effect cannot be calculated a priori. 

The most reasonable explanation for the nega- 
tive deviations found in the log yy plot of Fig. 6 and 
the H¥ plot of Fig. 7 is that in the ternary there is 


no longer the near random distribution which ap- 
parently occurs in the binary. Rather, a clustering 
appears to take place about the dissolved nitrogen 
atoms. Eqs. [1] and [5] indicate that any clustering 
involving the manganese atoms will contribute rela- 
tively large negative deviations to the measured 
free energy and heat of solution. The tendency to 
form clusters can be anticipated on the basis of 
the large differences between the solubility of 

gas in pure iron and pure manganese—0.045 pct 

in pure iron and 1.38 pct in pure manganese at 
1550°C. 

Some insight into the local structure surrounding 
the nitrogen atoms can be obtained by use of the 
equation given by Wagner™ (his Eq. 2-45) or the 
recently improved equation by Richardson.” Both 
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equations are closely related to Eq. [3] and were 
derived by taking into account the probability of 
formation of clusters of coordination number Z 
weighted by the energy of formation of these 
clusters or complexes. Excellent agreement is 
found between our experimental data and the 
solubility predicted by the Wagner equation with 
Z = 4, indicating that the nitrogen may be present 
in the center of a local tetrahedral ordering. Mod- 
erately good agreement for the Richardson equa- 
tion is obtained with Z = 10. However, the differ- 
entiation between Z = 6, 8, 10, or 12 is not very 
sharp. 

Although both the Wagner and Richardson equa- 
tions may be regarded as having a parameter which 
had to be adjusted to fit the data, the success in 
describing the system discussed here indicates 
that further development will have to take into ac- 
count the presence of local ordering in the binary 
and ternary. 

For tabulation purposes the quantity 0 log yy/a (% 
Mn), called the interaction parameter” e, is di- 
rectly calculable from Fig. 5. The value of e is 
thereby found to be —0.023. This compares well 
with the value of —0.02 given by Pehlke and 
Elliott."* The value of e predicted by Eq. [3] is 
—0.015. 


CONC LUSION 


The agreement between the experimentally de- 
termined solubility of nitrogen in molten iron- 
manganese alloys and that calculated from the 
regular solution model is moderately good. It is 
better here than in many systems previously 
studied probably because the assumption of ran- 
dom distribution in iron-manganese binary is not 
too unrealistic. The discrepancy between the cal- 
culated and experimental solubility can be explained 
by postulating ‘‘clustering’’ involving the nitrogen 
and the solvent atoms. A better fitting equation, 
based on this postulation and having an adjustable 
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‘parameter, indicates that the solvent atoms may 
have a local tetrahedral structure about the dis- 
solved nitrogen. 
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The Use of Heat -and Mass-Transfer Model Studies 
in the Evaluation of the Rates of Deposition of Metals 


in Complex Systems 


Rates of heat- and mass-transfer from rods to recirculating 
air were determined within a one-quarter-scale model of a 
metals deposition bulb. The dependence of local and averaged 


rates of transfer upon outlet geometry, number of rods, position 


G. H. Kesler 


upon a rod, and air flow rate was established for flow patterns 


created by radial and tangential air inlets. The results are given 
a qualitative interpretation in terms of rates and distribution of 
metal deposition in a prototype deposition bulb. 


Ir is well known that a number of metals can be 
prepared from volatile compounds containing them 
by causing dissociation of their compounds to oc- 
cur at heated surfaces. Examples of such metals 
include silicon, titanium, zirconium, and aluminum, 
which can be prepared from their halides. While 
the ability to prepare high-purity metals by this 
technique is of importance in itself, the rate of 
deposition of metal also is important in consider- 
ing the commercial potential of such a process. 

If the over-all process of deposition is broken 
down into separate steps of transport of materials 
to and from the heated deposition surface and es- 
tablishment of chemical equilibrium at the surface, 
as was described in a recent paper,’ then since 
surface temperatures are usually high and surface 
equilibrium is attained very rapidly, the rate- 
controlling step can be considered as either that 

of transport of reactants to the surface or of trans- 
port of products other than deposited metal away 
from the surface. These two transport steps are ~ 
related through the reaction stoichiometry. 

It can be shown’ that the rate and distribution of 
metal in such a transport-controlled process are 
determined by the over-all and local mass-transfer 
coefficients in conjunction with the equilibrium 
conversions at the hot surfaces. The rate rela- 
tionship is: 


w =[KA (yg —ys)] 


where the bracketed group is the rate of arrival of 
the reactant at the surface of area A as determined 
by the mole fraction driving force (y, — y,) and the 
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convective transport constant K. The factor B is 
the weight fraction of metal in the reactant, and E 
is the equilibrium fractional conversion to metal. 

Numerical values of y, and y, are fixed by the 
vapor composition and the equilibrium composition 
of reactant at the surface; and E can be deter- 
mined by thermodynamic calculations or by ex- 
periment. However, values for the convective 
coefficient K are available generally only for 
systems of simple geometry, such as cross-flow 
past a rod or sphere or parallel flow past a flat 
plate or through a tube. Often it is necessary to 
work with systems of more complex geometry and 
in which the vapor flow may not be uniform or ex- 
actly parallel or perpendicular to the surface. 

It is possible, of course, to establish working 
correlations for these more complex systems by 
direct experiment; but the experiments usually 
are costly in both time and money. To circumvent 
this objection and to aid in arriving at an under- 
standing of the relationships and interactions of 
the process variables, it is helpful to construct a 
model of the flow system in which air, water, or 
other convenient fluids can be substituted for the 
process vapors and with which mass-transfer 
measurements or analogous heat-transfer meas- 
urements can be made upon a simulated deposi- 
tion surface. By this means, a large number of 
measurements can be made in a reasonable time, 
and the correlation of these results can be applied 
to the prototype system. Examples of the appli- 
cation of these techniques are to be found in the 
literature (e.g., Ref. 2). 

It is the purpose of this paper to illustrate these 
techniques by description of a model study which 
was done at Battelle Memorial Institute. The work 
to be described was of a preliminary nature; the 
investigation subsequently was extended to develop 
quantitative relationships among the significant 
dimensionless transport, geometric, and flow 
parameters. This more detailed study will be the 
subject of a future paper. 
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Fig. 1—Details of deposition-bulb model. 


EXPERIMENTAL 


In the process which was being investigated, it 
was desired to deposit titanium metal upon a num- 
ber of heated rods contained in a cylindrical vessel. 
The feed stream was titanium tetraiodide; and the 
measured rod temperatures were kept constant by 
adjusting their electrical input so that heat effects 
due to the endothermic reactions were cancelled out. 
Work with the prototype had shown that the over-all 
deposition rate and the distribution of metal upon 
the rods was sensitive to changes in the vapor flow 
pattern within the containing vessel, and it was 
necessary to arrive at an understanding of the re- 
lationship of deposition rates to system geometry 
and to process variables. Consequently, a one- 
quarter-scale glass and lucite model of the system 
was constructed. 

Details and significant dimensions of the model 
are shown in Fig. 1. Briefly, it consisted of the 
deposition chamber and its liner containing a 
number of rods representing deposition elements 
and a vapor outlet section. Metered air was in- 
troduced through appropriately sized inlets which 
simulated those of the prototype in location and 
number. The effects of number and location of 
rods in the model, rod diameter, number and lo- 
cation of vapor inlets, outlet orifice size, and air 
flow were investigated. 

Both mass- and heat-transfer experiments were 
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Fig. 2—Details of heat-transfer rods. 


made to obtain quantitative information on the flow 
patterns within the deposition chamber model. 
Mass-transfer experiments were made by coating 
several of the rods with p-dichlorobenzene. By 
making careful measurements of the coated rods 
before and after they were exposed to the air flow 
within the model, average and local rates of va- 
porization could be determined. These rates then 
could be used to calculate corresponding mass- 
transfer coefficients from the relation: 


w = KA (y, — yq) 


To obtain the local and average coefficients of 
heat transfer, an assembly of two electrically- 
heated iron tubes was constructed. The construc- 
tion and dimensions of this tube assembly are 
shown in Fig. 2. Thermocouples were inserted 
into the tubes, and their junctions were soldered 
into small holes in the sides of the tubes, flush 
with their outer walls to give local tube tempera- 
tures. Measurements of power input to the tube 
assembly and of the average air temperature 
within the vessel were used together with the 
tube surface temperatures to obtain the heat- 
transfer coefficients from the relationship for 
convective heat transfer: 


q =hA (t, — tg) 


in making the calculations it was assumed that 
heat generated in the tubes by the electrical cur- 
rent was uniform and that axial conduction of heat 
in the tubes could be neglected. 

Rod complements were built up by placing dummy 
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Radial Inlet Between A and F Positions 
Air Temperature, 27°C The range of air flow rates which was used was 
Air Pressure to Inlet, 14 Psig that giving the same Reynolds’ numbers as those of 
EXPERIMENT NO. 1 the prototype basis the cross section inside the 

sae Initial Diam, In. Final Diam, In. chamber shield, With this restriction it was not 
Measurement First Second*  Circumferentialt Radialt  POSSible to duplicate local or average Mach num- 
bers as well since sonic velocities of air and tita- 


in. from T 0.221 0.216 0.155 0.136 

6754 0.197 0.194 nium tetraiodide are widely different. While the 

3 in. from Top 0.243 0.247 0.201 0.206 Mach number might be of some significance in de- 

Midpoint 0.245 0.243 0.197 0.199 fining the flow patterns, especially in regions near 

3 in. from Bottom 0.249 0.246 0.197 0.203 _ the vapor inlets, its influence should be of secondary 

1 in. from Bottom 0.240 0.243 0.189 0.201 ‘ ; : 
importance in contrast with the Reynolds’ number 

Average 0.221 effect 
From these, & = 171 |b per hr ft? (mole fraction) and u, = 19.8 ft per sec. In a few tests which were made with water as the 


operating fluid, no attempt was made to obtain close 


EXPERIMENT NO. 2 
correspondence of Reynolds’ numbers since only 


Rod Average Diam, In. k,, Lb/(Hr Ft? A Ft per Sec ; : . 
= visual observation was used to establish over-all 
flow patterns. Potassium permanganate was used 
B 0.238 133 13.2 as a tracer in these tests, whereas smoke and light 
Bp 0.253 124 11.8 solid particles were used for the same purpose in 
Cc 0.248 120 11.0 some tests with air. 
> page = a The preliminary studies of the flow patterns by 
Dp 0.251 114 10.2 visual observation of tracers showed a recirculating 
E 0.247 140 14.8 flow and large-scale turbulence within the model. 
Ep 0.241 137 13.9 The recirculation velocities and the intensity of 
F 0.246 167 23.2 turbulence were much greater with a single inlet 
Fp 0.242 141 14.6 ; , 
nozzle entering radially at the top of the model than 
Average 0.246 132 13.4 
they were with two radially opposed nozzles pro- 
EXPERIMENT NO. 3 ducing impinging jets. 
Rod Average Diam,In. kg, Lb/(Hr Ft? Ay) _—_ue Ft per Sec Mass-transfer data and results are summarized 
in Table I, It will be noted that the rates of vapor- 
A 0.186 148 13.5 
Ap 0.185 133 11.1 ization of the p-dichlorobenzene from the rods were 
B 0.185 142 12.4 not uniform with respect to angular position around 
By pee 2 ee the rods, to distance along the rods, or to rod po- 
: Hips Pe ee sition in the model. As shown in Fig. 3, the av- 
D 0.183 184 20.2 erage mass-transfer coefficients varied inversely 
Dp 0.179 177 18.3 approximately as the four-tenths power of the rod 
diameter. Coefficients for individual rods, as for 
_ 0.180 228 29.4 example, rods in the ‘‘E’’ position,showed similar 
Fp 0.183 178 18.8 although not always identical slopes, Fig. 3. 
Average 0.182 167 17.0 It will be noted that the point representing Ex- 
EXPERIMENT NO. 4 
Rod Average Diam, In. kg, Lb/(Hr Ft? Ay) ue Ft per Sec 250 : i] ; 
A 0.306 147 22.0 = 
Ap 0.304 144 21.0 WJ 
B 0.304 126 16.4 
Bp 0.313 124 "16.4 
0.312 121 15.6 u 
G 0.316 119 15.4 Ow 
D 0.319 124 16.6 TEST NO. |! 
Dp 0.315 120 15.5 eo fo} 
E 0.301 139 19.5 
Ep 0.314 106 11.9 I 
F 0.295 128 16.1 z 
Fy 0.304 146 21.5 <a SLOPE = |-0.4 
Average 0.309 129 17.3 
*At right angles to first measurement. be | 
tWith respect to model. < © AVERAGE Ak — 
a AT E POSITION 
aluminum rods in positions other than those oc- 100 | 
cupied by the heat-transfer rods in the heat-transfer I% .20 .30 40 
tests. Rod positions were at 60-deg intervals ROD DIAMETER - INCHES 
around the model and were designated alphabetically. Fig. 3—Dependence of mass-transfer coefficients upon 
The air inlet was located halfway between the A and rod diameter. 
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Fig. 4—Variation of heat-transfer coefficient with air 
rate in radial flow. 


periment No. 1 in Fig. 3 corresponds to the line 
representing other tests with rods in the ‘‘E’’ po- 
sition. Since this experiment was made with no 
rods in place other than the heat-transfer rods, 
whereas the other tests were made with a full rod 
complement, it appears that the number of rods 
installed had little or no influence upon the mass- 
transfer coefficients. 

The velocities designated as u, in Table I are 
those which would have been necessary to give the 
observed local coefficients of mass-transfer from 
a rod in pure cross-flow.* They are to be con- 
trasted with the net superficial downward velocity 
of air flow of roughly 1.5 ft per sec in the model. 
The velocities are considerably greater than 
would be predicted from simple piston-type flow. 

Air rates of 7.4 to 33.5 cu ft per min were used 
in the heat-transfer experiments. Both radial and 
tangential air inlets were used, and the heat- 
transfer rods were placed in various angular po- 
sitions with respect to the inlets. The total number 
of rods was two to twelve. 

The observed variation in heat-transfer coef- 
ficient with air rate is shown in Fig. 4 for a 
radially-directed air inlet. The data are cross- 
plotted in Fig. 5 to show the variation of the co- 
efficient along the rods. It appears that the 
coefficients increased linearly with the mass rate 
flow of air and that they decreased with increasing 
distance along the rods and with distance away from 
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h= 177-O.07(n) | 
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= 20 of average heat- 
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the air inlets. Since local heat-transfer coefficients 
are less in parallel flow than they are in cross- 
flow,’ this distribution of coefficients suggests that 
the air flow was more nearly axial in direction at 
the lower end of the model. 

As was the case for mass transfer, the average 
heat-transfer coefficient for the radial inlet flow 
system was found to be nearly independent of the 
total number of rods installed. This is shown in 
Fig. 6. 

Results obtained with a tangential air inlet are 
shown in Figs. 7, 8, and 9. The variation of transfer 
rate with distance along the rod was not great with 
this flow system; but the radial variation was 
marked, as would be expected from the nature of 
the velocity distribution which exists in a vortex 
flow. Again, the total number of installed rods had 
little effect upon the heat-transfer coefficients. 

The outlet orifice area exerted a substantial in- 
fluence upon the heat-transfer coefficients in the 
tangential flow tests, as shown in Fig. 10. This 
also would be expected since as the outlet was made 
larger, the outer, high-velocity parts of the vortex 
flow could enter the base of the model and undergo 
a randomization or dissipation of their energy be- 
fore returning to be again incorporated into the 
vortex. This return flow would necessarily occur 
since local velocities were so much higher than 
the net downward velocity. 

Although the detailed findings of this study are 
of considerable interest, the general observation 
that very high mixed-flow velocities exist in a sys- 


20 Outer red. 
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variation of heat- <= 
transfer coefficients 53 
in tangential flow. rod 
Experiment 9 
|. Two rods 
0 0.0247 Ib/sec. inlet air 
Oo 0.5 1.0 
(Top) 


Fractional Length Along Outer Rod 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Us 
| 
Date 
q 


oJ 
Outer rod 
2 
h=14.9-0.089 (n) Fig. 8—Dependence 
of average heat- 
= + Average transfer coefficient 
3 10 | _Inner_rod ||| upon total number 
x of rods in tangential 
rt flow. 
Experiment 9 
+— 0.0247 Ib/sec. inlet air- 
2 4a 6 8 10 12 


Total Number of Rods, n 


tem of this nature is of most significance. The 
local heat- and mass-transfer rates corresponded 
in some instances to those which are associated 
with pure cross-flow velocities several times as 
great as the superficial downward velocity in the 
model. These findings imply three things of es- 
pecial significance in metal deposition studies: 

1) Since actual local velocities of flow can be 
several times as great as the superficial velocity, 
rates of deposition in transport-limited systems 
can be much greater than those predicted from the 
net superficial velocities; 

2) since velocities in the deposition chamber are 
greater than the net superficial velocity of flow, 
considerable internal back-flow and mixing of 
gases must occur. The vapors contained in the 
bulb, therefore, are not of the same composition 
as the feed vapors but are thoroughly mixed and 
are substantially the same in composition as the 
exit vapors. Rates of transport of reactant vapors 
to the deposition surface thus will be lower than 
those in a once-through system since the mole 
fraction of reactant in the free stream will be less 
than unity. The diffusional driving force, con- 
sequently, will be less. 

3) It is possible to approach sonic velocity 
locally, which may be only a few hundred feet per 
second for a high-molecular-weight vapor. Com- 
pressibility effects may thus complicate the flow 
and deposition picture. 


SUMMARY 


Mass- and heat-transfer coefficients have been 
determined within a model of a metals deposition 
chamber to obtain an insight into the flow patterns 
within the model and the prototype. The coeffi- 
cients indicate that mixed flows exist within the 
mcdel and that their velocities may be several 
times as great as the net superficial velocity of 
the flow. Variations in deposition rate with po- 
sition of the element in the chamber, with gas 
flow rate, and with type of inlet may thus be ex- 
plained. Also, it would appear that rapid and 
nearly complete mixing of the vapors would be 
expected to occur within the deposition chamber. 
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NOMENCLATURE 


A—Area of deposition or rod surface, ft? 

B— Fractional weight of metal in vaporized 
compound 

E— Fractional equilibrium conversion to metal 
of available metal in metal compound 

h—Convective heat-transfer coefficient, 
Btu/ (ft? hr ° F) 

K—Mass-transfer coefficient, lb/(hr ft? Ay) 

t,—Temperature of ambient gases, °F 

t;--Temperature of rod surface, °F 

w-—— Rate of metal deposition or of vaporization of 
p-dichlorobenzene, lb/hr 

Vq—Mole fraction of diffusing component in am- 
bient gases 

vs—Mole fraction of diffusing component in equi- 
librium with the rod surface 
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Redetermination of the Chromium and Nickel 


Solvuses in the Chromium-Nickel System 


Quenched alloys, prepared by powder metallurgical techniques, 
were examined by microscopic and X-ray diffraction methods. 
The compositions and heat treatments were chosen so that the 


chromium and nickel solvuses could be determined and a range of 
composition and temperature, in which a eutectoid had been report- 
ed, could be explored in small intervals. The results showed no 
evidence of eutectoid reactions having taken place. 


ALLoys containing iron, chromium, molybdenum, 
and nickel are extensively used in high-temperature 
applications. In order to provide basic information 
on the solid-state reactions that occur in such alloys, 
the National Bureau of Standards is engaged in an 
extensive study of the equilibrium phases in the 
binary, ternary, and quaternary systems involving 
these four metals. Attention was directed to the 
chromium-nickel system because a review of the 
literature showed conflicting data. 

A recent compendium’ of the constitution of binary 
alloys gives two diagrams for the chromium-nickel 
system, one a simple eutectic and the second a 
diagram showing a eutectoid and a eutectic. The 
eutectoid was the result of an allotropic transforma- 
tion in a high-temperature solid-solution form of a 
chromium-rich phase called 8. The approximate 
temperature and composition of the eutectoid was 
1200°C and 30at. pct Ni. In the preliminary study, at 
the Bureau, no transformation was indicated in the 
chromium-rich phase of ternary and quaternary 
alloys in which chromium and nickel were major 
components. Similar results have been reported 


Table I. Powders Used in Alloy Preparation 


Powder Nickel, Carbonyl Chromium 
Mfr. International Nickel Co. Electro Metallurgical Co. 
Analysis *Spectrographic *Spectrographic tChemical Pct 
Al vw VW 
Cc 0.02 
Ca a T 
Cu 0.01 
Fe W W 0.03 
Mg Vw T 
Mn T 
Ni vw 
O 0.051 
Pb 0.001 
S 0.023 
Si W vw 
Ww 0.004 


*T 0.0001 to 0.001 pct, VW 0.001 to 0.01 pct, W 0.01 to 0.1 pct. 
TAs given by the manufacturer (Lot analysis). 


C. J. BECHTOLDT and H. C. VACHER, Member AIME, 
are Solid State Physicist and Physicist, respectively, 
National Bureau of Standards, Washington, D. C. 
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from time to time in the literature.*~° In consequence 
of this situation, a systematic study was made of the 
constitution of heat-treated chromium-nickel alloys 
using metallographic and X-ray diffraction methods. 
The compositions of the alloys were selected so as 
to determine the boundaries of the chromium-rich 
and the nickel-rich phases and to explore in small 
intervals the ranges in composition and temperature 
in which the eutectoid had been reported. The results 
of this study are reported and discussed in the pres- 
ent paper. 


EXPERIMENTAL PROCEDURES 


Materials, Alloys, and Heat Treatments— The 
alloys were prepared by a powder metallurgy tech- 
nique similar to that used in earlier work.° Analyses 
of the materials used are given in Table I. Powders 
were mixed using a vibrator in 30-g batches of pre- 
determined composition; 2-g pellets were made from 
the mixture by compacting at room temperature in a 
1/2-in. diam mold under 60,000 lb per sq in. pres- 
sure. The pellets were sintered in dry hydrogen for 
10 days at 1300°C. At the end of the sintering treat- 
ment the specimens were quenched in water, which 
caused a pale green film to form on the chromium- 
rich alloys and thin black scale to form on the nickel- 
rich alloys. The pellets after sintering were approxi- 
mately 1/2 in. diam by 3/32 in. thick. 

’ The purification train® was modified by inserting 
a tube of titanium turnings, heated at 700°C to in- 
crease the efficiency of the removal of oxygen and 
nitrogen. It was found in the earlier work that the 
sintering treatment lowered the carbon, oxygen, and 
nitrogen contents of chromium-rich alloys to 0.01, 
0.01, and 0.004 wt pct, respectively, and that there 
was a loss of chromium. In order to ascertain the 
extent of this loss, the chromium contents of certain 
alloys were determined chemically. They included 
those alloys used to determine the parameter-com- 
position curves and those of critical composition, 
used to determine the chromium-solvus microscop- 
ically; these analyses were made on samples after 
the final heat treatments. The mixed powder values 
for the chromium content of those alloys that were 
not analyzed were adjusted to conform to a smooth 
curve based on the chemically analyzed values for 
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Fig. 1—Partial temperature-composition diagram for the 
chromium-nickel system. Numbers and symbols in paren- 
thesis represent per cent Ni and different investigators. 


the chromium contents. Nickel contents were obtain- 
ed by subtracting chromium values from 100 pct 

and are listed in Table II. The chemically analyzed 
and adjusted values in atomic percent nickel were 
used in constructing the diagrams described in the 
following sections. 

Specimens of the homogenized alloys were heated 
in dry hydrogen to the selected temperatures and 
held within 5°C for various periods and then quench- 
ed in water. The heating schedules were as follows: 


Temperature, °C Time at Temperature, Hr 


1450 2 
1400 2 
1325 16 
1300 16 
1275 16 
1250 16 
1225 16 
1200 16 
1175 16 
1150 16 
1100 100 
1000 250 
900 500 
800 1000 


In this study of the phasial relationships in alloy sys- 
tems involving chromium, iron, molybdenum, and 
nickel, review of the literature and exploratory tests 
indicated that the foregoing periods at temperature 
were more than sufficient to produce time-indepen- 
dent structures in the alloys. Specimens were heat 
treated at closer intervals near 1200°C in order to 
reduce the possibility of missing the reported £ chro- 
mium solid-solution field and the intervening two- 
phase field. The composition of the alloys subjected 
to the foregoing heat treatments are indicated in 
Fig. 1. 

Microscopic and X-Ray Diffraction Procedures— 
The chromium and nickel solvuses were determined 
by microscopic and by the parametric X-ray diffrac- 
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Table I. Nickel Content of Alloys 


Analysis after Analysis after 
Mixed Sintering and Mixed Sintering and 
Powder Heat Treatment Adjusted] Powder Heat Treatment Adjusted 
Wt Pct Wt Pct At. Pct At. Pct] Wt Pct Wt Pct At.Pct At. Pct 
5 5.4 4.7 47 45.7 
8 8.7 aon 50 48.6 
10 10.8 9.5 S25 50.9 
11 10.5 55 56.1 53.1 
14 14.9 13.4 60 62.8 58.9 
7 16.6 62.5 60.3 
20 19.5 65 65.8 63.0 
23 24.6 22.4 70 67.9 
26 25.4 75 74.2 82.9 
29 31.6 29.0 85 85.3 83.7 
5 7. 34.3 31.6 90 89.1 
35 36.2 33.5 95 96.1 94.5 
38 37.0 
41 40.0 
44 42.8 


tion methods. In the microscopic methods, the pel- 
lets were examined by conventional procedures to 
determine the number and relative amounts of the 
phases present in the quenched alloys. The same 
specimens then were mounted in an X-ray diffracto- 
meter, and diffraction patterns were obtained of pert- 
inent 26 ranges in order to identify the phases pres- 
ent. This procedure was modified slightly in exam- 
ining alloys in the range of 14 to 40 at. pct Ni that 
had been heat-treated at temperatures above 1100. 
It had been reported*” that the quenched £-chromium- 
rich phase was sensitive to deformation and could be 
transformed to the @-chromium-rich phase by me- 
chanical polishing. In order to eliminate this possi- 
bility the specimens were not polished but were 
given a preliminary examination by X-ray diffraction 
methods immediately after quenching. Apparently 
the film that formed on the specimens in quenching 
was amorphous or very thin because only lines for 
the @ or @ plus y phases were recorded in the dif- 
fraction patterns. The specimens were then pre- 
pared for metallographic examination by convention- 
al procedures. 
The etching and electro-polishing solutions used 
in the microscopic examinations are listed:in Table 
III. Examination showed, Fig. 2, a characteristic 
Widmanstatten structure in the chromium-rich phase 
(a) for those quenched alloys in which the nickel 
content of the chromium-rich phase was in excess 
of 14 at. pct. It was noted in these alloys that numer- 
ous audible clicks could be heard coming from the 
pellets for a period of approximately 5 min after 
quenching. The microstructure of the chromium- 
rich phase in alloys in the range 20 to 30 at. pct Ni 
could not be fully developed except by etching deeply; 
a light etch developed only the grain boundaries. 
There was a tendency for a film to form on the chro- 
mium-rich phase in alloys in the range of 30 to 38 at. 
pct Ni; when this occurred, the specimen was again 
electro-polished and etched. The nickel-rich phase 
(vy) was readily outlined with etching reagents C and 
D in alloys in which it was the minor phase, Fig. 2(d), 
2(d), and 2(f). The chromium-rich phase was also 
readily outlined by these etchants, Fig. 3. 
In examining specimens of the alloys quenched 
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(a) 37.0 at. pct Ni. Etched in solution (b) 40.0 at. pct Ni. Etched in 
B. Reheating time and temperature 
1325°C—2 hr. X250. 


C. Reheating time and temperature 
1250°C—16 hr. X250. 


A. Reheating time and temperature 
1325°C—2 hr. X250. 


\ / 
‘ 
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ty 
d 
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solution (c) 31.6 at. pct Ni. Etched in solution 
C. Reheating time and temperature 
1250°C—16 hr. X250. 


~ 


‘ 


(d) 33.5 at. pct Ni. Etched in solution (e) 16.6 at. pct Ni. Etched in solution (f) 19.5 at. pet Ni. Etched in solution 
B. Reheating time and temperature 
1150°C—16 hr. X500. 


B. Reheating time and temperature 
1150°C—16 hr. X500. 


Fig. 2—Typical microstructure of some alloys used in locating the boundary of the chromium solvus. The boundary is be- 
tween the indicated nickel contents of the single phase and the two-phase alloys at the specified temperature. Etching so- 
lutions are listed in Table III. Reduced approximately 5 pct for reproduction. 


from 800° and 900°C and in two alloys 50.9 and 53.1 
at. pct Ni, quenched from 1000°C, a phase was ob- 
served that could not be identified as either the chro- 
mium-rich or the nickel-rich phase. This constituent 
was observed after etching with 10 pct HC1 solution 
followed by staining with alkaline ferricyanide. Its 
most distinguishing characteristics were the light 
grey color after immersing in the alkaline ferricyan- 


Table Ill. Etching and Polishing Solutions 


A) 75-ml glacial acetic acid B) 100-m1 water 

15-ml acetic anhydride 20-g potassium ferricyanide 
10-ml 72 pct perchloric acid 20-g potassium hydroxide 
40 to 50 v, de for polishing Immersion 


10 to 20 v, de for etching 


C) 90-ml 95 pct ethanol 
10-ml conc. hydrochloric acid 
5 v de etching 


E) 10 pct HCI solution 
(10-m1 hydrochloric acid, sp. gr. 
1.18, diluted to 100 ml with water.) 


D) 100 ml water 
10-g chromic acid 
5 v de etching 
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ide reagent and the relatively large size, Fig. 3. In 
some of the microstructures this unidentified con- 
stituent was very similar to the globular form of the 
chromium-rich phase and in some cases appeared to 
have a planar boundary withthe chromium-rich phase. 
Attempts to make a chemical separation of this con- 
stituent from the matrix were unsuccessful because 
the chromium-rich phase predominated in the resi- 
dues. Additional lines in the diffraction patterns, 
obtained from these residues that could not be attri- 
buted to the chromium-rich phase, indicated that the 
constituent had the cubic 8-Mn type structure with 
ay = 6.38A. There was no systematic variation in the 
amount of the 8-Mn type constituent with the nickel 
content in the alloys examined. This suggests that it 
is not a phase pertinent to the chromium-nickel sys- 
tem but is probably a phase involving chromium, 
nickel, and a small amount of nitrogen or oxygen in 
which the nitrogen and/or the oxygen atoms are lo- 
cated at certain sites in the B-Mn type structure.” 
The use of the same specimens for both the metal- 
lographic study and lattice parameter measurements 
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: 


Fig. 3—Microstruc- 
ture of chromium- 
nickel alloy, 53.1 at. 
pet Ni after heating 
at 1000°C for 250 hr 
and quenching in 
_ water. Etched in so- 
° lution C followed by 
B. Phases identified 
were (outlined 
white), 6-Mn type 
constituent (outlined 
gray) and y(matrix). 
X1000. Reduced ap- 
proximately 12 pct 

for reproduction. 


had the distinct advantage of permitting the exami- 
nation of the same surfaces by two methods; thus 
specimens used in determining the parameter-com- 
position curves could be examined to make sure that 
no precipitation had occurred in quenching. The 
principal disadvantage of using block specimens for 
X-ray diffraction is that the relative intensities in 
the diffraction patterns will not be correct if the 
grain size is large. This, however, is not ordinarily 
a factor in determining d-spacings. The planes and 
radiations for the chromium-rich and nickel-rich 
phases used in making the d-spacing determinations 
were: 

Chromium-rich phase—310 (Co-Ka,, Ka») and 211 

(Cr-Ka, Kae) 

Nickel-rich phase—311 and 222 (Co-Ka@, Ka») and 

220 (Cr-Ka, Ka,) 
To assure the correctness of the 26 values the calib- 
ration of the diffractometer was checked using sili- 
con and silver standard samples over the same range 
of angles. The 29 values could be measured to + 0.02 
deg which corresponds to a variation of approxima- 
tely + 0.0002A in values for the lattice constants of 
the chromium- and nickel-rich phases. 


RESULTS AND DISCUSSION 


The Chromium Solvus— Representative microstruc- 
tures of the alloys that were used to determine the 
location of the boundary of the chromium-rich phase 
between 1100° and 1325°C are shown in Fig. 2. The 
microstructures show that precipitation, acicular in 
appearance, had occurred in the chromium-rich 
phase but not in the nickel-rich phase. This precipi- 
tate that was formed during quenching was uniformly 
distributed in equiaxed grains. Because the acicular 
precipitate was not present in alloys containing less 
than approximately 14 at. pct Ni, and because nitrides 
were not present in residues separated by residue 
methods, it was concluded that the acicular precipi- 
tate is not nitrides. The microstructures that did 
not show the clear globular nickel-rich phase, there- 
fore, were interpreted as representing single-phase 
alloys at the heat treating temperatures. It is im- 
portant to point out that the character of the micro- 
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Fig. 4—Parameter-composition diagram, chromium solvus. 
Clear symbols represent single-phase alloys quenched from 
the homogenous field; filled symbols represent two-phase 
alloys quenched from the indicated temperatures. 


structures, illustrated in Fig. 2(a), 2(c), and 2(e), 
did not change in the specimens of alloys whose com- 
positions and heat-treating temperatures are indi- 
cated in Fig. 1 as open circles in the a-chromium- 
rich phase field. This field includes the reported 
fields of stability for the 6-chromium-rich phase, 
the 6-chromium-rich plus a-chromium-rich phases, 
and part of the field for the B-chromium-rich plus, 
nickel-rich phases. See Stein and Grant’s results” 
as reproduced in Fig. 1. 

The diffraction pattern obtained from the specimen 
of the 37 at. pct Ni alloy that had been quenched from 
1325°C indicated that the acicular precipitate prob- 
ably was the nickel-rich phase in a highly distorted 
condition. The pattern showed lines for the a-chrom- 
ium-rich phase and one extremely diffuse line. The 
extra line correspond to the intense 111 line of the 
nickel-rich phase. The microstructure of specimens 
of an alloy containing 13.4 at. pct Ni, quenched from 
temperatures within the reported fields of the f- 
chromium-rich phase and the @ plus 8-chromium- 
rich phases did not show precipitation but only clear 
equiaxed grains. X-ray diffraction patterns of these 
quenched specimens showed only lines for the a- 
chromium-rich phase. The foregoing results have 
been taken as strong evidence in support of a simple 
eutectic diagram for the chromium-nickel system in 
which a §8-chromium-rich phase does not exist. 

The low slope of the chromium solvus at approxi- 
mately 1150°C probably is the cause of the abundant 
precipitation shown in the microstructures of the 
quenched alloys. In slowly cooled alloys containing 
approximately 35 at. pct Ni, this precipitation might 
be sufficient to cause abrupt discontinuities in ther- 
mal analysis’ and electrical resistivity’° curves 
and thus lead to a conclusion that a eutectoid might 
exist. The form of the chromium solvus in the range 
1100 to 1325°C agrees with that in the generally 
accepted Cr-Ni diagram’ which was based largely on 
the work of Jenkins et al. The location of the chro- 
mium solvus in this temperature, range is in good 
agreement with that of Williams,’ Fig. 1. 

The location of the chromium solvus between 800° 
and 1100°C as shown in Fig. 1 was determined by 
the parametric method and is essentially the same 
as that previously indicated by Taylor and Floyd.* 
The results are summarized in Fig. 4. Values for 
the lattice constants of the, chromium-rich phase 
determined by Jette et al.’* and by Taylor and Floyd 
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Fig. 5—Parameter-composition diagram, nickel solvus. 
Clear symbols represent single-phase alloys quenched 
from the homogenous field; filled symbols represent two- 
phase alloys quenched from the indicated temperatures. 


for single-phase alloys also are included. The re- 
sults of these investigators for alloys containing 
nickel in excess of 4 pct deviate somewhat from the 
parameter-composition curve as drawn. It is believed 
that these deviations are caused by impurities in the 
chromium used” and by inadequate quenching.** 
Their results for alloys containing less than 4 pct Ni 
however are in very good agreement with the curve 
as extrapolated. 

The Nickel Solvus—The solubility of chromium in 
nickel was determined between 800° and 1300°C also 
by utilizing the microscopic and parametric methods. 
The results of this investigation and that of other 
investigations” are summarized in Figs. 1 and 
5. It can be seen that there is good agreement in the 
results of all investigations. 

The Boundary of the Chromium Solidus— Alloys 
ranging in composition from 13 to 34 at. pct Ni were 
examined microscopically after quenching from 
1400° and 1450°C; both of these temperatures are 
above the eutectic temperature. In Fig. 1 the solidus 
was drawn between the points representing the alloys 
that showed equiaxed grains and those that showed 
indications of melting. These results were consis- 
tent with the results obtained with alloys below the 
eutectic temperature in that there was no evidence 
of the high-temperature 6-chromium-rich phase. 


SUMMARY 


Quenched alloys, prepared by powder metallurgical 
techniques, were examined by microscopic and X-ray 
diffraction methods. The compositions and heat- 
treatments were chosen so that the chromium and 
nickel solvuses could be determined and a range of 
composition and temperature, in which a eutectoid 
had been reported, could be explored in small inter- 
vals. The results have been incorporated ina revised 
chromium-nickel phase diagram, Fig. 6. The dia- 
gram differs slightly from the simple eutectic dia- 
gram given by Hansen in that the determination of the 
chromium solidus has been extended from 1345° to 
1450°C and the maximum solubility of nickel in 
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Fig. 6—Revised chromium-nickel diagram. Numbers in 
parenthesis are weight percent. 


chromium has been found to be 38 instead of 32 at. 
pct Ni. This increase is in accord with results re- 
ported by Williams.” The examinations of many al- 
loys, differing slightly in composition and heat treat- 
ment, showed no evidence in the microstructure of a 
8B phase or eutectoid formation. 
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Effect of Structure and Purity on the Mechanical 


Properties of Columbium 


Mechanical properties of columbium have been studied over 
the temperature range of -196 to 1093°C. The decreased strength- 
ening influence of cold-work at temperatures below ambient has 
been interpreted in terms of the Peierls-Nabarro effect. Maxima 
in the vate of strain hardening observed during tensile testing in 


the range 250-600°C. have been correlated with interstitial im- 
purities to indicate the temperature ranges at which carbon, oxy- 
gen, and nitrogen, respectively, are vesponsible for strain aging. 


Tue growing need for structural materials for use 
above the useful service temperatures of the iron-, 
nickel-, or cobalt-base alloys has caused the refrac- 
tory metals to be considered as potential engineering 
materials. These metals, which include columbium, 
tantalum, molybdenum, and tungsten, are called re- 
fractory because the lowest melting point among 
them,that of columbium, is about 1000°C higher 

than the average melting temperatures of conven- 
tional high-temperature alloys. They are all body- 
centered cubic transition metals and, as such, their 
mechanical properties have basic characteristics 
which distinguish them from the face-centered cubic 
metals. For example, all show a much steeper rise 
in strength with decreasing temperature below room 
temperature than do the face-centered cubic metals, 
and their mechanical properties are strongly influ- 
enced by interstitially dissolved impurities. 

In order that these new metals may be used effi- 
ciently, it is necessary that their characteristics of 
behavior be fully known. In this paper, the mechani- 
cal properties of columbium will be examined over 
a wide range of temperatures. In particular, the influ- 
ences of cold-work and individual species of inter- 
stitial impurity atoms on mechanical properties will 
be described, and basic mechanisms which may con- 
trol the observed characteristics will be explored. 


EXPERIMENTAL 


The material used in this investigation was Union 
Carbide Metals Co. columbium roundels consolidated 
to four 4-in. diam ingots, three by consumable-elec- 
trode arc melting and one ingot by electron beam 
melting. Impurity contents of the ingots and methods 
of ingot conversion and treatment are summarized in 
Table I. The only metallic impurity occurring in any 
significant quantity was tantalum at about 0.1 pct. 
Iron, silicon, titanium, and zirconium were each less 
than 0.015 pct; boron was 1 ppm or less. This should 
have no appreciable influence on properties. The 
electron beam melted material, being the purest, will 
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be used as the basis for comparison in the discussions 
to follow. 

Tensile tests were conducted from -—196 to 1093°C, 
on both cold-worked and fully recrystallized arc- 
melted and electron-beam melted columbium using 
standard 1/4-in. diam, 1-in. long gage length test 
specimens. A strain-rate of 0.005 in. per in. per min 
was employed until the 0.2 pct yield strength was 
achieved and then the strain-rate was increased to 
0.05 in. per in. per min for the balance of the test. 
Samples were protected in an inert atmosphere at 
tests above 300°C. 

The tensile properties obtained on the electron- 
beam melted columbium, E, in both the cold-swaged 
and recrystallized conditions are given in Fig. 1. 

The yield strength data of Dyson, e¢ al.,’ obtained on 
recrystallized electron beam melted columbium and 
the tensile strength data reported by Tottle” on pow- 
der metallurgy columbium are included in Fig. 1. 

The material used by Tottle had been purified by 
vacuum sintering. There is excellent agreement be- 
tween Dyson’s data and those obtained in the present 
investigation. The tensile strengths obtained by 
Tottle were slightly greater than those obtained in 
this investigation on electron-beam melted columbium 
but varied with temperature in a similar manner. 
Tottle’s data showed a maximum in tensile strength 
near 500°C, as did our data on electron-beam melted 
material, and also showed a small maximum at 300°C. 
The significance of these maxima will become evident 
later in the discussion. 

The tensile properties of cold-swaged and recrys- 
tallized arc melted columbium are plotted in Fig. 2. 
It was found that the properties of the recrystallized 
arc-melted columbium from all three heats showed 
very close agreement except at temperatures between 
about 500° and 800°C. A reason for this range of 
disagreement will be suggested in the discussion. 

The generally good agreement, however, attests to 
the ability of cold-working and subsequent recrystal- 
lization to erase the effects of the three different 
primary breakdown procedures and to produce nearly 
equivalent structures in the samples derived from 
the three different heats. 

Wessel® reported tensile data on columbium having 
interstitial impurity contents between those of the 
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Table |. Interstitial Impurity Content and Treatments of Materials 
Grain 
Size, 
Heat Consolidation Impurity Content, Wt. Pct Primary Breakdown Secondary Working Recrystallization ASTM 
No. Method Cc O N H Procedure Procedure Treatment No. 
E Electron beam 0.021 0.010 0.009 0.0008 Vacuum annealed 4 hr Cold swaged to 2 hr at 1093°C 6 
melting at 1065°C, groove rolled total of 95 pct 
75 pet at R.T. reduction 
A-1 Arc melting 0.037 0.040 0.034 <0.001 Forged 15 pct at 300°C Cold swaged 96 pct 1 hr at 1200°C 8 
A-2 Arc melting 0.030 0.040 0.020 <0.001 Extruded, 9.8/1 reduction Cold swaged 81 pct 3 hr at 1065°C 8 
ratio at 1260°C 
A-3 Arc melting 0.027 0.040 0.010 <0.001 Forged 82 pct at 1145°C Cold swaged 80 pct 3 hr at 1065°C 8 


electron beam and arc-melted columbium employed 
in this investigation but having grain sizes an order 
of magnitude larger than those employed here. It is, 
no doubt, this much finer grain size which caused the 
yield strengths determined in this study to be greater 
than those observed by Wessel. Because ductile-to- 
brittle transition temperature increases with grain 
size, this may also explain why Wessel found brittle 
fracture below -125°C in the tensile test, while no 
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Fig. 1—Tensile properties of electron-beam melted co- 
lumbium (C = 0.021 pct, O = 0.010 pet, N = 0.009 pet, H = 
0.0008 pct) (above) as-cold swaged 95 pct and (below) re- 
crystallized to ASTM 6 compared with data obtained by 
Dyson et al. on electron-beam melted columbium and by 
Tottleon vacuum purified powder metallurgy columbium. 
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brittle fracture was obtained in this investigation in 
tests as low as -196°C. 

The strength-temperature relations of samples 
from the arc-melted heats A-2 and A-3 tested in the 
cold-swaged condition were completely similar in 
form. This form is illustrated in Fig. 2 using data 
for A-2. Below about 550°C, the strengths of A-3 
were greater than those of A-2. Since one might 
expect the severe secondary cold-work given both of 
them to erase any differences caused by the different 
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Fig. 2—Tensile properties of ar¢-melted columbium (C = 
0.027 to 0.037 pet, O = 0.040 pet, N = 0.010 to 0.034 pct, H 
<0.001 pet) (above) as-cold swaged 81 pct and (below) re- 
crystallized to ASTM 8. 
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Fig. 3—Effect of strain rate on lower yield point and ulti- 
mate tensile strength at room temperature and 300°C. 


primary ingot breakdown procedures, this difference 
may arise from the higher nitrogen content of A-2. 

A comparison of the tensile properties of both the 
cold-swaged arc-melted and electron-beam melted 
material shows that the forms of the curves are 
similar. In both instances, temperature had little 
influence on tensile properties in the temperature 
range from about room temperature to 400°C. Above 
that temperature, the strengths commenced to de- 
crease and approached those of recrystallized ma- 
terial as temperature increased, probably indicating 
the onset of rapid recovery above 400°C in both types 
of material. 

In the temperature range between room tempera- 
ture and 400 C, the strengths of the two types of 
materials are significantly different, however. The 
yield strengths of the cold-worked arc-melted col- 
umbium exceed those of the cold-worked electron- 
beam melted material by about 25 kspi even though 
the electron beam melted material received more 
cold reduction. Considering that the yield strengths 
of the two recrystallized materials at room tempera- 
ture differed by only 15 kspi, it may be suggested 
that, in the temperature range in consideration, 
impurities increased the rate of strain-hardening 
during working. 

Strain-rate sensitivity was investigated at room 
temperature and 300°C using fully recrystallized 
material from A-1 and only at room temperature 
using material from E, Fig. 3. The temperature 300°C 
was chosen for one set of tests since it corresponded 
to the position of the ultimate tensile strength peak 
shown in Fig. 2 for recrystallized, arc-melted ma- 
terial. No noticeable dependence of ultimate tensile 
strength on strain-rate was found for either tempera- 
ture or material, but the lower yield point of the arc- 
melted material increased slightly with increasing 
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Table Il. Comparison of Notched and Unnotched Room-Temperature 
Tensile Properties 


Mate- U.T.S., Elong., Ry, _U-T-S.(N) 
rial Condition Specimen Psi Pct Pct U.T.S. (UN) 
E Recryst. N 48,350 18 90 1.47 
Recryst. UN 32,800 60 93 

E Swaged N 89,300 8 79 1.48 
Swaged UN 60,400 20 84 

A-2 Recryst. N 73,500 10 69 1.40 
Recryst. UN 52,650 42 78 

A-2 Swaged N 133,500 2 14 1.46 
Swaged UN 91,200 15 19 

A-3 Recryst. N 70,500 12 68 1.40 
Recryst. UN 50,075 49 82 

A-3 Swaged N 125,500 3 2 1 A? 
Swaged UN 82,150 17 68 


strain rate at both temperatures. The flow curves of 
the arc-melted material exhibited irregular serra- 
tions at 300°C, but, except for yield points, were 
smooth at room temperature. Yield points were ob- 
served from liquid nitrogen temperatures to room 
temperature in the electron-beam melted material 
and as high as 300°C in the arc-melted material. 

The effects of a notch on room-temperature tensile 
properties were studied using 1/4-in. tensile samples 
with 0.1770-in. root diam., 60-deg notches having 
0.005-in. root radii. The results are in Table II. 
In all cases, the ratio of notched to unnotched tensile 
strengths approached 1.5, a value typical for a fully 
ductile or notch insensitive material. These data 
indicated that at room temperature, neither purity, 
in the range studied here, nor cold-work caused 
columbium to be notch sensitive at the strain rate 
employed in the notched tensile test. However, an 
influence of purity on notch sensitivity at low temper- 
atures was shown by the impact test. Charpy V-notch 
impact tests were conducted on recrystallized elec- 
tron beam melted material and recrystallized arc 
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Fig. 4—Relation of impact energy absorption to temperature 
of recrystallized arc-melted and electron-beam melted 
columbium as determined by V-notch Charpy test. 
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Fig. 5—Comparison of the strength properties of cold-work- 
ed and recrystallized electron-beam melted columbium. 


melted columbium from A-2 and A-3, Fig. 4. Based 
on a 40-ft-lb criterion, the impact energy transition 
temperatures of A-2 and A-3 are about —35° and 
-15°C. This order is somewhat surprising since 
A-3 was the purer of the two materials. The impact 
transition temperature of the material from E, how- 
ever, was at least 100°C lower than those of the arc- 
melted materials, clearly indicating the influence of 
the higher order of purity of the electron-beam 
melted material on fracture transition temperature. 
At the strain rates achieved at the base of the notch 
in the Charpy test, then, impurities can promote 
brittle fracture. It was interesting to note that the 
impact energy absorption of the electron beam melted 
columbium decreased with increasing temperature 

in the completely ductile region. This behavior is 
presumed to be analogous to the strong temperature 
dependence of the tensile strength properties in this 
same temperature range shown in Fig. 1. 


DISCUSSION 


Before examining the effects of structure and 
purity on the properties measured, a word must be 
said about the impurities present. In all the materi- 
als used in this study, the carbon content was slightly 
in excess of the solid-solubility limit. Some carbides 
were visible in all the materials. This has the impor- 
tant consequence that the amount of carbon in solid 
solution may be considered to be the saturation con- 
tent and, therefore, the same in all the samples at 
any given temperature. Moreover, the recrystalliza- 
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Fig. 6—Comparison of the tensile strengths of recrystallized 
arc-melted and electron-beam melted columbium. 


tion did not change the carbides from the sparse 
stringers of agglomerated particles produced by the 
working operations. For these reasons, it was con- 
cluded that the carbides did not materially influence 
the mechanical properties and that the dissolved 
carbon was not a variable in this investigation. How- 
ever, oxygen and nitrogen were completely in solid 
solution in all the materials at various concentrations, 
making them important variables. Oxygen contents 
of all the arc-melted materials were the same, but 
they were about four times that of the electron beam 
melted material. Nitrogen contents varied over an 
appreciable range in the three arc melted ingots. 
Hydrogen was found in amounts generally less than 
the limit of analysis. Consequently, the effect of 
hydrogen was not appraised in this study. 
Low-Temperature Properties—The tensile proper- 
ties of the electron-beam melted columbium have 
been replotted in Fig. 5 so that the yield and ultimate 
tensile strengths of the recrystallized and cold-worked 
material may be compared directly. The data show 
that in the temperature range from 0° to 400°C, the 
strength properties are only slightly temperature 
sensitive and that it is in this temperature range 
that cold-working makes its largest contribution to 
strength. Above 400°C, the strength curves for the 
swaged and recrystallized material tendto converge, 
no doubt because of recovery during the tensile test. 
Below room temperature, the strength curves of both 
cold-worked and recrystallized material ascend at a 
rapid rate. Most interesting, however, is that these 
curves tend to converge with decreasing temperature. 
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At liquid nitrogen temperatures, the yield strength 

of the cold-worked material was only 10 pct greater 
than that of the recrystallized material while at room 
temperature it was double the yield strength of the 
recrystallized columbium. 

In Fig. 6, the tensile properties of arc-melted and 
electron beam-melted, recrystallized columbium are 
compared. Fig. 6 shows that the strengthening effects 
of impurities°apparently diminished as temperature 
decreases below ambient, since the strength curves 
of both types of material tend to converge. There is 
a 13 kpsi difference in yield strength between arc- 
melted and electron beam melted, recrystallized 
material at room temperature but only about a 2 kpsi 
difference at -196°C. It is important to note that all 
the fractures at -196°C were ductile. 

These facts indicate that with decreasing tempera- 
ture below room temperature, some new barrier to 
dislocation motion becomes increasingly important 
and eventually approaches in importance those pro- 
vided by the stress fields of other dislocations and 
the locking action of interstitial impurities. This 
indicates that the strength of the new barrier should be 
highly temperature dependent and the barriers more 
densely distributed than those being supplanted. 

This strong temperature dependence and dense 
distribution are the characteristics of the barriers 
offered by the Peierls-Nabarro forces as described 
by Heslop and Petch* for iron alloys. Peiels-Nabarro 
force barriers are frictional forces opposing dislo- 
cation motion in a crystal lattice. Their distribution 
is much more dense than dislocation or impurity 
barriers since Peierls-Nabarro forces are cyclical 
with periods of oscillation over single atom distances. 
Heslop and Petch suggested that with decreasing 
temperatures, dislocations in body-centered cubic 
lattices become progressively narrower and, as a 
result, increasingly difficult to move. As a manifes- 
tation of this, they showed in their analysis of the 
lower yield point of iron a highly temperature depend- 
ent term which they related to the lattice frictional 
forces opposing dislocation motion, the Peierls- 
Nabarro forces. The current observations may be 
interpreted to mean that with decreasing tempera- 
tures, the Peierls-Nabarro forces of the columbium 
lattice increase sufficiently that the stress necessary 
to move a dislocation over a single lattice distance 
in columbium approaches that necessary to force a 
dislocation through the complex array of dislocations 
produced by cold-work or to overcome the pinning 
action of solutes. Inthis way the strengthening effects 
of cold-work and impurities diminish with decreasing 
temperatures. 

One would expect that this phenomenon wouid be 
observed in other body-centered cubic metals. Data 
obtained on recrystallized and on cold-worked vana- 
dium*~’, summarized in Fig. 7, confirm the obser- 
vations made on columbium. Although there is at 
room temperature an appreciable difference in yield 
and tensile strengths of the recrystallized and the 
cold-worked material, the strengths are virtually 
the same at -196°C. 

Strain-Aging—The tensile properties above room 
temperature show the characteristic features pro- 
duced by strain-aging during the tensile test. There 
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Fig. 7—Comparison of tensile strengths of cold-worked and 
recrystallized vanadium. 


are maxima in the tensile-strength vs temperature 
curves and corresponding plateaus in the yield- 
strength vs temperature curves for both types of 
recrystallized materials at temperatures above room 
temperature. These conditions are indicative of a 
maximum in rate of strain-hardening corresponding 
to a maximum in tensile strength. Plastic flow during 
tensile tests at temperatures in the neighborhood of 
the maxima is accompanied by small, irregular oscil- 
lations in the flow stress. All these phenomena arise 
from the interaction of moving dislocations and mo- 
bile solute atoms which produce strain-aging* *° 
The data in Figs. 1 and 2 show that the temperatures 
corresponding to the maxima are distinctly different, 
however, for the electron-beam melted and arc-melt- 
ed columbium. The maximum for the electron-beam 
melted material is at about 500°C and that for the 
arc melted material is about 300°C. Fig. 6 shows 
that the yield strength of the arc-melted material 
lies above that of the electron-beam melted material 
and is nearly temperature insensitive between 0° and 
300°C and, thereafter, both the yield and tensile 
strengths of the arc-melted material decrease. The 
tensile properties of both arc-melted and electron- 
beam melted columbium are the same between 400° 
and 500°C, the temperature range of the strength 
maximum of the electron-beam melted material. 
Because any strain-aging occurring at 300°C in 
the electron-beam melted columbium is very weak, 
the interstitial element responsible for the 300°C 
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Fig. 8—Diffusivity of oxygen, carbon, and nitrogen in col- 
umbium according to Powers and Doyle.'! 


strain-aging maximum in the arc-melted columbium 
must be in low concentration in the electron-beam 
melted columbium. Furthermore, because the tensile 
strengths of the arc-melted materials are about the 
same at 300°C, the solute responsible must be about 
the same concentration in all three heats. Reference 
to Table I shows that the most likely candidate is 
oxygen. This is in agreement with the suggestion 
made by Dyson ef al.’ The theories of strain-aging 
require that at the temperature where strain-aging 
produces the greatest strengthening, diffusivity of 
the interstitial solute responsible must be in the 
neighborhood of a critical level.°~'® The choice of 
oxygen as the element responsible for the lowest 
temperature strain-aging observed is consistent with 
the interstitial element diffusion data of Powers and 
Doyle,® reproduced in Fig. 8, where oxygen is shown 
to be the most rapidly diffusing interstitial element 
of the trio considered. Choosing 300°C from Fig. 1 
as the temperature at which oxygen promotes the 
greatest strengthening, one may employ Powers’ and 
Doyle’s data to obtain an estimate of the optimum 
interstitial diffusivity for strain aging, 10 '* cm’ per 
sec. One may expect, then, that nitrogen and carbon 
would cause strain-aging at higher temperatures 
where their diffusivity is similar to that of oxygen 
at 300°C. Again using Powers’ and Doyle’s diffusion 
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Fig. 9—Effect of nitrogen on tensile strengths of columbium 
in the temperature range 5000° to 900°C. 


data, the temperatures of diffusivity of carbon and 
nitrogen equivalent to that of oxygen at 300°C are 
about 500° and 600°C, respectively. These latter 
two temperatures correspond to the region of strong 
strain-aging in the electron beam columbium. It may 
be suggested then that those elements are responsible 
for this strain-aging-induced peak in the tensile 
strength. No doubt since the diffusivity of oxygen has 
increased by three orders of magnitude at this tem- 
perature, it will not play much of a part in causing 
strengthening by strain-aging in this temperature 
range. 

Because the concentration of dissolved carbon in 
both types of material is the same, any differences 
in properties during carbon and nitrogen strain-aging 
may be ascribed to nitrogen. This fact, then, may 
now be used to explain the variation in tensile pro- 
perties of recrystallized A-1, 2, and 3 in the 500° to 
700°C range. The tensile strengths for the tempera- 
ture range under question are shown on expanded 
scales in Fig. 9. The data show that in this tempera- 
ture range, tensile strength increases with increasing 
nitrogen content. This, then, is in agreement with 
the reasoning that nitrogen should strongly influence 
strength by strain-aging in this temperature range. 

Again, vanadium may be used to provide a parallel 
case. Tensile data for recrystallized vanadium,” ‘ 
plotted in Fig. 7, show a distinct maximum in tensile 
strength at 350°C indicative of strain-aging. The 
diffusion data of Powers and Doyle’’ were used to 
calculate the temperatures for diffusivity of carbon, 
oxygen, and nitrogen in vanadium equal to that level 
of diffusivity producing strain-aging in columbium. 
It was found that the temperature for this diffusivity 
of oxygen and carbon was abaut 350°C which, as Fig. 
7 shows, corresponds to the position of the maximum 
in the ultimate tensile strength curves. The temper- 
ature calculated for nitrogen strain-aging was about 
560°C, and apparently, as in the case of arc-melted 
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columbium, the tail of the high oxygen peak centered 
at 350°C obscures the nitrogen peak. 

This same line of reasoning would predict strain- 
aging by oxygen, carbon, and nitrogen to occur in 
tantalum about 310°, 600°, and 700°C. These first 
two temperatures correspond closely to the sharp 
maximum and a plateau in the tensile strength- -tem> 
perature curves for tantalum determined by Pugh.” 
Again, the nitrogen peak appears to be overshadowed. 

One somewhat surprising observation made in the 
present study is that no especially large strain-rate 
sensitivity of tensile properties was found for the 
arc-melted columbium at 300°C, the temperature at 
which strain-aging was most prominent. Since the 
basic dislocation mechanisms involved in strain- 
aging’ ‘° are dependent on glide velocity of disloca- 
tions, possibly this lack of strain-rate sensitivity 
means that the imposed strain-rate has little influence 
on glide velocity but instead influences rate of dis- 
location generation. 


SUMMARY AND CONCLUSIONS 


Cold-work and dissolution of oxygen, carbon, and 
nitrogen in columbium may cause considerable 
strengthening at temperatures in the range from 
about 0° to 500°C. As temperature decreases below 
room temperature, strength rises sharply, but the 
role of cold-work and impurities as strengthening 
mechanisms decreases. Some new barrier to plastic 
flow approaches in importance interstitial atom lock- 
ing and dislocation barriers. It is suggested that this 
barrier is the lattice frictional or Peierls-Nabarro 
forces. 


As temperature increases above room temperature, 
strain-aging mechanisms come into play. These 
mechanisms cause an increase in rate of strain- 
hardening and, consequently, under conditions where 
the mechanism is most effective, a maximum in the 
ultimate tensile-strength vs temperature curve. 
Since the basic mechanism of strain-aging involves 
diffusive motion of interstitial atoms, the tempera- 
ture at which strain-aging by a particular species of 
interstitial atom occurs will depend on the diffusivity 
of the interstitial atom. Analysis of the data reported 
here indicates that the critical level of diffusivity is 
about 10°’? cm? per sec, and the corresponding tem- 
peratures for this level of diffusivity of oxygen, 
carbon, and nitrogen in columbium are about 300°, 
500°, and 600°C. This level of diffusivity also cor- 
rectly predicts the temperatures of reported tensile 
strength maxima which are believed to correspond 
to strain-aging in vanadium and tantalum. 
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Thermal Diffusivity of Armco Iron 


The thermal diffusivity (thermal conductivity divided by spe- 
cific heat) of Armco iron has been measured over the temperature 
range 30° to 1025°C. The results are in good agreement with the 
thermal diffusivity computed from published values of thermal 
conductivity and specific heat, except near the Curie point and at 


the a toy phase transition, where the measured diffusivity under- 
goes vapid variations. The differences observed are ascribed to 

a rapid variation in the electronic thermal conductivity near the 
Curie point, and a decrease in the lattice thermal conductivity, at 


the a to y phase transition. 


A major difficulty in measuring the thermal conduc- 
tivity of materials at high temperatures is the de- 
termination and elimination of radiation losses. It 
nas been shown, however, that in measuring thermal 
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diffusivity D (thermal conductivity/specific heat) 
radiation losses can be taken into account exactly.’ 

In order to test the performance of a newly designed 
apparatus for measuring thermal diffusivity of solids,” 
we measured Armco iron to an accuracy of 2 pct in 
the temperature range 30° to 1025°C. This material 
was selected since both the thermal conductivity, ” 

K, and specific heat, °C, are known accurately in this 
temperature range and thus the measured values of 
D could be compared with D computed from the pub- 
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Fig. 1—The reciprocal of the measured thermal diffusivity 
of Armco iron as a function of temperature. The full curve 
was computed from the literature values of the specific 
heat® C and thermal conductivity® x. 


lished values of k and C. Our results are in good 
agreement with the computed values of D, except 
near the Curie point and the @to y phase transition 


where departures from previous results have been 
observed. 


EXPERIMENTAL 


A modification’ of Sidles and Danielson’s method’ 
of measuring thermal diffusivity was used. The 
measurements were made on Armca iron purchased 
from the Mapes and Sprowl Steel Co. The sample, 

2 in. in length and 3/16 in. in diam, was machined 
from rod stock. A small electrical heater was brazed 
with copper to one end of the rod ina hydrogen atmos- 
phere. The heater provided a sine heat input to the 
sample of 2 w amplitude at a frequency of 0.05 cps. 
Three chromel-alumel thermocouples 3 mils in diam 
were welded to the rod at distances 1/4, 1/2 and 3/4 
in., respectively, from the sine heater. The amplitude 
of the temperature variation of the thermocouple 
nearest the heater was about 1°C. The attenuation ~ 
and phase shift of the heat wave was determined from 
the recorded output of each of the thermocouples. In 
practice two thermocouples suffice to provide all the 
the necessary information; the third thermocouple 
used here gave an additional check on the correctness 
of the measurements. The specimen was enclosed 

in an evacuated oven at a pressure of about 10°* mm 
of Hg. Measurements could be made up to 1070°C, 
the upper limitation being due to the copper braze of 
the heater to the iron specimen. 

Electrical conductivity measurements were made 
at room temperature on the Armco sample before 
brazing and after the completion of the experiments. 
The conductivity measured before brazing agreed 
with that of the Armco iron used by Powell. A 3 pct 
lower value of electrical conductivity obtained for 
the sample after brazing was ascribed to contamina- 
tion of the sample by copper during the brazing. 

The thermal diffusivity was computed according to 
Ref. 1 from the measured values of the attenuation 
and phase shift of the thermal wave. The reciprocal 
of the measured thermal diffusivity is plotted in Fig. 
1. The solid curve was computed from the specific 


Fig. 2—Thermal conductivity x of Armco 
iron as a function of temperature: The 
values of k, were computed from the 

2% measured values of «/C and literature’ 
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heat compilations of Darken and Smith’ and Powell’s® 
data on thermal conductivity. Only Powell’s measure- 
ments were used since Armstrong and Dauphinee* give 
results for k only up to 740°C and their measurements 
are in excellent agreement with Powell’s for temper- 
atures below this value. Corrections were made for 
the effect of thermal expansion, and volume change® 
at the atoy transition. These corrections enter in 
the separation between the thermocouples on the 
sample and in converting the literature values of C 


to units of J. deg’’ cm 


DISCUSSION 


The results of the present investigation (points in 
Fig. 1) agree well with the values of k/C computed 
from previous measurements of C and x (solid curve 
in Fig. 1), except near the Curie point (770°C) and 
the ato y transition (910°C). The discrepancies can 
be seen more clearly in Fig. 2 where Powell’s values 
of k in the range 650° to 1000°C (full curve) are com- 
pared with x computed from our measured diffusivity 
and literature values of specific heat’ (dashed curve). 
The computed curve exhibits a change in Slope near 
the Curie point and a discontinuity at the @to y trans- 
ition. The encircled point in Fig. 2 was ignored since 
both C and «/C vary very rapidly with temperature 
in this region and small errors in temperature or a 
temperature gradient on the sample as small as 1°C 
per cm can introduce large errors in the computed 
value of x. This source of error is negligible for all 
the other points. 

In comparing our results with those computed from 
previous measurements, it should be borne in mind 
that the properties of Armco iron depend on the crys- 
talline perfection of the sample. Thus the observed 
departures might be due to differences inthe samples 
used by the various workers. On the other hand, the 
measurements of C and/or k might be in error. In 
particular, in the measurements of Powell, large 
temperature gradients were used (8° to 100°), and it 
is possible that rapid variations in kx could have been 
averaged out. In the present experiment the maximum 
temperature gradient on the iron was only about 1°C 
per cm and fine temperature effects should be re- 
solvable. 

There is supporting evidence for the effects observ- 
ed in k near the Curie point. The electrical conduc- 
tivity at this temperature exhibits a sharp change in 
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slope® and one would expect a similar effect in the 
thermal conductivity, sinceitis primarily electronic. 
In fact the sharp change of slope in our curve for kK 
near the Curie point, shown in Fig. 2, is of the ex- 
rece magnitude (compare Powell’s Fig. 3 in Ref. 
3(b) ). 

On the other hand, the 7 pct decrease in x at the 
ato y transition, shown in Fig. 2, can be associated 
only with a decrease in the lattice contribution to the 
thermal conductivity, k,,, since there appears to be 
no discontinuity in the electrical conductivity at this 
temperature. This implies that x,, must contribute 
sizeably to the total thermal conductivity. There is 
some theoretical evidence for a change in the lattice 
thermal conductivity. Seitz’ noted that the ato y 
transition in iron requires that the y phase have a 
slightly lower Debye temperature than the @ phase. 
A decrease in the Debye temperature would result in 
a decrease in k,,. For example, if the phonon con- 
tribution to the total thermal conductivity is as large 
as 30 pct, a 10 pct decrease in the Debye tempera- 
ture is sufficient to account for the decrease obtained 
in K at the @toy transition® Such a large value of 
Kpn would appear to be in contradiction with the fact 
that its value near 910°C, calculated from the Wiede- 
mann-Franz ratio is only of the order of 5 pct of the 
total thermal conductivity.* It is questionable’ how- 
ever, whether the numerical value of the Wiedemann- 
Franz ratio, corresponding to degenerate metals, 
can be applied to transition metals at high tempera- 
tures. 

In conclusion it should be stressed that the results 
for x, unlike those obtained for the diffusivity, de- 
pend on the choice of specific heat data, and must 
therefore be considered tentative. 
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Intragranular Precipitation of Intermetallic 


Compounds in Complex Austenitic Alloys 


Seven austenitic alloys of various base compositions and 
minor-alloy additions were solution-treated, aged systematically 
between 1200° and 1800°F, and examined by X-ray and electron 
metallography. Intragranular precipitations of wu, Laves, a, y’', 
Ni,Ti, and x phases were observed as a function of composition 
and aging time and temperature. Phase solubility limits were 


determined within 100F° intervals. These intermetallic compounds 
fall into two distinct general classes, and whichever class pre- 


dominates depends on base composition. 


It has become increasingly evident that multicom- 
ponent austenitic alloys are well characterized by 
their precipitation processes. Since certain groups 
of elements act as one, the relationships among 
these processes are reasonably simple; complete 
identification of such processes is usually attainable 
by a systematic aging study with a combination of 
techniques centered on microscopy and diffraction. 
Several nickel- and cobalt-base alloys illustrating 
cellular precipitation and its interaction with general 
precipitation were reported previously.’ The group 
of alloys covered in the present paper demonstrates 
precipitation-hardening reactions involving two 
distinct classes of intermetallic compounds where 
the predominating class appears to depend on base 
composition. This dependency ties in with a crystal- 
chemistry regularity first observed some twenty 
years ago by Laves and Wallbaum but never ampli- 
fied to our knowledge. 

Results of electron-microscope and X-ray dif- 
fraction studies on systematically aged hot-rolled 
alloys known commercially as S-816, S-590, René-41, 
Incoloy-901, M-308, and M-647 are reported here. 
Some of these alloys have previously undergone 
minor-phase analyses by other investigators. Alloy 

-816 was investigated by Rosenbaum,“ Lane and 
Grant,* and Weeton and Signorelli Rosenbaum found 
only CbC in hot-rolled bars. Lane and Grant found 
CbC and a small amount of M,C in the cast structure 
and stated that both carbides form during aging, most 
of the precipitation being CbC. Weeton and Signorelli 
found CbC, M,,C, and a weak indication of o phase 
after a slow step-down cooling cycle from 2250°F. 
Rosenbaum also investigated hot-rolled samples of 
S-590 and identified CbC and M,C. Preliminary in- 
formation on René-41, gained partly from the present 
work, was reported by Morris.” Long-time precipi- 
tation phenomena in Incoloy-901 at 1350° F were in- 
vestigated by Clark and Iwanski.® Their raw data re- 
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semble those of our present heat with 0.1 pct B, while 
their interpretation of these data resembles our in- 
terpretation of data from another heat with only 0.001 
pct B; they made no statement as to boron content. 
No previous minor-phase studies of alloys M-308 or 
M-647 have been reported. 


EXPERIMENTAL METHODS 


Table I gives alloy compositions in both weight and 
atomic percent. Specimens were solution-treated 
from 1700° to 2200°F, aged at logarithmic-time inter- 
vals up to 1000 hours between 1200 and 1800 F, and 
examined in accordance with procedures previously 
described in detail.’’’”® 

Phase extractions were carried out in electrolytic 
cells containing 800 ml of either 7 pct HCl in dena- 
tured ethanol or 20 pct H,;PO, in water. After elec- 
trolysis for 48 hr at 0.1 to 0.2 amp per sq inch, resi- 
dues were separated by filtration or centrifuging. 
X-ray powder patterns of residues were recorded on 
a diffractometer for accuracy and on film for sensi- 
tivity. Lattice parameters were calculated by least- 
squares analyses of indexed sin’ 6 values, and relative 
abundances were estimated from intensities of strong- 
est lines of each phase. These phase abundances 
denote relative amounts with respect to each other 
rather than to the alloy. 

Mechanically polished specimens were etched in a 
freshly mixed solution of 92 pct HCl, 5 pct H,SO,, 
and 3 pct HNO;. Parlodion replicas for the electron 
microscope were chromium-shadowed in high vacuum 
at a glancing angle of 20deg. All electron micrographs 
are reproduced here with the shadowing source above. 
The correspondence between electron microstructures 
and phases identified by X-rays was established by a 
high redundancy of correlation between relative 
amounts at different stages of aging and examination 
above and below critical transformation or solubility 
temperatures. 


EXPERIMENTAL RESULTS 


S-816 and S-590—The phases found in S-816 and 
S-590 after various aging and solutioning treatments 
are listed in Table II. These data and the observed 
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Table 1. Composition of Alloys Investigated 


Alloy Content 


Type Percent 3: N Al Ti Fe Ni Co Cr Mo W Si Mn Zr Cb Ta |x S B 
S-816* weight 0.38 0.02 = - 4.46 19.39 41.96 19.81 3.97 3.87 0.56 1.22 -—- 3.95 0.38 0.02 0.02 - 
atomic 1.88 0.09 - ~ 4.74 19.59 42.22 22.59 2.45 1.25 1.18 132 —- 2.52 0.13 0.03 0.03 - 
S-590* weight 0.41 0.07 ~ 23.75 19.91 20.97 20.36 4.20 4.43 0.63 1.29 - 4.02 - 0.02 0.61 
atomic 2.00 0.27 24.89 19.86 20.82 22.91 2.56 1.41 1.31 1.37 - 2.53 0.04 0.02 
René-41t weight 0.09 1.63 3.21 <0.3 54.75 11.22 18.88 9.79 0.10 <0.04 —- 
atomic 0.43 - 3.49 3.87 - 53.92 10.99 20.95 5.89 0.21 - - ~ - - 
High Boron weight 0.04 0.005 0.19 2.42 34.99 42.87 - 12.62 6.10 —- 0.21 049 - = ~ ~ 0.007 0.1 
Incoloy-901+ atomic 0.19 0.021 0.40 2.89 35.78 41.72 - 13.86 3.63 —- 0.43 051 - - = - 0.013 0.5 
Low-Boron weight 0.04 - 0.18 2.40 33.09 41.81 0.37 13.11 6.12 - 0.54 #150 —- - ~ - 0.007 0.001 
Incoloy-901t atomic 0.20 - 0.38 2.88 34.10 41.00 0.36 14.51 367 - 0.013 0.005 
M-308t weight 0.05 0.01 0.33 1.80 42.43 32.80 - 13.10 3.30 6.00 0.18 
atomic 0.25 0.04 0.72 2.22 44.84 32.99 14.87 2.03 1.93 - ~ 
M-647+ weight 0.04 0.01 0.56 2.70 51.32 23.80 15.80 560 0.17) - - - 
atomic 0.19 0.04 1.17 3.19 51.93 22.92 17.17 3.30 ~ 0.11 - 


*Air melted and forged into ’;-in. bar stock. 
tVacuum melted and forged into *4-in. bar stock. 


microstructures show that CbC is thermally inert or 
only slightly soluble up to at least 2200°F; it does 
not precipitate to a detectable extent during aging. 
M,C and Laves phase are the principal aging precipi- 
tates with solubility limits at higher temperatures 

in S-590. Both alloys had small amounts of an ad- 
ditional phase at 1600° to 1800°F evidenced by extra 
X-ray reflections, which, although consistent with 0 
phase, could not be positively identified in the pres- 
ence of the other phases; a similar effect was previ- 
ously noted in N-155.” All aging was preceded by a 
2100°F treatment, which completely dissolves M,C 
in S-816 and Laves phase in both alloys. 

Holding S-816 for 1000 hr at 1200°F produces a 
grain-boundary film which presumably is the early 
formation of a carbide; this increasingly coalesces 
at higher temperatures to globular M¢C particles as 
shown in Fig. 1(a). The same electron micrograph 
shows additional M,C that nucleated at the interface 
of a massive CbC particle, and some oriented Laves- 
phase plates. Here visual phase identification was 
achieved by examining microstructures at progres- 
sively increasing aging temperatures where first 
Laves phase and then M,C disappeared from the X- 
ray data, Table II. There was further correlation 
with respect to aging time. 

Microstructures in S-590 specimens are similar 
except that there is more abundant precipitation with- 
in the grains as evidenced by Fig. 1(b). Laves phase 
goes into solution at around 1950°F, and some M,C 


for reproduction. 
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Fig. 1—S-816 (a) and S-590 (6) solution- 
treated 8 hr at 2100°F and aged 1000 hr 
at 1400°F. Massive CbC particles, MgC 
at grain and interphase boundaries, and 
plates of Laves phase exist in both speci- 
mens but in greatly different amounts. 
X10,000. Reduced approximately 51 pct 


still remains at 2200°F. S-816 and S-590 illustrate 
the effect of base composition on amounts and solu- 
bility limits of thermally responsive phases. From 
Table I, one can note that S-590 differs from S-816 
mainly by a shift in base composition from cobalt 
toward iron with a resulting increase in precipitation 
tendencies. 

René-41—Table II also lists the X-ray data for 
René-41, whose composition is essentially that of 
M-252 with higher titanium and aluminum concentra- 
tions. The solubility limit of u* phase lies between 


*(Fe, Co), (Mo, W), was designated ‘‘mu’’ by P. A. Beck and his co- 
workers.” This phase is also called ‘‘epsilon,’’ after Takei and Mura- 
kami.’ 


1700° and 1800°F, that of y’ is between 1900° and 
1950°F while that of M,C is around 2150°F. All aging 
was carried out after water quenching from 2150°F. 
The lattice parameters of M,C and M23C, are greater 
than those found in M-252. The y’ lattice parameter 
is about 0.2 pct smaller than that of the matrix. Line- 
al analysis showed that aging for 1000 hr at 1600°F 
produces 26 pct y’ by volume. The same analysis 
indicated a greater volume of grain-boundary phases 
(3 pet) than p-phase particles (2.5 pct) with this aging 
treatment. An extraction replica was obtained of an 
early stage of grain-boundary precipitation that was 
identified as M,C, by electron diffraction. X-ray 
data at late stages of aging, Table II, show that more 
u phase is present than M,,C., and so some of the 


VOLUME 221, FESRUARY 1961-29 


“4 
ES 
- 
4a 
Cane 
Ti 
Z 
34 
a. 
ay 
waa 
it 


Aq patjuapt sem suawtoeds ay} wor jou sem A suawtoads pase ay) Woy Ajayeredas pue 
*suawtoads asay} ut aseyd saae’] 10} st Butuapeoiq Aei-x 
*paljtjuapt aq yorym ystxa Aew aseyd yeuorjtppe ue ‘4 IV4 
*pautwiajap jou— pu ‘wnipau—w ‘uepunqe — ey 


(91qn9) 
- BA BAA pu pu BAA T6S°E BAA BA 06S"E ew Z6S"€ pu 444 
ILTE'S (euodexay) 
- - - pu pu JAA ‘y60°S qAA pu 44 
w 19°SZ w w 19°SZ 
- - - - pu pu ‘LSL'b - pu nw 
- PAA pu pu ® OOTIT w £60°IT $44 OOTTT pu 
(21qn9) 
iW Zep Iw JA JA pu pu ® pu ONL Tb-puadi 
W W ww LSL°L 1 IW ppl L ew (Teuosexay) 
(21qn9) 
(a1qno) 
(21qno) 
O0TZ 0002 0061 008T OOLT 008T OOLT 009T OOST OOET 00ZT dy 
8 8 8 8 8 o€ Ore 000T 000T IH ‘awry 


UOT}IPUOD Woy se pajyeary 


TRANSACTIONS OF 


THE METALLURGICAL SOCIETY OF AIME 


30-VOLUME 221, FEBRUARY 1961 


originally precipitating M.3;C, at grain boundaries 


must have slowly transformed to M,C. The formation 


of » phase as irregular Widmanstatten plates occurs 
with the overaging of y’ at 1500°F and above. All 
electron micrographs showed the typical general 
precipitation, coarsening and eventual solutioning of 
spherical y’ with increasing temperature;’ the y’ 


changed from random fine spheroids at lower temper- 


atures to aligned medium cubospheroids at 1800°F 
and revert to random coarse spheroids above this 
temperature. 

The disappearance of TiC above 1500°F occurs 
with the growth of y’ and MeC. When y’ and MeC 
begin solutioning at higher temperatures, there is a 
reversal to increasing TiC until it predominates at 
2150° to 2200°F. Fig. 2 shows a disrupted region 
where a large former TiC particle is disintegrating 
into a local ‘‘matrix’’ of y’. This y’ ‘‘matrix’’ ina 
local concentration of titanium is somewhat clarified 
by a previous investigation ofa nickel-titanium alloy” 
wherein precipitation of metastable cubic y’-Nis;Ti 
phase precedes the formation of hexagonal NisTi. 

-High-and Low-Boron Incoloy-901—These two heats 
contain boron in concentrations above and below its 
solubility limit. The alloy with 0.1 pct B contains a 
boride with a ternary-type structure described else- 
where.’ Its spectrochemically determined composi- 
tion in atomic percent is: 


Fig. 2—René-41 solution-treated 8 hr at 2150°F and aged 
1000 hr at 1600°F. Central region appears to be where 
former TiC decayed into y’ and MgC. The plates are yu 
phase. X10,000. Reduced approximately 66 pct for repro- 
duction. 


Mo Al Cr Fe Ni Si 
20.2 11.8 4.4 11.8 7.8 4.2 0.2 39.6 


This M;B, boride structure, which is isomorphous 
with U,Si2, has also been found in several other 

In high-boron Incoloy-901, M3Bz is stable up to 
2200°F, but it was solutioned in a specimen quenched 
from 2400°F after 8hr in a dry hydrogen atmosphere. 
Specimens aged for 1000 hr, Table III, contain y’ 
from 1300° to 1500°F and pu phase from 1400° to 


Table Ill. Phases Identified in High- and Low-Boron Incoloy-901, M-308, and M-647 after Various Aging Treatments 


Solution-Treated 8 Hr at 2100°F, water-quenched, and aged as indicated 


Time, Hr 1000 1000 1000 1000 1000 340 80 
Temp., ° 1200 1300 1400 1500 1600 1700 1800 
Alloy Phase Lattice Parameters (A) and Relative Abundances* 
High-Boron Tic r 4.327 m m r 4.31 r 4.252 r 4.333 r 
Incoloy-901 (cubic) 
M,B, 5.792, 5.790, 5.800, 5.835, 5.799, 5.788, 5.794, 
(tetragonal) 3.147 m 3.137 m 3.128 m 3.134 m 3.133 m 3.135 m 3.142 m 
mu - - 4.758,t 4.791, 4.757, 4.759, - 
(trigonal) 25.768 mr 25.895 m 25.699 ma 25.709 vr - 
- mt at mrt - 
(cubic) 
Low-Boron Tie 4.328 a 4.321a vr vr vr 4.324 mr 4.328 a 
Incoloy-901 (cubic) 
TiN 4.266 m 4.25 ma vr vr vr 4.25 r 4.25 r 
(cubic) 
Laves Phase - 4.748, 4.758, 4.755, 4.757 4.753, - 
(hexagonal) 7.749 a 7.741 a 7.748 m 7.738 ma 7.734 a 
Ni,Ti - - 5.124, 5.122, 5.382, - - 
(hexagonal) 8.349 a 8.327 a 8.328 a 
- mt at - 
(cubic) 
M-308 mu - mt at at 4.767 nd nd 
(trigonal) 25.797 a 
y - - mat mt rt nd nd 
(cubic) 
TiN r r r r r nd nd 
(cubic) 
M-647 sigma - 8.895, 8.872 vr - nd nd 
(tetragonal) 4.617 a 4.592 r 
chi - 8.936 a 8.913 a 8.908 a 8.91la nd nd 
(cubic) 
- mat nd nd 
(cubic) 


*a—abundant, m—medium, r—rare, nd—not determined 
tSelective line broadening indicates thin basal-plane plates of mu phase. 
ty’ was identified by microstructure alone. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VOLUME 221, FEBRUARY 1961-31 


A 
| 
td 
te 


1700°F. The X-ray peaks for pu phase at 1400°F were 
broad except those due to the prism planes, which 
implies that the particles are thin platelets parallel 
to basal planes; these oriented platelets are shown 
together with a fine dispersion of y’ in Fig. 3(a). The 
deep etch pits are probably caused by boron segre- 
gation to grain boundaries and other lattice incoher- 
encies. At 1600°F y’ dissolves, leaving larger 
plates of u phase and etch pits as remaining features, 
Fig. 3(d). 

Table III also lists X-ray results for Incoloy-901 
containing only 0.001 pct B. In addition to thermally 
inert TiC and TiN, Laves phase is present from 1300° 
to 1700°F, y’ from 1300° to 1400°F, and NisTi from 
1400° to 1600°F. Electrolytic residues that contained 
Ni,Ti gave unclear X-ray patterns for Laves phase; 
however, after Ni,Ti was selectively leached from 
residues by chemical means, positive X-ray identi- 
fication of the Laves phase was then obtained. Fig. 
4(a) shows plates of Laves phase near grain bounda- 
ries and finely dispersed y’ at 1300°F. Some parti- 
cles are aligned along octahedral planes prior to the 
formation of NisTi platelets. At 1400°F, some NisTi 
platelets are formed parallel to rows of y’, Fig. 4(d). 
The etch pits are absent in this low-boron heat. 

There is no evidence of carbide precipitation or 
TiC dissolution during the aging of Incoloy-901. A 
sufficient boron addition to Incoloy-901 produces a 
refractory boride phase rich in molybdenum, titanium, 
and chromium, and a segregation, at moderate aging 
temperatures, revealed as etch pitting in electron 
micrographs. First y’ and then Widmanstatten plates 
of u phase precipitate on aging. At low boron concen- 
trations, Laves phase appears instead of yu phase, y’ 
transforms to Ni3Ti, and there is no etch pitting. The 
electron micrographs of Clark and Iwanski° show 
etch pits of the same form as were found in our high- 


for reproduction. 
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Fig. 3—High-boron Incoloy-901 solution- 
treated 8 hr at 2100°F and aged 1000 hr 
at 1400°F (a) and 1600°F (0), showing 
thin » plates and deep etch pits at grain 
boundaries and lattice defects. Dispersed 
y’ particles are present at 1400°F and 
disappear at 1600°F. X10,000. Reduced 
approximately 51 pct for reproduction. 


Fig. 4—Low-boron Incoloy-901 solution- SS aN 
treated 8 hr at 2100°F and aged 1000 hr Ya Yi 

at 1300°F (a) and 1400°F (b), showing 
dispersed y’ particles and plates of 
Laves phase along grain boundaries. 
Coalescence of y’ and its transformation 
to Ni;Ti platelets is shown in (b). 
X10,000. Reduced approximately 51 pct 


boron Incoloy-901, and their X-ray diffraction data 
indicate the presence of M3B,. 

M-308 and M-647—Both of these alloys are initially 
hardened by general precipitation of y’. This phase 
is metastable since it dissolves after extensive aging 
produces the more stable intermetallic compounds 
identified in Table III. A continuous grain-boundary 
film forms at 1200°F, but it was not identified by 
X-rays owing to preferential electrolytic attack of 
this film. M-308 at high aging temperatures contains 
ut phase, whose X-ray data are clear enough for lat- 
tice parameter calculations only after aging at 1600" 
F. Fig. 5(a) shows the fine, general dispersion of a 
and elongated u particles at 1400°F. Fig. 5(b) shows 
that y’ has dissolved with the continued growth of 
somewhat irregular Widmanstatten plates of y at 
1600°F. 

In the M-647 specimen aged at 1200°F there also 
was grain-boundary segregation that impaired the 
electrolytic-extraction process. Aging at higher 
temperatures produces Widmanstatten plates of o up 
to around 1500°F and massive, angular y phase up to 
an unknown temperature above 1600°F. In Fig. 6(a), 
a fine dispersion of y’ is just visible among o plates 
at 1200°F. At 1400°F (not shown), the particles re- 
semble those in M-308, Fig. 5(a), and at 1500°F they 
disappear as shown in Fig. 6(b), leaving blocky x 
phase among plates of o.* M-647 aged at 1600°F 


*Here again the correlation of relative amounts at various tempera- 
tures made it possible to identify the plates as o and the massive 


blocks as y phase. 


consisted of matrix and y phase only. The x phase 
was electrolytically isolated for chemical analysis, 
which indicated the unit-cell formula, Fez7NisCris 
(Mos.5Tig.5). The molybdenum and titanium atoms 
thus add up to 10 per unit cell, which is the number 
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of positions having a close-packed environment of 
coordination number 16 that is topologically equiva- 
lent to the larger atoms of Laves phase structures.*° 


DISCUSSION 


Having reported the precipitation processes in 
seven complex alloys, we now refer to early work on 
binary systems, the results of which are pertinent to 
this discussion. About twenty years ago, Laves and 
Wallbaum’””® investigated binary alloys of transition 
metals consisting of binary combinations of the A- 
with the B-group of metals in the chart below. The 
A-atoms are somewhat larger than the B-atoms. 

IVg Vg Vig VIII Ip Illy 
A-group—>|Ti V Mn Fe Co|Ni Cu Zn Ga; <—8-group 


Zr Cb} Mo; Tc] Ru Rh| Pd Ag|Cd In 
Hf Ta] W Re|Os Ir | Pt Au] Hg TI 


They observed a consistent change in crystal chemis- 
try for the B-rich intermetallic phases as the B-mem- 
ber passes to the right from cobalt and its homolog- 
ues to nickel and its homologues; 7.e., there is a 
distinct difference in crystal chemistry on either side 
of the dividing line shown in the chart. B-elements 

to the left of this line combine with A-elements to 
form the complicated structures of Laves (AB,) or 0 
phase (unstoichiometric); adding molybdenum and 
tungsten to the A-group introduces p phase (A,B,) as 
well as more examples of Laves and 0 phases. B- 
elements to the right of the line form ordered, close- 
packed structures of the formula ABs, y’ phase and 
Ni3Ti being examples from the present work. Vari- 
ations of these latter structures with respect to 
stacking sequence and ordering scheme have recently 
been described by Saito, Dwight, and Beck.’’~*’ Data 


at both temperatures; there are some 
Lorin, y’ particles at 1200°F and massive 
blocks of at 1500°F. X10,000. Reduced 
approximately 51 pct for reproduction. 
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Fig. 5—M-308 solution-treated 8 hr at 
2100°F and aged 1000 hr at 1400°F (a) 
and 1600°F (b). Fine y’ particles are 
present at 1400°F and disappear at 
1600°F. The irregular plates are yu 
phase. X10,000. Reduced approximately 
51 pet for reproduction. 


Fig. 6—M-647 solution-treated 8 hr at 
2100°F and aged 1000 hr at 1200°F (a) 
and 1500°F (4). Sigma plates are present 


accumulated since Wallbaum’s short summary” have 
generally confirmed this effect, although there are 
indications that the dividing line should be moved to 
the left to bisect the cobalt group, as several exam- 
ples of ordered AB; cobalt compounds are known’’””~*° 
as well as Laves, 0 and yu phases of cobalt. 

Frank and Kasper” have shown that several struc- 
turally complicated intermediate phases of transition 
metals tend to minimize open space between atoms 
by containing only tetrahedral interstices, the small- 
est possible interstice between spheres of moderate 
size difference, and proved that first-shell coordina- 
tions of atoms in such structures must consist of the 
four Kasper polyhedra.”® All of the atoms in i, Laves, 
and o structures have coordinations of Kasper poly- 
hedra; 59 pct of the atoms in y phase, 50 pct of the 
metal atoms in M,C, and 9 pct of those in M2;C, also 
have these polyhedra. Ordered close-packed AB3 
structures on the other hand have no Kasper polyhedra; 
these structures have octahedral holes as well as 
tetrahedral holes, which allows higher symmetry and 
small unit cells containing few atoms. Therefore, the 
Laves-Wallbaum dividing line apparently separates 
B members that seek minimum interstitial space 
from those that seek high symmetry. 

Among the complex austenitic alloys investigated 
here, the ‘‘Laves-Wallbaum effect’’ appears to deter- 
mine what kind of intermetallic compound dominates 
the aging process. Assuming little change with chro- 
mium and minor alloy content between the limits 
given in Table I, it is possible to plot a ternary Fe- 
Co-Ni diagram showing the various base compositions 
considered, Fig. 7. As one goes from a nickel-poor 
to a nickel-rich base, one can note in Tables II and 
III a corresponding shift in emphasis in precipitates 
from complicated structures containing Kasper poly- 
hedra to ordered, simple close-packed AB;-type 
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Fig. 7—Fe-Ni-Co base compositions in atomic percent 
assuming little change with about 20 pct Cr and other 
minor alloy elements. Subsequent experimental heats are 
represented by black dots. 


phases in terms of stability and thermal-solubility 
limits. 

Evidence of more Statistical significance has re- 
cently been obtained”’ on the variation of structure 
type with base composition. Sixty alloys were pre- 
pared with the base-composition distribution shown 
in Fig. 7 where each black dot represents six or 
twelve heats of slightly differing minor alloy contents. 
The relative numbers of each base composition con- 
taining aging precipitates of the simple ordered close- 
packed type or the complex topological kind of close 
packing described by Frank and Kasper were distrib- 
uted as follows: 


Aging Precipitate 


Base Ordered AB; Structures wu, Laves, o,or x 
Fe 6 pct 83 pct 
Fe-Ni-Co 33 pet 67 pct 
Ni 56 pct 22 pet 
Co 8 pct 0 pet 


All alloys had 20 at. pct Cr with the exception that 
half of the twelve Fe-Co-Ni base alloys had only 10 at. 
pct Cr; omission of these does not affect the figures 
significantly. These figures also support the inference 
gained from alloys S-816 and S-590 that a cobalt base 
has a high solution capacity for intermetallic phases 
in comparison with an iron or a nickel base. For 
this reason the Fe-Co-Ni base rather than the Co 
base is listed above as the intermediate between the 
Fe- and Ni-base alloys. 

We believe that the correlation is useful for inter- 
preting the evolution of aging structures. For exam- 
ple, in René-41 the nickel-base matrix is favorable 
for y’ and unfavorable for u-phase precipitation in 
the as-quenched condition. After copious y’-precipi- 
tation has occurred on aging, the resulting depletion 
of nickel in what remains of the matrix leaves it 
relatively concentrated in cobalt; by the foremention- 
ed effect, the matrix is now, more favorable for pre- 
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cipitation of a structure with Kasper polyhedra. This 
does in fact occur in the form of yu phase; the neces- 
sary matrix change automatically assures a proper 
delay for further strengthening from this Widman- 
statten precipitation. 

The tendency for complicated structures to have 
Widmanstatten form is probably due to the kagomé 
layers” of B-atoms on basal planes, since they are 
a basis for coherency with the close-packed planes 
of the matrix. Mu and Laves phases have undistorted 
kagomé: layers of B-atoms; in moderate amounts, 
they occur as Widmanstatten plates. Sigma, which 
often appears as Widmanstatten plates, has a modifi- 
cation, ‘‘kagomé tiling’’, that is slightly sheared to 
conform with tetragonal symmetry.*° The coherency 
strain for Laves and yu phases would consist of simple 
dilation, while that of 0 would have a mild shear as 
well. Overalloying with A-elements would promote 
early coalescense and consequent incoherence; the 
intragranular Widmanstatten form would be replaced 
by a massive blocky, probably intergranular, form. 


CONC LUSIONS 


1) The principal phases which precipitate during 
the aging of S-816 and S-590 are M,C and Laves 
phase, while thermally inert CbC is always present. 
The higher cobalt content of S-816 increases the 
solutioning capacity for M,C and Laves phase. 

2) The high aluminum and titanium content of Rene- 
41 results in a high solutioning temperature for y’ 
The y’-precipitation predominates at early stages, 
and late precipitation of 1 phase occurs in Widman- 
statten form. M2;C, precipitates at grain boundaries 
and later transforms to M,C, while TiC dissolves to 
generate more y’ and M,C. 

3) High-boron Incoloy-901 contains a refractory 
boride, M;B,; precipitation of y’, u phase, and a 
characteristic etch-pitting occur on aging. No etch- 
pitting is observed in low-boron Incoloy-901; y’, 
Ni,Ti and Laves phases form on aging, the Ni3Ti by 
transformation from y’. 

4) Both M-308 and M-647 are precipitation-hard- 
ened in the early stages of aging by metastable y’, 
which redissolves when y phase appears in M-308 
and o and x phases appear in M-647. 

5) There is a correlation between matrix compo- 
sition and the tendency to precipitate simple ordered, 
close-packed structures on one hand and complicated 
intermetallic structures on the other. This effect is 
related to a crystal-chemistry phenomenon first 
reported by Laves and Wallbaum. 
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The deformation and fracture characteristics of lithium- 
fluoride single crystals stressed in compression at room tempera- 
ture have been studied. In as-cleaved specimens the stress-strain 
curves were variable; two types of {110} fractures were observed 
in the vicinity of kink bands. The stress-strain curves of annealed 
crystals were reproducible; {100} cracks formed which propagated 
along the {100} and {110} planes. The deformation and fracture 
characteristics were affected by quenching and X-ray irradiation. 


W. L. Phillips, Jr. 


Srupy of the mechanical behavior of nonmetallic 
materials has received considerable impetus in 
recent years because of the need to overcome the 
problem of brittleness before the refractory prop- 
erties of nonmetallics can be fully exploited. Ionic 
crystals provide a convenient and simplified start- 
ing point from which to study the deformation and 
fracture processes in nonmetallic materials. 

Early investigations of the mechanical behavior 
of non-metals were restricted largely to determina- 
tions of the crystallographic indices of the cleavage 
and fracture planes and the glide and twinning ele- 
ments. Until recently, only occasional systematic 
studies of the deformation characteristics of non- 
metals have been made; and investigations of the 
forces necessary to initiate plastic deformation 
and the factors which affect the flow characteristics 
have been restricted largely to studies of sodium 


chloride’ , magnesium oxide®~** and lithium fluor- 


ide.“ 
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Fracture studies on alkali halide and metal oxide 
single crystals have been limited despite the fact 
that these materials have a number of advantages 
for fracture studies. Because they are transparent, 
the cracks which form can be viewed in three di- 
mensions instead of in two dimensions as in metals. 
Also, they exhibit stress birefringence under polar- 
ized illumination, which enables the internal stress 
pattern and, therefore, the distribution of disloca- 
tions to be examined in the vicinity of the fracture. 

Early workers’ * have shown that ionic crystals 
with a cubic structure fracture in tension along the 
{100} plane normal to the applied stress. These 
fractures were brittle at room temperature and 
propagated very rapidly across the cross section 
of the crystal. More recently, Stokes, Johnston, and 
Li’® have studied crack formation in compressed 
magnesium-oxide single crystals. They found that 
the cracks, which were observed after about 3 pct 
strain, formed in the region of a kink band and lay on 
conjugate {110} slip planes instead of the usual {100} 
cleavage plane. Two different types of cracks were 
noted: Stroh** and secondary. The Stroh cracks did 
not exist merely on the surface but extended through 
the specimen in the form of tiny slits. A secondary 
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Fig. 1—Stress-strain curves of as-cleaved lithium-fluoride 
single crystals. The X’s indicate the fracture stress. 


crack was observed, on the other hand, which was 
tapered and stopped within 20 yu of the surface. Gil- 
man et al." have extensively investigated the nu- 
cleation of dislocations by cracks and the creation 
of cleavage steps by dislocations interacting with 
cleavage cracks in lithium fluoride. 

Lithium fluoride was chosen for the present study 
for three reasons: First, single crystals are readily 
available; second, since lithium fluoride melts at 
870°C, the effect of temperature up to the melting 
point on the stress-strain behavior can be studied 
with relative ease; and, third, the etch-pit method of 
revealing dislocations has been more fully investi- 
gated and is more reliable for this material than for 
any 

This paper reports the results of compression 
tests on single crystals of lithium fluoride for the 
purpose of determining the effect of annealing, 
quenching and X-ray irradiation on the stress-strain 
characteristics and fracture processes. 


EXPERIMENTAL PROCEDURE 


Large lithium-fluoride crystals were purchased 
from the Harshaw Chemical Co. Samples measuring 
approximately 0.10 in. by 0.10 in. by 0.30 in. were 
cleaved from the bulk crystals. All the specimens 
used in this investigation were cut from the same 
crystal. The bulk crystal contained a number of 
small angle boundaries; otherwise no flaws were 
observable with the microscope up to X500. 

As will be described later, it was found in agree- 
ment with Gilman, Johnston, and Sears?** that re- 
producible results could be obtained only for speci- 
mens which were first annealed at 800°C for 24 hr 
and rapidly cooled before testing. Therefore, except 
for the as-cleaved samples, all specimens were 
given this treatment. 

Tests were carried out in compression because in 
this type of test there is no grip problem. Ionic 
crystals, because of their brittle nature, cannot be 
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gripped by ordinary methods in tension. Also, be- 
cause lithium fluoride cleaves on the {100} plane, it 
is easy to prepare rectangular samples with parallel 
ends, which is an ideal shape for a compression test. 

The deformation was carried out in an Instron 
tensile machine. A compression rig was adapted to 
this machine. The driving rod and base plate were 
made of hardened AISI-1040 steel; the remainder of 
the fixture was of stainless steel. Specimens were 
loaded at the rate of 0.02 in. per min cross-head 
speed unless otherwise stated. Because the strains 
before fracture were small, it was not felt necessary 
to lubricate the ends of the specimen. All fractures 
occurred in the center section away from the com- 
pression plates. 

The dislocation density in the crystals was meas- 
ured by counting the pits produced after etching in 
CP-4 (120 cc concentrated HF, 200 cc concentrated 
HNO,, 2 cc Br, and 100 cc glacial acetic acid) and 
iron powder.*® Stress birefringence patterns were 
obtained using transmitted polarized light and a 
low-power microscope. It has been shown previously 
by Kear and Pratt,° and has been verified by the 
present author, that the patterns of etch pits pre- 
cisely match the stress lines; and it is reasonable 
to infer that the stress lines delineate rows of dis- 
locations. 

The down-quenching treatment consisted of an- 
nealing the crystals at an elevated temperature for 
4 hr, followed by an air or water quench to room 
temperature; up-quenching consisted of slowly cool- 
ing crystals to low temperatures and then, after 2 hr, 
air quenching to room temperature. 

Several specimens were X-rayed for the same 
time interval on each of the four rectangular faces. 
Crystals were X-rayed for 1/2, 2, 10, and 20 min 
prior to testing. The samples were placed ina 
frame at a reproducible distance: 1/4 in. from the 
window of an X-ray tube with a copper target oper- 
ated at 30 kv. and 12 ma. The two longest exposure 
times produced noticeable color change in the crys- 
tals. 


EXPERIMENTAL RESULTS 


a) As-Cleaved Specimens—Stress-strain curves 
are given in Fig. 1 for several crystals tested with- 
out any annealing treatment after cleavage (other 
than aging for 2 days at room temperature). In all 
the stress-strain curves the shear stress is resolved 
onto the (110) plane in the [110] direction. The large 
scatter in the stress-strain curves for as-cleaved 
crystals would make it difficult to evaluate the effect 
of other treatments on the stress-strain character- 
istics of lithium fluoride. Specimens were annealed 
24 hr at 400, 600, and 800°C and then cooled to room 
temperature at approximately 50°C per hr prior to 
testing. As the annealing temperature was increased, 
the resolved shear stress and the rate of work-hard- 
ening, as well as the variability between specimens, 
decreased. The effect of annealing temperature is 
summarized in Fig. 2. The critical resolved shear 
stress decreased linearly from a mean value of 1050 
psi in the as-cleaved crystals to 550 psi in crystals 
annealed at 800°C, Fig. 2(a); the initial rate of work- 
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Fig. 2—Influence of annealing temperature on (a) the cri- 
tical resolved shear stress and (b) the initial rate of work- 


hardening. 
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hardening decreased linearly from 40,000 psi in 
cleaved crystals to 12,500 psi in crystals annealed at 
800°C, Fig. 2(b). The dislocation density was between 
10° and 10’ dislocations per sq cm for as-cleaved 
crystals and was reduced to 10° dislocations per sq 
cm after the 800°C anneal. 

The fracture stress of as-cleaved samples, as 
denoted by the first jog in the load-extension curves, 
varied from 2500 to 3500 psi, Fig. 1. (This jog was 
found to correspond with the appearance of the first 
macroscopic fracture.) The majority of the as- 
cleaved specimens showed kink bands. Figs. 3(@) and 
(b) are photographs taken with transmitted light and 
transmitted polarized light, respectively, of typical 
{110}-type fractures in a kinked sample. It is evident 
from the stress lines of Fig. 3(b) that the crystal 
was kinked about a {001} axis of rotation, with the 
plane of the kink parallel to the (110) plane. The long 
fracture [A in Figure 3(a)| lay parallel to the (110) 
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Fig. 3—{110} fractures in the vicinity of a kink band in as- 
cleaved crystals when viewed with (a) transmitted light 

and (b) transmitted polarized light. X300. Reduced approx- 
imately 42 pct for reproduction. 


plane and was situated for the most part within the 
kink band. Short-length cracks [denoted by the ar- 
rows in Figure 3(@)| parallel to the (110) plane were 
observed at the boundary of the kink band and within 
the kink band. At the right side of Fig. 3, a {100} 
cleavage fracture can be seen [B in Figure 3(a)]. 

b) Annealed Crystals— The stress-strain curves 
of the specimens annealed at 800°C prior to testing 
are shown in Fig. 4. In contrast to the curves for 
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Fig. 4—Stress-strain curve of crystals annealed at 800°C 
prior to testing. The X’s indicate the fracture stress of 


different crystals. 
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Fig. 5—Interior (100) and (110) fracture in an annealed 
crystal when viewed with (a) transmitted light, X300.(d) 
transmitted polarized light, X300.(c) transmitted light X 
X1200. (c) is of the circled area in (6). Compressive 
stress applied along the horizontal axis. Reduced approxi- 
mately 38 pct for reproduction. 


the as-cleaved crystals, there is little variability 
in the stress-strain curves of the different annealed 
specimens. The data points of seven different sam- 
ples fall within the dashed lines. Despite this agree- 
ment in stress-strain curves, the fracture stress 
varied from 2200 to 3200 psi, which corre: ponded 
to strains from 10 to 13 pet. 

Two types of fractures were observed: internal 
(which formed on the surface away from the edge 
of the sample and grew inward) and surface (which 
were restricted to the edges). The internal fractures 
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Fig. 6—Appearance of tears within (100) fractures in an 


annealed crystal, X1200. Reduced approximately 43 pct 
for reproduction. 


were the longest, sometimes running the entire 
length of the crystal, and were the only type which 
affected the load-extension curve. The surface 
fractures, which were often observed at small 
strains, rarely extended over a few hundredths 

of an inch into the crystal. 

Internal fractures will be considered first. These 
fractures generally formed near the center of the 
crystal. A typical example is shown in Fig. 5(a). The 
fracture shown at the left side of the picture was ob- 
served to initiate at the point A. This fracture then 
propagated parallel to the (100) plane for a distance, 
alternated between (100) and (110) fracture for a 
short region, joined with a second crack, and both 
propagated along (100) until, at the right of the pic- 
ture (110), fracture is again observed and the frac- 
ture ceases. A better understanding as to the origin 
and course of the fracture is obtained when the 
specimen is viewed under transmitted polarized 
light, Fig. 5(0). It is evident that the (100) fracture 
at the left of the picture was initiated at a region of 
high stress concentration. This (100) fracture was 
able to propagate through the region filled with fine 
stress bands, but when the fracture encountered a 
broad band, it propagated along the (110) plane. The 
second crack, which formed in the center of the 
crystal [B in Figure 5(a), showed the same char- 
acteristics. The fact that the fracture had difficulty 
in passing through the broad stress band is illus- 
trated in Fig. 5(c). It is apparent at high magnifica- 
tion that the crack alternated between (100) and (110) 
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Fig. 7—Interior (010) and (110) fracture. Compressive 
stress applied along the vertical axis, X1200. Reduced 
approximately 25 pct for reproduction. 


several times, rather than cleanly passing through 
the band. These internal fractures did not exist 
merely on the surface but continued through the 
specimen. 

When the fractures were examined along their 
course at high magnification, it was found that the 
width of the (100) fracture was not constant but con- 
tained a number of tears. Fig. 6 illustrates the two 
different types of tears which were observed. Fig. 


6(a) shows a tear in which the outline of the tear does 


not appear to follow a low-angle crystallographic 
plane; in Fig. 6(0) the outline is cubic. 
Fig. 7 illustrates a fracture which was observed 


to form along the (010) plane which lies normal to the 
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Fig. 9—Stress-birefringence pattern showing the plastic 
strain in the interior of a crystal air-cooled from 600°C, 
X500. Reduced approximately 43 pct for reproduction. 
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Fig. 8—Edge-type fractures in an annealed crystal lying 
parallel to et planes. Compressive stress applied 
along the horizontal axis, X1000. Reduced approximately 
16 pet for reproduction. 


applied stress. This type of fracture was more prone 
to propagate along (110) than were (100) fractures 
which formed parallel to the applied stress. The 
(010) cracks were observed to propagate along (110) 
as soon as they encountered a fine stress band. Bs 
Fig. 8 illustrates the two types of edge fractures A 
that were observed. These fractures extended only a 
short distance into the crystal, stopping within 1/100 
of an inch of the surface. These fractures lay for the 
most part parallel to a {110} plane. In the first type, 
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Fig. 10—(010) fracture in a crystal quenched in water 
from 800°C, X150. Reduced approximately 31 pct for re- 
production. 
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Fig. 11—Stress-strain curves of crystals quenched in air 
and water from the various temperatures indicated. 


illustrated by A in Figure 8, the crack arose from a 
clean area. These were the shortest of the edge-type 
fractures. On the other hand, the longer edge frac- 
tures arose from a severely fractured region, as il- 
lustrated by B in Fig. 8. Both types of edge fracture 
were only a few hundredths of an inch deep as op- 
posed to the {100} fractures, which extended through 
the entire sample. 

c) Quenched Specimens—A series of tests was 
performed in which samples were down-quenched 
from 200°, 400°, 600°, and 800°C, or up-quenched 
from ice-water, dry ice and acetone, and liquid- 
nitrogen temperatures into air or water prior to 
testing. As shown by Kear and Pratt® down-quench- 
ing results in tensile and compressive stresses in 
the core and the shell, respectively; up-quenching 
results in a reverse set of stresses. An example of 
the birefringence pattern in a crystal quenched in 
air from 600°C is shown in Fig. 9. Quenching from 
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Fig. 13—Stress-strain curves of crystals exposed to X-ray 
irradiation for the times indicated. 
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(100) 


Fig. 12—(100) fracture in a deformed crystal which had 
been air-quenched from 600°C prior to testing when viewed 
in transmitted polarized light, X500. Compressive stress 
applied along the horizontal axis. Reduced approximately 
25 pet for reproduction. 


600° and 800°C resulted in a rumpling of the surface, 
which was typical of a surface after deformation at 
high temperatures. A water quench from the same 
temperature produced a greater density of slip lines 
in both the shell and core zones, as well as a widen- 
ing of the shell. When samples were quenched from 
800°C in water, the specimens showed a linear core 
region, and the specimens fractured parallel to the 
(010) plane as shown in Fig. 10. 

The stress-strain curves of the quenched samples 
are shown in Fig. 11. The resolved shear stress and 
rate of work-hardening increase and the ductility de- 
creases as the temperature difference increases or 
the quench is more drastic. 

All specimens fractured parallel to the (100) plane. 
Fig. 12 shows the fracture in a sample which had 
been air-quenched from 600° prior to testing, when 
viewed with transmitted polarized light. It is evident 
that the fracture follows the boundary between the 
quenched-in shell and core zones. This type of (100) 
fracture was observed on all the quenched samples 
except those quenched from 200° and 0°C. In these 
latter samples fracture occurred in the interior and 
was Similar to that observed in annealed crystals. 

d) X-Rayed Specimens—In Fig. 13 are plotted the 
stress-strain curves of specimens which were 
X-rayed for 1/2, 2, 10, and 20 min prior to testing. 
The resolved shear stress and the initial rate of 
work-hardening increased while the ductility de- 
creased as a function of exposure time. For the 
longest exposure time the crystals fractured at vari- 
able stresses with almost no ductility (< 0.001). 

The specimens, instead of fracturing in one or two 
localized regions as do the annealed samples, frac- 
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Fig. 14— Fractures in a specimen X-rayed for 2 min prior 
to testing when viewed in (a) transmitted light and (db) 
transmitted polarized light. Compressive stress applied 
along the vertical axis, X300. Reduced approximately 27 
pet for reproduction. 


tured at many places at the stress indicated by the 
X’s in Fig. 13. Typical fractures in a specimen 
which has been exposed to irradiation for 2 min are 
shown in Fig. 14. All the cracks which are shown in 
this figure formed at approximately the same stress. 
X-rayed crystals were examined with transmitted 
polarized light, Fig. 14 (b). It is evident that the 
slip is not as uniform as in the annealed crystals. 
Also, the density of slip lines is higher for a given 
strain than for annealed crystals. The internal frac- 
tures in these samples are, however, similar to 
those in the annealed crystals in that they originated 
at regions of high stress concentration and propa- 
gated parallel to the (100) plane. Also, the surface 
cracks were parallel to the (110) plane and did not 
extend very far into the crystal. 


DISCUSSION OF RESULTS 
The effect of annealing on the stress-strain curves 
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Fig. 15—Appearance ‘ 


of etch pits inarea 
C (a) and area D 
of the sample shown 
in Fig. 5(6), X1000. 
mately 23 pct for 
reproduction. 
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of lithium fluoride has been extensively investigated 
by Gilman and Johnston.’”™ They have shown that the 
macroscopic flow properties are related to the mo- 
bilities of the individual dislocations. The effect of 
heat treatment, Fig. 2, is less severe in the present 
investigation than Gilman and Johnston’s because 
they used faster cooling rates. The high dislocation 
density for as-cleaved crystals 10°-10’ per sq cm 
used in this investigation is probably due to the fact 
that dislocations are introduced into the crystal dur- 
ing cleavage.*® It has been shown”’ that these dis- 
locations can be easily removed by annealing. 

Because stress lines are used extensively in the 
discussion it was advisable to determine if there was 
any correlation between stress lines and disloca- 
tions. It was found that the patterns of etch pits pre- 
cisely matched the stress lines. Similar results have 
been obtained by Kear and Pratt.® It was further 
demonstrated that the more intense the birefringence 
pattern the greater is the density of dislocations. The 
appearance of etch pits in area C, a bright area and 
in area Da less intense region are shown in Fig. 15. 
It is apparent from these micrographs that the dis- 
location density is greater in region C. It is evident 
from the above that stress lines serve as a good ap- 
proximation to not only the location but also the den- 
sity of dislocations. 

In the as-cleaved samples it has been shown that 
the initial fractures occurred in the region of a kink 
band. Two types of cracks were observed: One type 
was short in length and lay parallel to the (110) plane; 
the other type was longer, lay completely within the 
kink band, and lay parallel to the (110) plane. These 
cracks are thus similar to those observed in mag- 
nesium oxide by Johnston, Stokes, and Li.”° These 
authors attributed the short cracks to the coalescence 
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of edge dislocations piledup at the kink band, and 
hence called them Stroh cracks.** In the kink band, 
tensile stresses arise which aid the propagation of 
the Stroh crack and give rise to the longer (110) 
cracks, which they termed ‘‘secondary’’ cracks. 

It thus appears that, in both as-cleaved magnesium 
oxide and lithium fluoride, fracture can occur in the 
vicinity of kink bands by the formation of {110} 
cracks in the manner of Johnston e¢ al. Unlike the 
cracks of Johnston ef al. short length fractures 
parallel to (110) was also observed within the kink 
band. It is also evident from Fig. 3 that (100) frac- 
tures can occur within a kink band. It should be 
pointed out that the {100} fractures are the most 
common fractures in the as-cleaved crystals. This 
type of fracture will be discussed in connection with 
annealed crystals. 

It was found that kink bands formed extensively in 
unannealed crystals and formed much less exten- 
sively in annealed crystals. In both cases the speci- 
mens were the same size and were carefully aligned 
in the same test fixture. It therefore appears that 
kink-band formation is not caused by the grip con- 
straints but rather by internal imperfections in the 
crystals which can be removed by annealing. It was 
also found that the crystals which contained kink 
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bands had higher rates of work-hardening than crys- 
tals in which no bands formed. 

Before discussing the fracture characteristics of 
annealed crystals the stresses in compression 
which arise will be discussed. In lithium-fluoride 
crystals two normal dodecahedral systems are ac- 
tive to about the same extent and there is a large 
amount of slip prior to fracture. Prior to fracture, 
therefore, the crystals assume the shape illustrated 
in Fig. 16(a). The interior region is compressed 
while the outside surfaces are bowed. Because of 
this bowing a horizontal tensile stress arises in the 
interior of the crystal. At the center of the speci- 
men the tensile stresses are equal and opposite. 
There is a maximum tensile stress aiding the for- 
mation and propagation of a crack at the center of 
the crystal. 

At the surface near the grips a longitudinal tensile 
stress is developed. This longitudinal stress on the 
surface gradually changes until at the center it be- 
comes a horizontal tensile stress. The exterior 
stresses are not as large as the interior stresses. 

It was observed from the stress pattern of 
Fig. 4(0) that the interior cracks which propagate 
along the (100) and (110) planes originate at regions 
of high stress concentration caused by the pileup of 
dislocations. If one considers a (100) cleavage plane 
intersected by the (110) and (110) slip planes in- 
clined at 45 deg to it, Fig. 16(6), a slip dislocation, 
with Burgers vector ’a/2 [110], gliding in the (110) 
plane meets along this axis a similar dislocation, 
with a Burgers vector a/2 [110], gliding along the 
(110) plane. These dislocations can then coalesce 
to form a new dislocation by Cottrell’s relation, ” 
a/2 [110] + a/2 [110] - a[100]. In so doing the 
elastic energy is not altered; the internal stress 
concentrations are, however, lowered by this re- 
action. The dislocation produced by the above re- 
action is a pure edge which lies in the (100) cleavage 
plane. It is thus geometrically identical with a cleav- 
age knife one lattice constant thick inserted between 
the faces of this plane. This crack can grow by other 
slip dislocations in the (110) and (110) planes running 
into it. The applied stress has little direct influence 
on the crack during the early stages of nucleation and 
acts mainly through the force it exerts to keep the 
dislocations moving into the crack. Similar cleavage 
cracks can form along the other {100}planes by simi- 
lar reactions. 

Once these (100) cracks had grown to stable size, 
they were observed to spread rapidly along the edge 
of the intersections, in the [001] direction, without 
crossing dislocation lines, thereby extending com- 
pletely through the crystal. These short cracks 
which now extended the width of crystal then propa- 
gated parallel to the (100) plane aided by the tensile 
stress, which arises from the bowing of the crystal. 

When a propagating (100) crack encountered a re- 
gion of high-stress concentration, however, it alter- 
nated between (100) and (110), trying to find the 
easiest way to pass through the region, Fig. 5(c). It 
appears that the distribution of dislocations is im- 
portant in determining the course of a propagating 
crack and that pileups of dislocations can block (100) 
cracks. This would be anticipated if the crack en- 
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countered dislocations at the head of a pileup lying 
on a {110} plane. In such a region there is a large 
localized stress concentration which acts at 45 deg 
to the horizontal tensile stress and therefore blocks 
the (100) crack. Thus if a (100) crack is to continue 
to propagate, it must avoid these regions of opposing 
high stress concentration, and to do this it travels 
parallel to the (110) plane. 

The tears which are observed within the {100} 
cracks, Fig. 6, are similar to those observed in 
stress corrosion cracking of stainless steel™ single 
crystals. It is noteworthy that in some cases the 
tears are crystallographic in nature; while in others 
they appear to be noncrystallographic. The tears 
appeared apparently at random along the {100} cracks 
in that some occur near stress bands while others 
occur in stress-free regions. They are similar in 
appearance to tears which can form between cracks 
lying on neighboring planes in the manner described 
by Gilman. *” 

Fig. 7 illustrates a (010) crack which formed 
normal to the applied stress. This crack formed 
in the same manner as the (100) cracks, i. e., aided 
by the high-stress fields generated by the pileup 
of dislocations.” Its propagation, however, is not 
aided by a tensile stress, and as soon as a slip line 
forms near the crack, it is observed to propagate 
along the (110) plane on which it is aided by a com- 
ponent of the tensile stress. After traveling a short 
distance on the (110) plane this crack changed to the 
horizontal (100) plane. It therefore appears that the 
(010) cracks which form normal to the applied stress 
are stable and can only grow by propagating first 
parallel to the (110) and then the (100) plane. 

On the surface of the annealed crystals two types 
of cracks were observed, both lying along the {110} 
planes, Fig. 8. It is believed that the cracks which 
arise from the severely fractured area are merely 
more extensive cases of the cracks which arise from 
clean areas. The longitudinal tensile stress which 
arises near the surface will aid the formation and 
propagation of these {1 10} cracks. 

When ionic crystals are quenched two phenomena 
occur: first, point defects characteristic of the an- 
nealing temperature are quenched into the crystal 
and, second, because of the lower thermal conduc- 
tivities of ionic crystals as compared with metals, 
quenching stresses and strains will arise. As the 
difference in temperature increases, more defects 
and strains will be present in the material after 
quenching. A similar effect will be observed for a 
water-vs-air quench from the same temperature. 

It is possible that the critical resolved shear stress, 
Fig. 10, increases due to the smaller number of un- 
activated dislocations present as the quench became 
more drastic or the temperature difference became 
higher. The observed increase in the rate of work- 
hardening may be due to the difficulty of forcing 
dislocations through the increased forest of defects 
or already-present dislocations. 

When a crystal which has been down-quenched is 
compressed, the slip nucleated in the compressed 
surface layers is propagated into the interior of the 
crystal. The slip being propagated into the interior, 
however, encounters conjugate {110} slip bands at the 
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boundary between the tensile and compressive zones. 
By comparing Figs. 9 and 12 it can be seen that the 
slip lines formed in the compressive zone experience 
difficulty in passing into the tensile zone. The dis- 
locations piledup in this boundary region aided by 
the horizontal tensile force present in compressed 
samples can therefore form cracks which then 
propagate along the boundary, as illustrated in Fig. 
12. In crystals down-quenched from 200°C or up- 
quenched from ice water, the external zone is very 
thin and there is little slip from the quench; hence 
there are few pileups at the boundary, and interior 
cracks occur first. 
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In the most drastic quench employed, 7.e., from 
800°C into ice water, it was found that (010) cracks 
formed as shown in Fig. 10. When a crystal, uni- 
formly at a high temperature, is suddenly down- 
quenched, free thermal contraction of the cold sur- 
face is prevented by the still-warm interior. The 
immediate effect is to set up tensile stresses on the 
surface. In the most drastic quenches these stresses 
are large enough to cause the typical (010) tensile 
fracture. It can be seen that the (010) fracture oc- 
curred at the intersection of two wide stress bands 
on the surface. Thus it appears that tensile fractures 
are similar to compressive cracks in that the cracks 
originate at the intersections of wide slip bands. 

It is now well established that alkali halide crys- 
tals harden on irradiation. The observed increase in 
hardening of neutron irradiated lithium fluoride has 
been shown by Gilman and J ohnston’° to be due to in- 
ternal stress fluctuations. They conclude that there 
are two effects of radiation damage on dislocation 
motion in lithium fluoride; radiation causes static 
pinning of dislocations that are present during ir- 
radiation and increased resistance to the motion of 
fresh dislocations introduced by deformation after 
irradiation. The present results are consistent with 
the above theory in that the critical resolved shear 
stress and the rate of work hardening increase with 
increasing exposure time. In Fig. 17(a) and (6) are 
plotted the critical resolved shear stress and initial 
rate of work hardening respectively as a function of 
X-ray exposure time. It is apparent that the critical 
resolved shear stress increases rapidly for short 
exposure times and then levels off to approximately 
a constant value. The rate of work hardening also in- 
creases rapidly for short exposure times and then 
increases linearly at a slower rate. 

The only significant difference between the frac- 
tures in annealed and X-rayed crystals were that 
in X-rayed crystals the quantity of cracks was 
greater and that the internal type fractures occurred 
at random rather than only on the center of the crys- 
tal. 


CONC LUSIONS 


1) In as-cleaved lithium fluoride the stress-strain 
curves in compression are variable and kink bands 
form. 

2) Fractures similar to those observed by Stokes 
et al.*° in magnesium oxide were observed in the as- 
cleaved lithium fluoride. There were two types: 
short Stroh cracks, which lay along the (110) plane, 
and long secondary cracks, which formed along the 
(110) plane and lay completely within the kink bands. 

3) Although the stress-strain curves are repro- 
ducible in crystals annealed at 800°C, the fracture 
Stress is highly variable, 2200 to 3200 psi. 
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4) The interior fractures in annealed crystals 
were observed to originate at regions of high stress 
concentration formed by the pileup of dislocations on 
intersecting {1 10} planes. These cracks propagate 
parallel to the (100) plane except in regions where 
they encounter other stress lines, where they propa- 
gate parallel to a {110} plane. 

5) Surface cracks in the annealed crystals lie 
parallel to {110} planes and originate from both 
clean and severely fractured areas. 

6) In quenched crystals the critical resolved 
shear stress and rate of work-hardening increase 
and the ductility decreases as the temperature dif- 
ference increases or the quench is more drastic. 

7) The fractures in quenched crystals propagate 
along the (100) plane, which separates the boundary 
between the quenched-in tensile and compressive 
zones. 

8) In the drastic quench from 800°C ‘‘tensile”’ 
fracture occurs parallel to the (010) plane. 

9) The critical resolved shear stress and rate 
of work-hardening increase with increasing ex- 
posure to X-ray irradiation. 

10) In crystals exposed to X-rays several (100) 
fractures occur Simultaneously throughout the in- 
terior rather than in one or two localized areas as 
in annealed crystals. 
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Effect of Grain Size on the Deformation of 
Polycrystalline Silver Chloride at Various Temperatures 


When silver chloride deforms by pencil glide at temperatures 
of 26° and ~72°C, grain size has no effect upon the proportional 
limit and the material necks down to a knife edge under tension. 
At -196°C, deformation takes place on fewer slip systems to pro- 
duce straight slip traces, the flow stress becomes sensitive to 
grain size and fracture occurs by cleavage from an intergranular 
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source without any reduction in area, 


THERE are significant differences between the ap- 
pearance of the slip bands formed in silver chloride 
and in the alkali halides at room temperature. The 
bands in sodium chloride, é.g., are fine and geomet- 
rically straight, whereas in silver chloride they are 
coarse and wavy.’ Such differences in the slip behav- 
ior prompted us to inquire what the effects of grain 
boundaries might be on the mechanical properties of 
these solids. 

As an introduction to a general study of ionic poly- 
crystal behavior, we have investigated the effect of 
grain size on the stress-strain relationships in silver 
chloride at different temperatures. We have chosen 
silver chloride chiefly because polycrystals can be 
easily prepared free from cracks and macroscopic 
voids by conventional techniques. Moreover, as we 
shall see, the slip behavior can be readily modified 
by changing the temperature. 

It will be shown that the effect of grain size on the 
yield stress of silver chloride is strikingly dependent 
upon the temperature of deformation and that this 
temperature effect comes about through a change in 
the number of slip systems which operate at the 
onset of plastic flow. 


EXPERIMENTAL PROCEDURES 


Polycrystalline tensile specimens were made by 
recrystallizing cold-rolled AgCl sheet. Thirty-gram 
quantities of AR grade silver chloride powder were 
melted in a low heat capacity furnace, cast into cylin- 
drical forms 3/4 in. in diam and approximately 1 in. 
in length and then extruded with a 16:1 reduction ratio 
into rods 3/16 in. in diam. Extrusion temperatures 
were varied from room temperature to 350°C. In 
order to impart various degrees of cold work to the 
extruded rod. All extrusions were then cross rolled 
to sheet 0.040 in. in thickness at room temperature 
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and machined to form tensile specimens having a 
gage length of 0.750 in. with a width of either 0.250 
or 0.145 in.* Annealing was carried out in an air 

*It was essential to perform the rolling operation as quickly as prac- 
ticable after extrusion, inasmuch as rods stored more than a day or so 
prior to rolling were found to be subject to intergranular cracking, be- ~ 
lieved to be due to a stress corrosion phenomenon. 
oven at 200°C for periods up to 20 hr. Specimens 
having average grain diameters ranging from 0.024 
to 0.40 mm were prepared by varying the extrusion 
temperature and annealing time in the conventional 
manner. To obtain specimens with grain sizes larger 
than 0.40mm, lightly deformed thin prisims of silver 
chloride single crystals (supplied by Harshaw Chem- 
ical Co.) were recrystallized. 

Grain size determinations were made by an inter- 
cept method and revealed that the grains were equi- 
axed. Laue back-reflection X-ray patterns showed 
little tendency to form a preferred orientation tex- 
ture. 

Specimens which were to be used for the slip band 
studies were polished by immersion in fresh boiling 
concentrated NH,OH for 60 sec. They were then etch 
polished for 10 sec on each side by hand lapping on 
a stationary velveteen lap wetted with a dilute Hypo 
solution (5 g of Kodak Acid Fixer in 100 cc H,0). 
Finally the specimens were rinsed in warm water 
and alcohol, blown dry and carefully mounted in the Pee 
tensile machine for testing. ga 

Tensile tests were performed at three tempera- 
tures, namely, 26°, —72°, and -196°C. A screw- 
driven hard tensile machine was used at a constant 
strain rate of 0.006 in. per in. per min. Loads were 
determined with a light- proof ring fitted with A-18 
strain gages and extensions were measured with a 
0.0001 in. dial gage. Constant level baths of alcohol 
with dry ice and liquid nitrogen were used to main- 
tain the two lower test temperatures. 


EXPERIMENTAL RESULTS 


Reproducibility—In view of the light sensitivity 
and reactive nature of silver chloride, it was neces- 
sary to determine whether reproducibility depended 
upon either exposure to light or to the condition of 
the surface. However, during the course of the work 
it became clear that variation of laboratory lighting 
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Fig. 1—Stress-strain curves of fine and coarse grained 
specimens of silver chloride obtained at —196°, —72°, and 
26°C, 


conditions had a negligible effect on the stress-strain 
curve and that reproducibility for a given grain size 
required no special precautions. It is seen in Fig. 2 
that a variation of the order of + 10 pct in the limit 
of proportionality was obtained for a given grain size 
irrespective of the surface treatment. The deviation 
in the remainder of the stress-strain curve was 
found to be no greater than this absolute spread in 
values of proportional limit. 

A number of specimens were given special surface 
treatments prior to testing. For example, four speci- 
mens were irradiated for 43 hr with intense white 
light (two to 150-w flood lights at a distance of 12 in.) 
to determine the effect of light exposure on their 
plastic behavior. The solid points indicated on Fig. 

3 represent the values of the proportional limit 
measured for these specimens. Even though the ir- 
radiation produced a dark purple surface layer 0.005 
in. thick, it is evident that the bulk properties of the 
specimens were unaltered. This observation is in 
agreement with the work of Li,” who demonstrated 
that irradiation by X-rays ‘has a marked effect on 
flow and fracture characteristics of single crystal 
AgCl, whereas ultraviolet irradiation has none. 
Similarly, specimens which had been chemically pol- 
ished and etched (for slip band studies) had stress- 
strain curves similar to those of unpolished speci- 
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Fig. 2—Effect of grain size 'D' on proportional limit at 
—196°, —72°, and 26°C. 


mens. In spite of these observations, the majority of 
specimens were tested in the as-annealed condition 
within two or three days of annealing and all tests 
were conducted under subdued incident lighting con- 
ditions. 

Stress-Strain Relationships— From a qualitative 
point of view, a decrease in grain size was found to 
increase the initial rate of work hardening at all three 
temperatures. Stress-strain curves of fine- and 
coarse-grained specimens obtained at each tempera- 
ture, are reproduced in Fig. 1. In quantitative terms, 
however, the rate of work hardening was found to be 
much more sensitive to grain size at liquid nitrogen 
temperature than at -72° and 26°C. For example, at 
the two higher temperatures a decrease in grain size 
from about 0.14 to 0.04 mm increased the rate of 
work hardening at a strain of 0.005 by 28 and 20 pct, 
respectively. At -196°C, a comparable decrease in 
grain size increased the corresponding rate of work 
hardening 90 pct. As we shall see, distinction can be 
drawn throughout the present investigation between 
the behavior in the vicinity of liquid nitrogen temper- 
ature and the behavior in the higher temperature 
range (namely, 26° and -—72°C). 

This difference in the degree to which grain size 
affects plastic behavior for the two temperature 
ranges is further emphasized in Fig. 2. Here we have 
plotted the proportional limit (which was defined in 
this study as the stress at which deviation from elas- 
tic behavior could first be detected) as a function of 
grain size at the respective temperatures. At —72° 
and at 26°C the proportional limit was found to be 
independent of grain size, having constant values of 
600 and 450 psi, respectively. It is interesting to note 
that in preliminary experiments on annealed mono- 
crystals of cubic orientation the proportional limit 
was found to be 470 psi at room temperature, which 
compares well with the polycrystal value. At —196°C, 
on the other hand, the proportional limit increased 
sharply as the grain size decreased below 0.2 mm. 
For specimens of a larger grain size, the proportion- 
al limit was practically constant and again had a 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


7600 1500 
\ 
7200 
6800 
1200 % 
6400 
6000 
= 
5200 
: | 
4800 (-72°C) 
(26°C) 
4000 
3600 
3200 
2400 
800} 
400 


Fig. 3—Wavy slip bands formed in AgCl polycrystal de- 
formed at —72°C. Average grain size 0.12 mm. Strain, 
0.05. X315. Reduced approximately 53 pct for reproduc- 
tion. 


value comparable to that of an annealed monocrystal 
tested at this temperature, namely 860 psi. It was 
clear therefore, that resistance to deformation at 
-196°C was greatly influenced by grain size, whereas 
at the higher temperatures, the flow stress was sen- 
sitive to the presence of grain boundaries to a much 
smaller degree. 

Slip Band Formation—We have studied the nature 
and distribution of the slip bands produced at the 
three test temperatures as a function of strain and 
grain size. Nye’ has shown that room temperature 
deformation of silver chloride occurs by pencil glide 
which is manifested on external surfaces by wavy 
slip bands. Our observations have further shown 
that this mode of slip was operative not only at room 
temperature but also at —72°C, as illustrated in Fig. 
3. In contrast, the character of slip was radically 
different at liquid nitrogen temperature in that most 
slip traces were quite straight (see Fig. 4). In a few 
grains the slip traces were slightly curvilinear, but 
forking was never observed at this temperature. 
Analysis of slip traces formed on the surfaces of 
monocrystals deformed at —-196°C indicated that the 
primary slip planes were {110}. This difference in 
slip behavior for the two temperature ranges will be 
discussed later in relation to the effect of grain size 
on mechanical properties. 

Let us consider first the typical development of 
slip as a function of strain in specimens of a given 
grain size deformed in the two temperature ranges. 
Fig. 5 illustrates the development of wavy slip bands 
in specimens having an average grain size of 0.2 mm 
strained by different amounts at room temperature. 
At 0.005 strain, the individual wavy slip bands were 
short and fine. At 0.02 strain the bands were coarse 
and much longer, often extending the full grain width; 
moreover some of the slip bands became forked. 
Also, additional interpenetrating pencil glide systems 
became operative in the neighborhood of grain bound- 
aries. After 0.05 strain the density of coarse slip 
bands increased and at least two pencil glide systems 
(occasionally even three) operated throughout each 
grain. A similar development of slip band distribution 
was observed at —-72°C. A noticeable feature of these 
observations was the fact that individual slip bands 
often extended right across grain boundaries. In Fig. 
3, for example, a band can be seen to traverse at 
least four grains. Similar observations were report- 
ed by Nye. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 4—Appearance of slip bands formed at —196°C. Aver- 
age grain size 0.4 mm. Strain 0.005. X315. Reduced ap- 


proximately 51 pct for reproduction. 


The effect of a change in grain size was not to alter 
the appearance of the slip bands nor the qualitative 
aspects of their development illustrated in Fig. 5. 
Instead, in this higher range of temperature, a de- 
crease in grain size increased the stress necessary 
to promote the successive stages of slip described 
above. For example, a specimen having a smaller 
grain size of 0.03 mm had to be deformed to a strain 
of 0.05 to develop bands similar in appearance and 
distribution to those in the coarse-grained specimen 
strained only 0.02, shown in Fig. 5(d). 

At liquid nitrogen temperature, the development of 
slip in a given specimen was characterized by an 
increase in the density of straight slip bands, accom- 
panied by the onset of intersecting straight slip. At 
this temperature, slip bands very rarely penetrated 
grain boundaries. Fig. 6 illustrates the appearance 
of slip bands in a specimen having an average grain 
size of 0.23 mm deformed to a strain of 0.02. A de- 
crease in grain size at this temperature increased 
the stress necessary to detect slip and also reduced 
the slip band spacing at a given strain. 

For example, a specimen having a coarse grain 
size of 0.4 mm developed slip bands which could be 
resolved easily with the light microscope at a strain 
of 0.005 (the bands formed in this specimen are shown 
in Fig. 4). In contrast, ina specimen having a smaller 
grain size of 0.03 mm, slip bands could not be detec- 
ted after a strain of 0.01. Even after a strain of 
0.025, slip could be found only in a few isolated 
grains. 

Fracture Behavior— Besides the effect of grain 
size on the resistance to plastic flow at various tem- 
peratures, which has been the primary concern of 
this paper, we have made interesting observations 
on the mode of fracture of silver chloride. Again we 
shall point out the contrast in behavior between the 
two temperature ranges. 

It is most instructive to compare the fracture 
behavior of monocrystal and polycrystal forms of 
silver chloride when loaded at the different tempera- 
tures. For the upper temperature range (-72°C and 
26°C) both forms of silver chloride necked down to 
a knife-edged rupture after large uniform elongations. 
At -—196°C on the other hand, the monocrystals be- 
haved quite differently from the polycrystalline ma- 
terial. Whereas the monocrystals were extremely 
ductile and again necked down to a knife edge, the 
polycrystalline material was much less ductile. 
Fracture occurred at strains of the order of 0.05 or 
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less. More important, there was a change in fracture 
mode in the polycrystalline material in that it occur- 
red by cleavage which nucleated from an intergranular 
crack. Such material, regardless of grain size, did 
not undergo any reduction in area before fracture. 
We now know that this fracture behavior is common 
to sodium chloride and lithium fluoride polycrystals 
(produced by recrystallization of monocrystals) de- 
formed at room temperature. 


DISCUSSION 


We will now discuss the consequences of the change 
in slip behavior upon the mechanical properties of 


Fig. 6—Straight slip bands formed at liquid nitrogen temp- 
erature which terminate at grain boundaries. Average 
grain size 0.23 mm. Strain 0.02. X315. Reduced approxi- 
mately 48 pct for reproduction. 
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Fig. 5—The development of wavy slip 
bands in a specimen having an average 
grain size of 0.2 mm, strained by differ- 
ent amounts at room temperature. (a) 
0.005 strain, fine wavy glide bands with 
regular profile. (b) 0.02 strain, wavy 
glide bands becoming coarser with the 
onset of forking and interpenetrating slip. 
(c) 0.05 strain, slip coarse and dense 
with two or more well developed inter- 
penetrating slip systems in each grain. 


polycrystalline silver chloride at different tempera- 
tures. 

Ionic crystals having the rock-salt structure slip 
only in <110> directions but the choice of slip plane 
depends upon the temperature at which deformation 
occurs. In all of these solids, low-temperature de- 
formation produces straight slip bands, whereas wavy 
slip bands are formed during high-temperature de- 
formation. This change from slip on ‘‘flat’’ crystal- 
lographic surfaces to pencil glide on corrugated sur- 
faces comes about through an increase in the number 
of operative slip planes. For pencil glide to occur, 
it is essential for screw dislocations to be able to 
transfer freely from one plane to another of the same 
zone whose axis corresponds to the direction of the 
Burgers vector of the screw dislocations. If slip is 
restricted to {110} or {100} planes alone, screw dis- 
locations cannot transfer from one glide plane to 
another because no two {110} or {100} planes inter- 
sect along a common <110> direction. Under these 
circumstances slip dislocations are confined prima- 
rily to those planes in which they were nucleated, 
with the result that the macroscopic slip surfaces 
are flat. Such conditions appear to prevail during 
the deformation of sodium chloride, lithium fluoride, 
and magnesium oxide monocrystals at 26°C and of 
silver chloride below liquid nitrogen temperature. 
Pencil glide in these materials becomes geometric- 
ally possible if slip can occur readily on { se planes 
alone or any combination of {100}, {110}, or {111} 
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planes. Wavy slip has been observed in sodium chlio- 
ride’ and lithium fluoride* monocrystals deformed 
above 300°C at which temperatures these solids can 
slip concurrently on {110} and {100} planes. Simi- 
larly pencil glide occurs in silver chloride at room 
temperature since slip can occur simultaneously on 
{100}, {110}, and {111} planes.” 

Nye’ has pointed out that the ability to undergo pen- 
cil glide should enable a slip band to propagate from 
one grain to its neighbor much more readily than if 
slip is confined to flat crystallographic surfaces. 
Our slip-band observations, Figs. 3 and 6, fully con- 
firm this point of view. In this connection it is im- 
portant to consider the relationship between the flex- 
ibility of slip (namely the number of slip systems 
and the ease with which screw dislocations can trans- 
fer from one slip plane to another) and the effective- 
ness of grain boundaries in strengthening silver chlo- 
ride. Let us assume that the proportional limit cor- 
responds to that stress at which dislocations are 
undergoing rapid multiplication and are beginning to 
move over large distances to form slip bands. We 
have found that in the high-temperature range where 
the slip behavior is relatively flexible, a decrease 
in grain size has no effect upon the proportional limit, 
Fig. 2. For example, the room-temperature value 
for a monocrystal compared well with that of a poly- 
crystal whose average grain size was 0.024 mm. It 
is apparent then that the tensile stress necessary to 
initiate long range plastic flow in a single crystal is 
also sufficient to propagate slip from grain to grain 
in polycrystalline material. In this sense, grain 
boundaries are not effective barriers to slip when 
pencil glide is the operative slip mode. 

When the slip behavior is much less flexible the 
grain boundaries do appear to block the initial propa- 
gation of long range slip, for, at liquid nitrogen tem- 
perature, the proportional limit of silver chloride is 
sensitive to grain size. This fact suggests that the 
proportional limit in sodium chloride or magnesium 
oxide should be even more Sensitive to grain size at 
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room temperature, for in these solids the slip bands 
are geometrically straight. 

We conclude that when a single-phase polycrystal- 
line material deforms homogeneously on a macro- 
scopic scale (rather than by discontinuous yielding), 
the degree to which the initial flow stress may be 
influenced by a change in grain size depends upon the 
flexibility of slip or the plastic anisotropy of the solid 
in question. A grain boundary constitutes a barrier 
to dislocations only if conformity of strain at the 
boundary cannot be accomplished at the stress neces- 
sary to generate, move, and multiply dislocations to 
form a Slip band in a single crystal. 

At later stages of plastic strain, grain size does 
appear to have some effect on the flow stress at a 
given strain no matter whether pencil glide is oper- 
ative or not. This corresponds with changes in the 
distribution of wavy slip; however, we cannot appre- 
ciate the significance of these observations until more 
is known about the strain hardening processes in 
silver chloride. 

It is further significant that when pencil glide is the 
operative slip mode, grain boundaries do not induce 
brittle cleavage in silver chloride. The relationship 
between slip mode and the fracture behavior of ionic 
polycrystals will be considered in more detail in a 


future paper. 
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Permalloy Tape 


Cube Texture in Ultra-Thin Molybdenum 


With identical annealing heat treatment the development of 
major annealed texture component seems to depend primarily 
upon the degree of cold reduction. Cube texture was evident on 
annealing 1/2-, 1/4-, and 1/8-mil tapes at 760°C, but it dissap- 
peared on 927°C annealing of 1/8-mil tape cold reduced 96.9 pct. 
Some cube texture remained as the strongest 927°C annealed tex- 
ture component in 1/4- and 1/2-mil tapes cold reduced 93.8 and 
87.5 pet, respectively. The switching coefficient increases and 
the squareness ratio of the hysteresis loop decreases proportion- 


ally with increasing cube pole concentration. 


Previous studies”? on the 1/8-mil ultra-thin 
molybdenum permalloy tape established cold rolled 
and annealed textures and their magnetic perform- 
ance for switch-core and coincident-current memory 
applications, The major cold-rolled texture was 
found to be of {110}<335> which is quite similar to 


RO 


Film H-843 Approx. 1/4X 


Fig. 1—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture of 1/8 mil tape. Contour lines are in 
sequence of 1.5 times random intensity. Cross-hatched 
areas indicate pole-density levels above times random. 
Individual poles of ideal orientations are as indicated: 
A(110)[ 335}; 335); and (110) [001] . 
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the cold-rolled texture of silver and 70-30 cartridge 
brass. The major annealed texture components were 
found to be of {120} <001> and {113}<785>. 

Although the direction for easy magnetization for 
this type of alloy by the single-crystal technique is 
not avaliable, knowledge from related studies indi- 
cated [111] as the easy magnetization direction, 
similar to that of nickel." Therefore, a cube orienta- 
tion, if present in the tape core, would be most de- 
trimental to its magnetic performance.’ 

In its cold-rolled state the tape had <111> direc- 
tions in the rolling plane 14.5 deg from the rolling 
direction.’ But the coercive force of the tape in such 
condition will be excessive due to large amounts of 
internal stresses, and therefore makes its use im- 
possible for memory applications due to long switch- 
ing time. In lower nickel alloys, suchas 50-50 nickel- 
iron and 65 pct Ni-Fe sheets, previous investigators’ ~ 
found the presence of cube texture on annealing at 
9V0° to 1000°C. Although no cube texture was found 
in annealed 1/8-mil tape,” its presence in some 
annealed 1/4-mil tape cores was firmly established 
a year ago as verified by significant differences in 
magnetic properties. 

The present investigation is devoted to the orien- 
tation study and related magnetic measurements on 
three thicknesses of the ultra-thin tape, namely, 

1/8 mil, 1/4 mil, and 1/2 mil, cold rolled directly 
from annealed 4-mil stock in the cold-rolled state as 
well as after they were annealed at 760°C (1400° F) 
and 927°C (1700°F). The results obtained might serve 
to elucidate the development of annealed texture as 
well as to establish clearly the importance of prefer- 
red orientation on the magnetic performance of such 
memory tape core despite its well-known low mag- 
netic anisotropy exchange energy. 


EXPERIMENTAL PROCEDURE 


Samples were taken from one production heat 
(0.010 wt pct C, 0.004 P, 0.016 S, 0.80 Mn, 0.29 Si, 
79.69 Ni, 4.42 Mo, 0.054 Co, 0.002 Ti, 0.12 Al, 0.04 
Mg, 14.56 Fe). Annealed 4-mil sheets were cold re- 
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Film H-844 Approx. 1/4X 
Fig. 2—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture of 1/4 mil tape. Individual poles of 
ideal orientations are as indicated: A(110)[ 335]; O(110) 
[335]; and (110) [001]. 


duced directly in a cluster mill to ultra-thin tapes of 
thickness 1/8 mil, 1/4 mil and 1/2 mil, respectively. 
Annealing was conducted at 760° and 927°C ina dry 
hydrogen atmosphere with dew point around —51°C 
(-60°F). Except for degreasing these tapes were 
X-rayed in the as processed flat strip condition. 
Magnetic measurements were made on wound tape 
cores. 

The same X-ray technique and magnetic measure- 
ment were followed as reported elsewhere.” 


RESULTS 

A) Deformation Texture—Figs. 1, 2, and 3 show the 
{111} pole figures of cold-rolled tape of thicknesses 
1/8 mil, 1/4 mil, and 1/2 mil reduced directly from 
the intermediate annealed 4-mil stock. 

Although there appears no difference in texture 
components, significant differences in pole density 
certainly exist. 

The major texture component can be adequately 
described by {110} <335> and the minor component 
by (110)[001] as previously reported. ”? 

B) Annealed Texture— Figs. 4, 5, and 6 show the 
{111} pole figures of 1/8-, 1/4-, and 1/2-mil thick 
tapes after annealed at 927°C for 2 hr. 

Figs. 7, 8, and 9 show the {200} pole figures of 
1/8-, 1/4-, and 1/2-mil thick tapes after annealed 
at 927°C for 2 hr. 

Figs. 10, 11, and 12 show the {111} pole figures of 
1/8-, 1/4-, and 1/2-mil thick tapes after annealed 
at 760°C for 1 hr. 

In all annealed textures the strong {120} <001> 
and {113} <785> and the weak (110)[001] poles, as 
identified in each individual figure, were the same 
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Fig. 3—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture of 1/2 mil tape. Individual poles of 
ideal orientations are as indicated: A(110)[ 335); O(110) 
[ 335]; and 4(110)[ 001). 


as reported previously”* except for the (100)[001) or 
cube orientation. The latter texture component was 
not observed previously in annealed 1/8-mil tape, 
and was only evident in thicker tapes in the present 
investigation. 

C) Magnetic Data— Table I summarizes the mag- 
netic data obtained on the annealed tape cores: 


Table |. Magnetic Data on Annealed Tape Cores 


Thickness at 
of Tape Heat Treatment H, R=1/72 
1/8 mil 2 hr at 927°C 0.38 0.1 0.93 
1/4 mil 2 hr at 927°C 0.55 0.06 9.90 
1/2 mil 2 hr at 927°C 0.95 0.08 0.90 
1/8 mil 1 hr at 760°C 0.36 0.28 0.95 
1/4 mil 1 hr at 760°C 0.54 0.14 0.86 
1/2 mil 1 hr at 760°C 0.95 0.15 0.80 


DISCUSSION OF RESULTS 


Comparing cold-rolled deformation textures as 
shown in Figs. 1, 2, and 3 the following deductions 
are permissible: 


Table Il. Cold Rolled Texture. [111} Poles. 


Thickness Pct Cold Cold-Rolled Texture Component 
of Tape Reduction 110} <335> (100)(001] 
1/8 mil 96.9 most intense present 
1/4 mil 93.8 less intense absent 
1/2 mil 87.5 least intense absent 


It is conceivable that with increasing cold deforma- 
tion the pole density of an end orientation increases. 
However, the appearance of the weak (110)[001] com- 
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Film H-846 Approx. 1/4X 


Fig. 4—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/8 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: 
A(120)[001]; O(210){ 001] ; &(113)[ 785}; (113) [785]; 
(i(110) [001]; (100)[ 001) . 


ponent upon the severe deformation raises the ques- 
tion whether (110) [001] is to be considered as an end 
orientation in the face-centered-cubic metal or it is 
a secondary reaction product during formation of 
stacking faults, dislocations and slips. (110)[001] is 
related to {110} <112>, the well-known end orient- 
ation for face-centered-cubic metals by a 35 deg 
rotation about <110>. In the present submil tape 
(110) [001] is related to its major cold-rolled texture 
components, {110} <335>, by a 20 deg rotation about 
<110>. 

Another significant point to be emphasized on the 
deformation texture is that different annealed texture 
components in varying degrees of pole concentration 
can be developed from the same cold deformation 
textures with only slight variation in pole density of 
the end orientations. The following annealing texture 
data verify this statement. 

The annealed textures described in Figs. 4, 5, and 
6 are summarized in Table III. 

The annealed textures described in Figs. 7, 8, and 
9are summarized in Table IV. 

The annealed textures described in Figs. 10, 11, 
and 12 are summarized in Table V. 

It is evident from the above data that 1/2-mil cold- 
rolled tape had the least intense pole density of { 110} 
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Film H-847 Approx. 1/4X 


Fig. 5—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/4 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated; 
A(120)[ 001] ; O(210)[ 001] ; A(113) [785] ; © (113) [785] ; 
[001] ; and #(100)[001). 


<335 > major cold-rolled texture components. On 
annealing at either 760° or 927°C the strongest an- 
nealed texture component was cube orientation with 
{113} <785> as the next intense major components 
and { 120} <001> as minor components. The cube-on- 
edge orientation was not evident in the annealed tapes. 

In 1/4-mil cold-rolled tape the pole concentration 
of {110} <335> texture components was higher than 
that in the 1/2-mil tape. Cube orientation remained 
as the strongest texture component after both 760° 
and 927°C annealing. {120} <001> orientations be- 
came the next intense major components in both cases. 
{113} <785 > components became weaker on raising 
annealing temperature from 760° to 927°C. (110) [001] 
component was evident in tape annealed at 927°C but 
not at 760°C. 

1/8-mil cold-rolied tape gave the most intense pole 


Table IV. Cold Rolled and Annealed 2 Hr 927°C. {200} Poles. 


Annealed Texture Component 
1120} <001> {1133<785> (110)[001) 


Thickness Pct Cold 
of Tape Reduction (100)[001] 


1/8 mil 96.9 absent strongest strong weak 
1/4 mil 93.8 strongest strong weak weak 
1/2 mil 87.5 strongest weak strong absent 


Table Ill. Cold Rolled and Annealed 2 hr 927°C. {111} Poles. 


Annealed Texture Component 
{120}<001> {113}<785>!(110001] 


Thickness Pct Cold 
of Tape Reduction (100)[001] 


Table V. Cold Rolled and Annealed 1 Hr 760°C. {111} Poles. 


Annealed Texture Component 


Thickness Pct Cold 
$120}<001> {113}<785> (110)[001] 


of Tape Reduction (100)(001] 


1/8 mil 96.9 absent strongest strong weak 
1/4 mil 93.8 strongest strong weak weak 
1/2 mil 87.5 strongest weak strong absent 


1/8 mil 96.9 weak strong weak absent 
1/4 mil 93.8 strongest strong weak absent 
1/2 mil 87.5 strongest weak strong absent 
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Film H-848 Approx. 1/4X Film H-849 Approx. 1/4X 
Fig. 6—Pole-density stereogram, {111} poles, giving the Fig. 7—Pole-density stereogram, {200} poles, giving the 
annealed texture of 1/2 mil tape after 2 hr at 927°C. annealed texture of 1/8 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: Individual poles of ideal orientations are as indicated: 
A(120)[ 001] ; O(210)[ 001) ; A(113)[ 785] ; © (113) [785] ; A(120) [001] ; O(210)[ 001] ; A(113)[785] ; @ (113) [785] ; 
(i(110) [001] ; and (100)(001). (1(110)[ 001] ; and (100)[001}. 

density of {110} <335> components. On annealing at _‘ the next intense. Cube texture component was barely 

760° and 927°C {120} <001> became the strongest visible on 760°C annealing, but it was not evident on 

927°C annealing. (110) [001] minor component was 


texture components with {113} <785> components, 


gS 


Film H-850 Film H-851 Approx. 1/4X 
Fig. 8—Pole-density stereogram, {200} poles, giving the Fig. 9—Pole-density stereogram, {200} poles, giving the 
annealed texture of 1/4 mil tape after 2 hr at 927°C. annealed texture of 1/2 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: Individual poles of ideal orientations are as indicated: 
A(120) [001] ; O(210)[ 001] ; &(113) [785] ; @ (113) [785]; A(120)[ 001] ; O(210)[ 001] ; &(113) [785] ; (113) [785] ; 
; and # (100)[001). (j(110)[ 001] ; and (100)[001). 
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Film H-852 Approx. 1/4X 


Fig. 10—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/8 mil tape after 1 hr at 760°C. 
Individual poles of ideal orientations are as indicated: 
A(120)| 001) ; O(210) [001] ; A(113)| 785] ; (113) [785] ; 
(4(110)[ 001) ; and (100)[ 001}. 


visible only on 927°C annealing but not on 760°C 
annealing. 

Among the pole figures constructed {111} pole 
figures are generally more definitive than {200} fig- 


Film H-854 Approx. 1/4X 
Fig. 12—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/2 mil tape after 1 hr at 760°C. 
Individual poles of ideal orientations are as indicated: 
A(120)[ 001] ; 0(210)| 001) ; A(113) [785]; (113) [785] 
4(110)[ 001) ; and (100)|{ 001). 
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Film H-853 Approx. 1/4X 


Fig. 11—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/4 mil tape after 1 hr at 760°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; O(210) [001] ; A(113)[785] ; (113) [785] ; 
(110) 001] ; and (100)[001]. 


ures, especially for minor texture components, be- 
cause of their more numerous and higher pole density 
levels reached. Between the two complementary 
methods the transmission method is more analytical, 
subjective to less spurious variables, accountable 
with more pole density levels, and less time consum- 
ing in recording in comparison with the back reflect- 
ion method. With the latter method background 
scattering increases disproportionally with increas- 
ing Bragg angle and also with lowering in pole-den- 
sity level which are not readily amenable to analy- 
tical treatment. Besides, surface contour and resi- 
dual stresses in the sample as well as adequate depth 
of penetration for incident X-ray have to be consider- 
ed. 

With identical annealing heat treatment the role of 
major annealed texture component seems to depend 
primarily upon the degree of cold reduction. Cube 
orientation was evident on 760°C annealing of tapes 
of all three thicknesses. On raising the annealing 
temperature to 927°C there was no trace of cube 
orientation in tape cold rolled 96.9 pct before anneal- 
ing. Yet cube orientation remained as the strongest 
annealed texture component in tapes similarly treated 
at 927°C but cold rolled only 93.8 pct and 87.5 pct, 
respectively before annealing. On heating recrystal- 
lized copper and 50-50 nickel-iron sheets to 1000°C 
and above Dahl and Pawlek* found the recrystallized 
cube texture reverted into (120) [001] orientation. 
Rathenau and Custers’ studied.the orientation of sec- 
ondaries grown in the 48 pct nickel-iron sheet after 
annealed at 1000°C and above. They found in most 
cases the secondaries were of (120)[001] and (210) 
[001] orientations as well as of (120)[210] and (210) 
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[120] orientations. Howe’ found the cube texture re- 
verted into (120)[001] orientation on annealing the 
recrystallized 65 pct Ni-Fe sheet to 1100°C. Thus, 
the present results agree to some extent, although 
not entirely, with previous investigators on the tran- 
sitional nature of cube texture in similar but not the 
same materials as the present tape. 

The facts that (110) [001] orientation was absent in 
tapes of all three thicknesses annealed at 760°C and 
also that it was present only as a weak component in 
927°C annealed 1/4- and 1/8-mil tapes seem to 
indicate its existence as a secondary reaction pro- 
duct of deformation and growth phenomena. 

No logical deduction can be drawn from data for 
rotation orientation relationship between annealed 
cube texture component and cold rolled texture com- 
ponents of tapes in all three thicknesses annealed at 
both 760° and 927°C. 

From the above texture results it is logical to con- 
clude that cube texture in annealed 1/4- and 1/2-mil 
tape could be responsible for the poor magnetic per- 
formance. At the same time it is interesting to note 
that 1/8-mil tape annealed at 927°C does not have 
cube texture component. 

Magnetic data tabulated in Table I support the de- 
ductions from the texture results listed in Tables 
III, IV, and V. Among tapes annealed at 760°C the 
cube pole concentration increases in the order of 
increasing thickness. The switching coefficient, S,,, 
increases in the like manner, from 0.38 for 1/8 mil, 
0.54 for 1/4 mil, to 0.95 for 1/2 mil tape. With a 
constant applied field H, therefore, 1/2 mil tape with 
the highest value of S,, would have the longest switch- 
ing time in microseconds. The squareness ratio of 
the hysteresis loop, B,/B,,, at the applied field of 
1/2 oersted decreases with the increasing cube pole 
concentration, from 0.95 for 1/8 mil, 0.86 for 1/4 
mil, to 0.80 for 1/2-mil tape. The observed coercive 
force does not vary in any logical order, with the 
highest value for the weakest cube pole concentration. 

Annealing the tapes at 927°C yielded a similar set 
of magnetic data as 760°C annealing. The switching 
coefficient, S,,, increases from 0.38 for 1/8 mil, 
0.55 for 1/4 mil, to 0.95 for 1/2-mil tape with the 
increasing order in cube pole concentration. The 
squareness ratio, B,/B,,, decreases from 0.93 for 
1/8 mil, 0.90 for 1/4 mil, to 0.90 for 1/2-mil tape 
with the increasing order in cube pole concentration. 
No significant change in the observed value of coer- 
cive force, Ho, occurred. 

It is of interest to note that the quantitative dif- 
ferences in observed magnetic parameters between 
tapes differing in thickness but otherwise from the 
same heat and similarly processed and heat treated 
are larger than their equivalents between 1/8-mil 
tapes from different heats but otherwise similarly 
processed and heat treated.” In other words, the ob- 
served difference in magnetic measurement between 
tapes of various thickness from the same heat tran- 
scends its equivalent due to normal variations in 
melting, processing and heat treating. The difference, 
then, can be significantly related to texture variation. 

It remains to be seen from future study that by 
maintaining the same cold reduction from intermedi- 
ate annealed band and by annealing in the same man- 
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ner whether the same annealed texture could be pro- 
duced in tapes of various thickness. In other words, 
could the scale factor be the prominent factor in 
texture development ? 


SUMMARY AND CONCLUSIONS 


Quantitative pole density stereograms of {111} and 
{200} poles of 1/8-, 1/4- and 1/2-mil molybdenum 
permalloy tapes in their cold rolled, 760° and 927°C 
annealed conditions and some supporting magnetic 
data were developed in order to study the develop- 
ment of cube anneled texture and the correlation of 
the presence of cube texture with magnetic perform- 
ance. The following deductions can be drawn from 
experimental results: 

1) With identical annealing heat treatment the role 
of major annealed texture component seems to de- 
pend primarily upon the degree of cold reduction. 
Cube texture was evident on annealing all three thick- 
nesses of tape at 760°C. On raising the annealing 
temperature to 927°C there was no trace of cube 
texture in tape cold reduced 96.9 pct before annealing. 
But cube texture still remained as the strongest an- 
nealed texture component in tapes similarly treated 
at 927°C but cold reduced only 93.8 pct and 87.5 pct, 
respectively before annealing. The present results 
agree to some extent, although not entirely, with 
previous investigators on the transitional nature of 
cube texture in similar but not the same materials 
as the present tape. 

2) The switching coefficient, S,,, increases with 
increasing cube pole concentration in the order of 
increasing thickness of tapes annealed at 760° and 
927°C. Therefore, 1/2 mil tape with the highest value 
of Sy would have the longest switching time in micro- 
seconds under a constant applied field. 

3) The squareness ratio of the hysteresis loop, 
B,/Bm, at the applied field of 1/2 oersted decreases 
with the increasing cube pole concentration in the 
order of increasing thickness of tapes annealed at 
760° and 927°C. 

4) No correlation could be found between cube pole 
concentration in annealed tapes and observed coercive 
force. 

5) The observed difference in magnetic measure- 
ment between tapes of various thickness from the 
same heat transcends its equivalent due to normal 
variations in melting, processing and heat treating. 
The difference, then, can be significantly related to 
texture variation. 
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Self-Diffusion of Aluminum in CaO-SiO.-Al,O3 Melts 


Self-diffusion coefficients of aluminum have been measured 
by the capillary reservoir technique in liquids of the CaO-SiO,- 
Al,O, system containing equimolar portions of CaO and SiO,, in 
the temperature range 1400° to 1520°C. For the melt containing 
6.0 mole pct Al,O, the results can be expressed by the equation 
D = [(4.3 + 0.3) X 10*] exp [(-85,000 + 17,500)/RT]cm’sec™; for 


the melt containing 12.5 mole pct Al,O, by the equation 

D = (5.4 + 0.2) exp [(-60,000 + 10,000)/RT] cm’sec™*. A concept of 
the constitution of these melts has been developed which proposes 
that the ratios O/(Si+Al) and Al, O,/CaO determine the dominant 


species present. 


In recent years considerable work has been done 

on the system CaO-SiO,-Al,O, with a view to elucida- 
ting the structure of liquids of this system. Conduc- 
tivity,’ electromotive force,’ viscosity,° density,* and 
activity’ measurements have all contributed to an 
understanding of the problem, but as yet there is no 
entirely satisfactory theory that can account for all 
the observed experimental results. In principle, 
measurements of self-diffusion coefficients should 
give further information which is not obtainable in 
other ways. Self-diffusion coefficients for calcium,° 
silicon,° and oxygen’ have been measured. The pre- 
sent investigation extends the series of self-diffusion 
coefficient measurements to include aluminum and 
develops a concept of constitution for liquids of this 
system which is compatible with all the observed 
experimental results. 


EXPERIMENTAL 


The technique used in the measurement of the self- 
diffusion coefficient of aluminum was the capillary- 
reservoir method,° Al’® being incorporated in the 
melt contained in the capillary and inactive aluminum 
in the reservoir melt. This method was chosen be- 
cause it minimizes convection currents’ in the dif- 
fusion zone. It has the further advantage that the 
boundary conditions are such that a slight modifica- 
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tion of Anderson and Saddington’s® solution of Fick’s 
Law yields an equation which requires measurements 
only of the length and the initial and final average 
specific activities of the solidified melt within the 
capillary. 


[1-(C/C,)] = (2/1)(Dt 


where ¢ is the diffusion time, Cp is the average speci- 
fic activity of the melt contained in the capillary at 

t = O,C is the average specific activity of the melt 
contained in the capillary at ¢ = ¢, 1 is the length of 
the capillary, and D is the self-diffusion coefficient. 
The equation is of somewhat different form than those 
previously applied to high temperature diffusion 
studies because the specific activity of the melt in 
the reservoir was negligible both before and after 
diffusion. 

The diffusion apparatus is shown schematically in 
Fig. 1. It consisted of a silicon carbide resistance 
furnace containing the inactive melt in a graphite 
crucible, internal dimensions 7/8 by 4 in., enclosed 
in a 1 1/4- by 1 1/2- by 30-in. McDanel tube. A 3/8- 
in. McDanel thermocouple sheath to which graphite 
radiation shields and a graphite protection tube were 
affixed, was used to hold the capillaries. By moving 
this sheath through a rubber seal at the top of the 
McDanel tube the capillaries could be lowered into 
or raised out of the melt. Temperature was measured 
with a Pt-Pt 13 pct Rh thermocouple which was calib- 
rated periodically against a standard couple. The 
furnace temperature was controlled to + 5°C through 
the thermocouple immersed in the melt. Tempera- 
ture variation over the depth of the melt was less 
than + 3°C. 

The inactive melts were prepared from pure native 
quartz, assaying better than 99.9 pct SiO,, A.R. grade 
Al,O3 and A.R. grade CaCO3. The same quartz and 
CaCO3 were used in preparing the active melts, the 
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radioactive aluminum being incorporated by using 
Al,O, having a specific activity of about 20,000 disin- 
tegrations per min per g. The SiO, was ignited at 
1000°C, the Al,O, at 1300°C, and the CaCO; dried at 
120°C, prior to use. The melts were prepared by 
prefusing the constituents, in their proper propor- 
tions, ina platinum crucible. It was found that in this 
way carbon pickup from the graphite apparatus during 
diffusion experiments was very low whereas melts 
prepared from their constituents in graphite contain- 
ers always had an appreciable carbon content. The 
prefused materials were powdered in an alundum 
mortar and thoroughly mixed to insure homogeneity. 
Two nominal compositions of 6 and 12.5 pct Al,O3, 
respectively, and equimolar percentages of CaO and 
SiO, were made. Only molar quantities are used in 
this paper. Table I shows that the compositions of 
the active and inactive melts were identical within 
the limits of analytical error. 

The radioactive silicate rods were prepared by 
loading the prefused powder into graphite capillaries, 
charging these into the furnace, pumping the tube for 
about 40 hr, while raising the temperature to about 
1200°C, to remove any entrapped air, and melting 
under argon. The furnace was then cooled, the capil- 
laries removed and polished on fine emery cloth so 
that the ends of the rods were planar. The capillaries 
were then replaced in the furnace, heated under re- 
duced pressure to a temperature of about 1200°C 
and brought to the temperature of the experiment 
under an argon atmosphere. After holding at temper- 
ature for 1 to 2 hr to insure thermal equilibrium the 
Capillaries were immersed in the inactive melt and 
rotated several times to create a clean interface be- 
tween the active and inactive melts. After a measured 
time interval the capillaries were withdrawn from 
the melt, the furnace cooled and the rods recovered. 
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Table 1. Chemical Analyses of Melts After Diffusion 


Melt I Melt II 
Active Melt Inactive Melt Active Melt Inactive Melt 
CaO 47.2 47.2 43.8 43.6 
SiO, 47.0 47.0 43.7 43.7 
Al,O, 6.0 6.0 12.4 
€ <0.005 <0.005 <0.005 <0.005 
Pt Not detected 


All concentrations expressed in mole percent. 


A similar procedure was used to obtain rods for Co 
determination, the capillaries being immersed in the 
melt at the temperature of the diffusion experiment 
for 2 or 3 min. A tendency for the radioactive melts 
to pull out of the capillaries during immersion was 
overcome by prior heating of the capillaries in a 
McDanel tube at 1550°C for about 10 hr under an 
atmosphere of argon. In this way a layer of £-silicon 
carbide was formedonallsurfaces; this layer allowed 
the melts to ‘‘wet’’ the surfaces without reacting 
with them. 
Since the activity of each rod was in the range 7 to 
20 net counts per min, and the background activity 
in this vicinity was about 32 cpm, normal counting 
techniques were not sufficiently precise. It was there- 
fore necessary to employ special low-level counting 
techniques.’* A full description of this apparatus is 
not within the scope of this paper, but briefly it is so 
constructed that most of the background radiation is 
not recorded. In this way the background correction 
is reduced to about 0.2 cpm and a precision of about 
0.5 cpm is achieved. 
Because of the low activity of the rods, it was im- 
practical to determine radioactivity penetration 
curves. To test whether the boundary conditions re- 
quired by the diffusion equation were obeyed during 
the runs, capillaries of varying diameter and length 
were used in runs of different time duration. It is 
felt that if any deviation from the boundary conditions 
occurred, the results should not have been reproduc- 
ible. The error involved in measuring the length of 
the capillaries is + 2.5 pct, while that involved in 
measuring the average specific activity of the rods 
is + 5 pet. The error in measuring the diffusion time 
is negligible so that the D values obtained are esti- 
mated to have an error of + 25 pct. The spread in 
the experimental results falls within this range in 
all cases except that for the 1520°C runs with the 
melt containing 6.0 pct Al,O,. It would seem from this 
that boundary conditions were essentially observed 
during the majority of the experiments. The bigger 
spread (+ 45 pct) at 1520°C is probably due to the 
occurrence of some convection in the capillaries at 
this higher temperature. 
The results of experiments designed to test the 
dependence of aluminum diffusivity on composition 
are shown in Tables II and III and in Fig. 2 as log D 
vs 1/T. The least-square curve, together with the 
90 pct confidence limits for the melt containing 6.0 
pet Al, O, are represented by the equation, 


(-85,000 + 17,500) 
RT 


D = [(4.3 + 0.3) x 10*] exp 


cm’sec™, 
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Table Il. Self-Diffusion Data of Aluminum in 
47.0 Pct CaO — 47.0 Pct Si02 —6.0 Pct Al203 


Table Ill. Self Diffusion Data of Aluminum in 
43.75 Pct CaO — 43.75 Pct Si02 - 12.5 Pet Al203 


Avg. Spec. Avg. Spec. 


Avg. Spec. Avg. Spec. 


Diffu- Activity of Activity of Diffu- Activity of Activity of 
sion Lengthof Diffusion | SampleAfter Sample Before sion Lengthof Diffusion Sample After Sample Before 
Temp, Capillary, Time, Diffusion, Diffusion, d Temp, Capillary, Time, Diffusion, Diffusion, D, 

is Cm Sec Cpm/G Cpm/G Cm?/Sec 1 Cm Sec Cpm/G Cpm/G Cm?/Sec 
1440 0.97, 7.92 x 10° 173 227 5.4x 107” 1400 0.70* 6.84 x 10 350 435 24x10-’ 
1440 4-12, 7.92x 10 174 227 6.7 1077 1403 0.62, 6.84 x 10* 327 435 2.8 1077 
1440 1.25* 7.92 x 10° 184 227 5.6x 1077 1398 1.15 8.82 10* 370 435 2.61077 
1440 0.95 7.92 10* 175 227 4.8107’ 1440 0.85 7.92 x 10° 332 435 4.0x10-’ 
1480 1.10 2.16 x 10° 190 227 1.2«10-° 1438 0.90* 6.84 x 10° 350 435 3.6 x 1077 
1478 1.15 6.48 10° 160 227 1,4x10-° 1438 0.87 6.84 x 10° 343 435 3.9x 107” 
1482 0.95* 4.32 x 10° 171 227 1.0x 10 1485 0.80* 6.64 x 10° 296 435 5.9x 107” 
1480 0.95* 1.72 10° 125 227 8.8x 107” 1487 1.00 5.76 x 10° 346 435 5.7x 1077 
1520 1.12 6.12 10 161 227 1.4x 1485 0.68 6.84 x 104 287 435 6.1 107’ 
1520 1.00 6.12 x 10° 116 227 3.1 
1520 1.05 6.12 x 10* 138 277 2.0x 10-* *Capillary diameter 2.0 mm, all others 1.6 mm. 


*Capillary diameter 2.0 mm, all others 1.6 mm. 


and for the melt containing 12.5 pct Al,O; by, 


D = (5.4 + 0.2) exp cm’sec™’. 


The range of temperature covered by these ex- 
periments is dictated by the freezing point at the 
lower end and reaction of the melts with graphite at 
the upper limit. The compositions were chosen firstly 
to show the effect of changing alumina concentration 
on aluminum diffusivity and secondly because the 
composition of the high alumina melt is that for which 
the diffusion coefficients of Ca,° Si,° and O’ have been 
measured. 


DISCUSSION 


In recent years, it has become generally accepted 
that metal oxide-silica melts are ionic in nature 
and that silicon is present in the complex anions 
while the metal of the metal oxide is present usually 
as a simple cation. This theory has been built up by 
inductive reasoning and it has been impossible to 
derive quantitative relationships between such physi- 
cal properties as conductivity, diffusivity, viscosity, 
and so forth. The situation, then is that the so-called 
“discrete ion’’ theory’’ has explained, qualitatively, 


T°C 
1520 1480 1440 1400 


D cm2/sec. 


12.5 mole % 


5.55 5.65 5.75 5.85 


10°/T °K 


1 
5.95 


Fig. 2—Self-diffusion coefficients of aluminum in CaO- 
SiO,-Al,03; melts at various temperatures. 
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observations of viscosity, conductivity and electrical 
transport phenomena in binary melts. The concept of 
of the constitution of melts of the system CaO-SiO,- 
Al,O, presented here is a modification of this theory 
with special emphasis on the complex role of Al2O3. 
It suffers from the same shortcomings outlined above 
in that it is completely qualitative, no quantitative 
relationships being evident. 

This discussion is confined to those liquids con- 
taining approximately equimolar proportions of lime 
and silica and up to 12.5 mole pct alumina. It is pos- 
tulated that calcium is present as simple Ca** ions 
but that silicon and aluminum are present as complex 
silicates, aluminates, and alumina-silicates. These 
complex anions are the equivalent of the discrete 
ions mentioned earlier. At any given composition it 
is thought that there is a distribution of anion sizes 
ranging from small groups containing 1 or 2 silicon 
or aluminum atoms to complex groups containing up 
to 15 or possibly more silicon or aluminum atoms. 
However, each composition is characterized by some 
dominant size of the anionic complexes and the effect 
of changing composition is to shift the distribution of 
anion sizes. 

In binary silicate melts it is deduced that the size 
of the anions becomes smaller with increasing O/Si 
ratio.’° In the CaO-SiO,-Al,0, system both silicon 
and aluminum are capable of tetrahedral coordination 
with oxygen. Hence it is postulated that the dominant 
size of the anionic complexes becomes smaller with 
increasing O/Si+Al ratio. Since alumina is amphoteric 
in nature there seems no sound reason for supposing 
that all the aluminum is incorporated in networks. 
Hence, it is further postulated that the number of non- 
network aluminum atoms increases with increasing 
Al,O,/CaO ratio. These nonnetwork aluminum atoms 
exert a greater ‘“‘bridging’’’° effect than calcium ions. 
To recapitulate, decreasing O/Si+Al causes an in- 
crease in the dominant size of the anionic groups 
while increasing Al,O,/CaO causes an increase in 
the binding between anionic groups. 

In the liquids studied in this work the O/Si+Al ratio 
in the melt containing 6 pct Al,O; is 2.7 and in the 
melt containing 12.5 pct Al.O3 the ratio is 2.5, where- 
as the Al,O,/CaO ratio is 0.13 in the 6 pct Al,O, melt 
and 0.27 in the 12.5 pct Al,O, melt. It would be ex- 
pected on the basis of the above hypothesis then, that 
the melt containing 6 pct Al,O; would have a smaller 
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Table IV. Effect of Al203 Content on Melt Properties at 1450°C 


Aluminum 
Al,O,** Viscosity, Diffusivity, Conductivity,* Density,‘ 
Mole Pct Poises Cm?/Sec Mho/Cm G/Cm? 
6.0 8.0 7.0x 1077 0.15 2.80* 
12.5 14.0 4.0 107” 0.10 2.85 


*19.5 mole pct. 
**Balance, equimolar portions of CaO and SiO,. 


dominant anion size and that the anions would be 
more loosely bound than those of the 12.5 pct Al,O, 
melt. 

If this interpretation is correct it is possible to 
make certain predictions concerning the variation of 
physical properties with composition in the melts 
under discussion; this variation of properties with 
composition should be continuous. Because of the 
smaller groups and looser binding in the melt con- 
taining 6 pct Al,O; the viscosity coefficient should be 
less, at any one temperature, than that in the melt 
containing 12.5 pct Al,O,. For the same reason the 
Al diffusivity should be higher in the former melt 
than in the latter. The 6 pct Al,O, melt contains a 
higher concentration of Ca** ions than the 12.5 pct 
Al,O, melt and the anionic groups carry a lower 
charge hence it should be easier to move Ca*t ions 
through the 6 pct Al,O, melt than through that con- 
taining 12.5 pct Al,O,. Since it has been shown that 
Cat* ions carry most of the charge’’’’” in electrical 
conduction, this quantity should be higher in the 6 pct 
Al,O, melt than in the 12.5 pct Al,O, melt. If additivi- 
ty of the component densities is assumed, the density 
of the high alumina melt should be higher than that 
of the low alumina melt but because the smaller 
anionic complexes in the 6 pct Al,O, melt allow 
closer packing than in the 12.5 pct Al,O, melt it 
would be expected that the density would be higher 
in the first case than in the second. 

All of the properties of the melts discussed above 
vary continuously with composition. Table IV shows 
values of these physical quantities extracted from 
the literature. These values are completely compati- 
ble with the predictions made concerning the effect 
of varying Al,O; content on the constitution of the 
melts. However, to be acceptable the theory must 
also explain the different values of the diffusion coef- 
ficients, of all constituents of the melt containing 
12.5 pet Al,O; shown in Table V. Values of the 6 pct 
Al,O, melt are not available for elements other than 
aluminum. 

It would be expected that Dc, would be the highest 
diffusion coefficient because Ca** ion is the smallest 
ion present in the melt and there are more of them 
than any other species. Da) should be next in the 
series because it is postulated that some aluminum 
is present in networks and some not and both types 
may participate in the diffusion process. Support for 
this postulate comes from the work on transference 
numbers in this melt, from which it is deduced that 
aluminum carries some of the electrical charge.’ 
The diffusion coefficient for silicon should of course 
be lower than that for both calcium and aluminum 
because silicon forms part of the biggest species 
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Table V. Diftusivities in 43.75 Pet CaO — 43.75 Pct Si02- 12.5 Pct 
Al203 Melt at 1450°C 


Diffusion Coefficient, 


Diffusing Element Cm?/Sec 
0’ 8.0 10-° 
Ca® 1.2x 10° 
Al 10-’ 
Si® 1.2 10~’ 


present in the melt. The extremely high diffusion 
coefficient for oxygen is difficult to understand. The 
Do value may be higher than Dg, or Da; because 
several oxygen atoms may accompany the movement 
of one Si or Al, as a group. Another possibility is 
that some oxygen moves with the calcium as an ‘‘ion 
pair’’. Other observations are required to resolve 
this question. 

The values of the activation energies of all the 
kinetic properties discussed above, except electrical 
conduction, fall in the range 70 + 20 kcal mole™* 
within the limit of experimental error. It would seem 
from this that some sort of bond breaking is involved 
in all of these processes; the activation energy for 
electrical conduction is 30 + 10 kcal which would 
indicate that, since the Ca** ions carry most of the 
charge, a different process is involved in transport- 
ing calcium in electrical conduction and diffusion. 
Lack of precision in available data does not justify 
more detailed interpretation. 

The concept here proposed for the constitution of 
melts in the CaO-Al,0,-SiO, system successfully 
explains, in a qualitative manner, most of the observed 
experimental data. It leaves unanswered a number 
of important questions. What is the precise mecha- 
nism of diffusion in liquid silicates? Why is the 
activation energy for diffusion so much higher than 
that for electrical conduction? Why is the diffusion 
coefficient for oxygen so high? It seems unlikely 
that studies of the type discussed in this paper will 
answer these questions. A new tool is needed. 


SUMMARY 


1) Diffusivity of aluminum in CaO-SiO,-Al,O; melts 
containing equimolar portions of CaO and SiO, has 
been measured as a function of Al2O3 concentration 
and temperature by the capillary reservoir technique. 

2) A concept of the constitution of liquids in the 
above system has been proposed; this accounts for 
the observations made in the present work and for 
the results of other kinetic investigations. 
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The Effect of Plastic Deformation on the Electrical 
Resistivity of Composite Silver Alumina Alloys 


The increase in electrical resistivity, Ap,,at 78°K was measured 
as a function of elongation, €, at 78K for a 2 pct (approximately) 
by weight finely divided alumina in silver material. The amount of 
increase in electrical resistivity (Ap,) is a function of the amount of 


alumina present and can be represented by: 


where c and n are constants. The constant c increases and the 
exponent n decreases with increasing alumina content. Approxi- 


mately 33 pct of the resistivity increase is recovered upon anneal- 


ing at room temperature. 


Recent ty, dispersed phase alloys’ have shown 
promise for use at elevated temperatures. These 
materials have a high creep resistance, a high-tem- 
perature strength considerably above that of the pure 
matrix, and a high electrical conductivity. These 
materials also show other properties such as retar- 
dation of recrystallization and resistance to flow 
even above the melting point of the matrix.” 

It is believed that high-temperature creep is retar- 
ded in these materials because the dispersed phase 
blocks the motion of dislocations. According to 
Schoeck® and also Weertman,* the rate controlling 
process is the climb of dislocations around the dis- 
persed phase particles. 

Any mechanical property of these materials, or 
any other material for that matter, can be explained 
on the basis of defect structures and their interrela- 
tions. It would certainly be interesting to learn some- 
thing about the effect of a dispersed phase on dislo- 
cation densities and also their effect on point defect 
concentrations following cold work. This is the pur- 
pose of the research discussed herein. 

The method used was the measurement of the elec- 
trical resistivity as a function of elongation at low 
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temperatures. This scheme has already been applied 
to the studies of pure metals. 

Electrical resistivity measurements conducted on 
pure metals such as copper, silver, gold, and so 
forth, have indicated that defects such as vacancies 
and dislocations are formed during deformation. ° 
It has been shown by van Bueren* that the resistivity 
change, Ap, should increase with elongation, €, ac- 
cording to the following relation: 


Ap= Ac¥? + 


where A and B are constants of the system; Ap is in 
uQ em. The first term refers to the amount of re- 
sistivity change associated with line defects and the 
second term with the change associated with point 
defects. A later calculation yielded exponents of 3/4 
and 5/4, respectively.° 

Manintveld’ has shown that the resistivity of copper 
increases with strain according to a 3/2 power law, 
whereas van Bueren has shown that the resistivity 
of silver increases, according to a 5/4 power law. 
Assuming then that van Bueren’s calculations are 
correct, it appears that line defects contribute very 
little to the electrical resistivity. There is some 
doubt, however, as to the validity of van Bueren’s 
expressions for all cubic metals.® In fact, the data 
on copper and silver are not conclusive. In this in- 
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Fig. 1—A representative plot of the increase of the electri- 
cal resistivity, Ap,» at 78°K as a function of the elongation, 
€, at 78°K. 


vestigation silver hardened with finely divided 
alumina was pulled at 78°K and the subsequent resist- 
ivity changes at this temperature were followed. 

The purpose was to study the defects produced during 
deformation and to make a comparison with the 
results obtained on pure metals. 


EXPERIMENTAL PROCEDUEFE 


The material used in this investigation was pre- 
pared from high-purity silver oxide and ‘‘ Linde B’’ 
alumina. The alumina was added to a thick slurry 
of silver oxide and water at the rate of approximately 
2 g of alumina to every 100 g of silver. This mixture 
was ball milled for approximately one week and then 
dried. The silver oxide was reduced to silver by 
heating in air to 400°C for a short period of time. 
The mixture was then cold pressed at 25Tsi into 1 in. 
diameter billets approximately 2 in. long. These bil- 
lets were extruded at 600°C to 1/4-in. rod. The sec- 
tions of the rod that had surface cracks were cut off 
and discarded. The smoother sections were annealed 
in air at 900°C and subsequently cold drawn to 0.18 
cm in diameter. The reduction was carried out by 
reducing the rod approximately 2 to 5 pct and then 
annealing at 900°C for a few hours. Specimens 2 to 
3 in. long were then cut from the cold-drawn wire, 
and given a final anneal at 900°C for approximately 
5 hr. 

The specimens were then soldered into grips that 
also served as potential leads. These grips were 
mounted in a stainless steel Dewar into which liquid 
nitrogen could be placed. The base of the Dewar and 
the upper portion of the upper grip served as current 
leads. 

The elongation was determined by means of a dial 
gage rigidly supported on the tensile machine table. 
As the tensile machine table was lowered (tension) 
the deflection of the dial gage was noted. The dial 
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Table |. 


e Po 
Specimen n pQ Cm pQ Cm 
1 1.00 0.480 0.4898 
2 1.10 0.503 0.4900 
3 0.97 0.561 0.5058 
4 1.06 0.399 0.4681 
5 0.99 0.460 0.4776 


gage was calibrated by measuring the reduction in 
area and the elongation after the specimen was 
removed from the rig. Initial areas and lengths were 
determined prior to testing. The dial gage was 
always zeroed when the specimen had 10 lb load on 
it. This load was still in the elastic region for these 
specimens. 

Five specimens were elongated at 78°K in various 
increments up to the fracture point. After each incre- 
ment of elongation, the resistivity was measured 
using a precision Kelvin Double Bridge. The resist- 
tivity was measured at 78°K with the load on the 
specimen. Very little, if any, resistivity change was 
noted when the load was relieved. 

Recovery experiments* were performed by elonga- 

*The recovery experiments were performed on the five specimens 


used for the elongation measurements and also a few others which were 
not studied as a function of elongation. 


ting the specimen at 78°K, then unloading and warm- 
ing it to room temperature. After an anneal of an 
hour the resistivity at 78°K was again measured and 
the decrease in resistivity noted. No further decrease 
in resistivity was noticed after an hour. Approximate- 
ly 33 pct of the resistivity increase annealed out at 
room temperature. 

Chemical analyses were performed on the various 
specimens with little success. The reason for this 
was that some of the alumina seeped through even 
the slowest filter paper. Another measure of the 
concentration, i7.e., the resistivity before the speci- 
mens were elongated, was used as a criterion for 
alumina concentration. This technique will be discus- 
sed more fully later. 


RESULTS 


The resistivity at 78°K was calculated from the 
resistance elongation data by assuming constant 
volume during elongation. The data were then plotted 
on a log-log chart to determine the nature of the 
resistivity increase. In all instances the electrical 
resistivity appeared to increase according to 


Apr = ce” 


where c and ” are constants; Ap, is the difference 
between the resistivity before pulling, Po, and the 
resistivity after pulling; and € is the change in length 
per unit length. Fig. 1 is a representative plot of Ap, 
vs €. In this figure the constant c, the exponent n, 
and p, are noted for the specimen. Table I summa- 
rizes the results obtained on this and four other 
specimens. 

It was noted from the data that m and c changed 
with Py. The constant, c, increased linearly with an 
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Fig. 2—The change of the constants c and n as a function 
of p,» which is a measure of alumina content. The solid 
vertical line marks the resistivity of pure silver at 78°K, 
The ® refers to the value of c obtained by van Bueren for 
pure silver deformed at 78°K whereas UO refers to the 
value obtained by van Bueren for pure silver deformed at 
20°K. 


increase in p, whereas the exponent, n, decreased 
as P, increased. These relationships are shown in 
Fig. 2. 

The magnitude of pp seemed to vary from specimen 
to specimen because of variations in the alumina 
content of the material. Defects and impurities could 
also account for these differences. However, it is 
believed that since the matrix was obtained from high- 
purity silver oxide powder, the impurity content 
(other than oxygen) was low and essentially uniform. 
Secondly, because each specimen was treated in the 
same manner, 7.é., cold drawn and annealed, the 
defect concentration should have been very nearly 
uniform. It is recognized, however, that because of 
the nature of the dispersed phase in inhibiting recrys- 
tallization, the alumina particles could prevent full 
recovery of line defects to the level that would be 
encountered in pure Silver. Variations in particle 
distribution, therefore, could cause a variation in the 
initial number of line defects and these could cause 
in part the high initial resistivity. Nevertheless, the 
greater portion of the initial resistivity (above that 
obtained for pure silver) is believed to be caused by 
the dispersed alumina. 

It is to be noted that if the plot of the constant c in 
Fig. 2 is extrapolated to the handbook resistivity 
value’* of pure silver at 78°K, the constant c at this 

*The resistivity at 78°K was determined by drawing a smooth curve 
through the data presented in the handbook and then picking off the 
resistivity at 78°K. 
point very nearly coincides with that obtained by van 
Bueren*. 


*The data points representing the constants obtained by van Bueren 
were corrected so that they corresponded with the definitions used in 
this report. 


The results of the recovery experiments are shown 
in Fig. 3. The recovered resistivity, Appr noted after 
warming the specimen for a long time at room tem- 
perature following cold working at 78°K is plotted 
against the total resistivity increase, Ap7 mentioned 
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Fig. 3—The amount of resistivity at 78°K recovered after 
a room-temperature anneal as a function of the total re- 
sistivity increase. 


earlier. There is a good bit of scatter in this data 
but a trend is in evidence. A similar data analysis 
for pure aluminum and molybdenum has yielded 
straight line relationships. The recoverable portion 
of the resistivity is attributable to point defect diffus- 
ion and annihilation at sinks such as dislocations. 
Approximately 33 pct of the resistivity is recovered 
at room temperature. 


DISCUSSION AND CONC LUSIONS 


The results of the experiments performed on sil- 
ver-alumina show that the dispersed phase greatly 
influences the formation of defects during cold-work. 
It appears that the presence of finely divided alumina 
enhances the production of line defects, 7.e., an in- 
crease inc and a decrease inn. This would, of 
course, explain why the dispersion hardened materi- 
als are hard and have higher strengths. These fine 
particles also act as barriers to the motion of dis- 
locations and for this reason at low temperatures, 
where climb is inhibited because of lackof vacancies, 
dislocations should pile up very rapidly. This rapid 
build up of numbers of dislocations may explain the 
brittle fractures evident in these materials and the 
more rapid increase of electrical resistivity for the 
alloy as compared to that for the pure matrix materi- 
al alone. 

It is interesting to note that the extrapolated value 
of c obtained here compares very favorably with that 
obtained by van Bueren. Unfortunately the same can- 
not be said concerning the data for the exponent n. 

The percentage of recovered resistivity observed 
in Fig. 3 is of the same order of magnitude found by 
Manintveld. The scatter of the data in Fig. 3 is larger 
than was obsei ved for other materials.” It was hoped 
that this scatter could be explained by the differences 
in dispersed phase concentration. The scatter, how- 
ever, was not explained in this way. 
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Catastrophic Oxidation of Stainless Steel in the 


Presence of Lead Oxide 


A brief review is given to show that catastrophic oxidation of 
stainless steel in the presence of lead oxide is similar in many 
respects to catastrophic oxidation as caused by MoO: and V20;. 
Experimental data are presented to show that lead oxide accelerates 
the normal oxidation process of stainless steel by chemically alter- 
ing the normally protective oxide film formed on the base metal. 
Data are given to show that similar reactions occur during oxida- 
tion of stainless steel in the presence of MoO; and V20s. 


Tue mechanism by which pure metals oxidize at 
high temperatures has been the subject of intensive 
research for many years and much has been ac- 
complished towards understanding the processes in- 
volved. The mechanisms by which alloys oxidize 
have also been investigated, but due partly to the 
fewer number of investigations and partly to the 
complexity of the oxide systems present, available 
knowledge is not as extensive as with pure metals. 
When oxidation processes are further complicated 
by atmospheres contaminated with sulfide, halide, 

or oxide vapors, the knowledge of fundamentals be- 
comes meager or altogether lacking. Thus, it is not 
surprising to find that the catastrophic oxidation of 
stainless steels in metal oxide vapors of MoO, and 
VO; is not a well understood phenomenon despite the 
fact that a number of investigations have been under- 
taken. 

The literature in dealing with the subject of ca- 
tastrophic oxidation is primarily concerned with the 
effects of MoO; and V,O,, but does mention that other 
metal oxide vapors, one of which is lead oxide, ap- 
pear to promote a similar type of accelerated oxi- 
dation. While this latter effect is virtually unknown, 
the deleterious effect of lead oxide is of considerable 
commercial importance, as it is believed to be one 
of the fundamental reasons for exhaust-valve failure 
in gasoline engines. For this reason studies have 
been in progress for many years attempting to better 
understand the mechanism involved. 

Modern exhaust-valve alloys’’* containing 20 to 
25 pct Cr plus nickel and/or manganese are in effect 
high-grade austenitic stainless steels exhibiting ex- 
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cellent oxidation resistance in air at exhaust valve 
operating temperatures of 1100° to 1700°F; yet these 
same alloys are prone to corrode during engine 
service because of the conditions attending their 
operation. These conditions are such that the valves 
become coated with deposits of complex lead com- 
pounds mainly derived from gasoline additives of 
tetraethyllead, ethylene dibromide, and ethylene 
dichloride. 

Literature searches*~’ and discussions with various 
investigators show that considerable difference of 
opinion exists as to the nature of the lead-bearing 
deposits found on the surface of exhaust valves and 
the atmospheres to which they are subjected; yet, 
all seem to generally agree that corrosion, a gradual 
transformation of alloy to nonmetallic products of 
corrosion, is a consequence of the presence of lead 
compounds. This majority opinion seems to be sub- 
stantiated by laboratory engine tests which show that 
corrosion does not occur to any appreciable extent 
when lead-free fuels are used. 

The first observations of catastrophic oxidation 
reported in the literature were probably made by 
Pfeil,® but it was Leslie and Fontana’ who undertook 
the first detailed study of the phenomenon. Their 
work was chiefly centered on the acceleration of oxi- 
dation which took place when stainless steels con- 
taining more than 3 pct Mo were heated in air with 
restricted circulation. These investigators reported 
that the presence of other oxides near the surface 
would further accelerate the rapid oxidation which 
occurred. While they recognized that the effect was 
attributable to the presence of molybdenum, it was 
Rathenau and Meijering’® who emphasized the fact 
that the presence of molybdenum in the alloy was 
incidental to the presence of MoO, vapor in the at- 
mosphere surrounding the specimens. Evans,” as 
well as Cunningham and Brasunas”’ studied similar 
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Fig. 1—Oxidation of stainless steel (VMS 201) caused by 
the application of PbO vapor to a localized area at 1700°F. 
2.5X. Reduced approximately 35 pct for reproduction. 


effects achieved with vapors of V,O,; and recently 
Sachs** has published a comprehensive review of 
catastrophic oxidation as caused by this oxide. In 
reviewing these papers, there is no doubt that these 
investigators have adequately demonstrated that 
stainless steels undergo an abnormal type of oxi- 
dation at a catastrophic rate when heated in air 
containing vapors of MoO, and V,O,. Brasunas and 
Grant,** in a detailed study of the problem of ca- 
tastrophic oxidation, showed that oxides other than 
MoO, and V,O, also accelerated oxidation and the 
similarity of the appearance led them to believe 
that some common mechanism was operative in all 
cases. 

The various investigators in discussing their 
work have attributed catastrophic oxidation to the 
dissociation of the oxide vapor, the formation of 
molten oxide films having high diffusion rates, 
cracking of the protective oxide films, and increased 
diffusion rates; yet, there seems to be no general 
agreement on which mechanism is operative. How- 
ever, sufficient evidence is available to show that 
not all oxides having high vapor pressures and low 
melting points e.g. P20;, B2O3, and Sb20; cause this 
effect nor is the mere presence of a molten oxide 
e.g. PbO + 25% SiO, film sufficient to promote ca- 
tastrophic oxidation. 


PROCEDURE AND RESULTS 


The work to be described is for the most part 
concerned with the effects of lead oxide as related 
to the corrosion of exhaust-valve stainless steels. 
In general two types of investigations have been con- 
ducted: 

1) A study of the effect of PbO on the oxidation of 
stainless steel alloys; and 


Fig. 2—Sample of VMS 201 stainless steel prepared for oxi- 
dizing test using marker technique of Brasunas and Grant. 
3X. Reduced approximately 47 pct for reproduction. 


64—VOLUME 221, FEBRUARY 1961 


Table 1. Composition of Exhaust-Valve Alloys 


VMS 201 21-12 
Carbon 0.52 0.20 
Chromium 21.00 21.00 
Manganese 9.00 1.25 
Nickel 3.88 11.50 
Silicon 0.25 max. 1.00 
Sulphur 0.06 0.03 max 
Phosphorus 0.03 max. 0.03 max 
Nitrogen 0.44 0.18 


Rods — As Extruded at 2050°F 


Heat Treatment: 
Sheet — As Rolled at 1850°F 


2) A study of the changes in the structure and val- 
ence of Cr,0,and Fe,0; brought about by contamina- 
tion with PbO. 

Catastrophic Oxidation with PbO—The oxidation of 
stainless steels in the presence of PbO vapor is char- 
acterized by the voluminous corrosion products which 
accumulate on the surface as shown by Fig. 1. This 
example was prepared by placing a 1/2-in. diam rod 
of VMS 201, a stainless steel valve alloy whose com- 
position and heat treatment are given in Table I, 
across the top of a magnesium-oxide crucible con- 
taining PbO and heating at 1700°F for approximately 
50 hr. The oxide vapors emanating from the crucible 
and impinging on the underside of the specimen 
caused the welt-like area of corrosion. This same 
effect can be produced in a much shorter time if the 
PbO is applied directly to the specimen surface prior 
to heating. The appearance suggests that oxidation 
is taking place at the metal-oxide interface. To con- 
firm this observation, platinum marker experiments 
were made using the techniques described by Brasunas 
and Grant.** Fig. 2 shows the VMS 201 stainless steel 
specimen before test with the platinum marker in 
place, while Fig. 3 is a photograph of the same speci- 
men after coating with PbO and heating to 1700°F in 
air for 1 hr. The tendency of the oxide to force the 
marker outward without becoming imbedded in the 
surface is indicative of the oxide growth taking place 
at the interface between the base metal and the oxide. 

To determine what other oxides would produce ef- 
fects similar to PbO, small cylindrical specimens of 
VMS 201 were coated with various oxides and heated 
in an air atmosphere to 1700°F for 1 hr. The weight 


Fig. 3—Sample from Fig. 2 after coating with PbO and oxi- 
dizing in air at 1700°F for 1 hr. Flaking of oxide from top 
occurred during cooling. 3X. Reduced approximately 47 pct 
for reproduction. 
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Table Il. Weight Loss of VMS 201 Stainless Steel Coated with 
Various Oxides and Heated in Air to 1700°F for 1 Hr 


Weight Loss Weight Loss 
Oxide G/Dm?/Hr Oxide G/Dm?/Hr 
PbO 17.0 Zr0, 0.1 
MoO, 7.9 CeO 0.1 
V,0, 2.6 Fe,0, 0.0 
SiO, 0.4 0.0 
MnO, 0.2 Al,0O, 0.0 
TiO, CuO 0.0 
NiO 0.1 B,0O, 0.0 
MgO 0.1 NbO 0.0 
Bi,O, 0.1 wo, 0.0 
CdO 0.1 Sb,0, 0.0 
CaO 0.1 None 0.0 


losses, determined after cleaning the specimens, are 
shown in Table II. Of the twenty-one oxides tested 
only PbO, MoO,, and V,O; caused noticable corro- 
sion. The similar appearance of the corrosion prod- 
ucts formed in the presence of these three oxides 
suggests that PbO behaves in a manner similar to 
MoO; and V.O;. It is interesting to note that Bi,O; 
and WO; reported by Brasunas and Grant” to also 
cause catastrophic oxidation, did not appear to do so 
in this experiment. 

Experiments were undertaken to explore the hy- 
pothesis that lead oxide corrosion at elevated tem- 
peratures is truly an acceleration of the normal 
oxidation process. To accomplish this, a thermo- 
balance was used to determine the weight changes 
during oxidation of a stainless valve alloy when con- 
taminated with PbO. The thermobalance constructed 
for this work consisted of a laboratory analytical 
balance modified by replacing the left hand pan with 
a Suitable counterweight. One end of a wire, passing 
through a hole drilled in the balance case and table 
top, was attached to the counterweight. The other end 
of the wire supported a 1 1/2 by 2 1/2 by 0.050-in. 
(approximately 50 sq cm) alloy specimen in an In- 
conel tube furnace mounted below the table top. The 
auxiliary equipment consisted of a temperature con- 
troller, cooling system to dissipate the radiated heat, 
and baffles to minimize convection currents within 
the Inconel tube. Since the amount of weight change 
experienced during oxidation was small, the balance 
was heavily damped to prevent oscillations and the 
position of a hair attached to the balance pointer was 
observed with a magnifying optical system provided 
with a reticule. Using this system it was possible 
to detect weight changes of 0.02 mg resulting in data 
relatively free from scatter. Since exact duplication 
of the data on repeated testing was rarely achieved, 
a number of tests were averaged with these averages 
being reported in the text. 

The first experiments consisted of recording the 
weight gain which occurred when sheet specimens of 
21-12 stainless steel (see Table I for composition 
and heat treatment) were heated to 1300°F in an air 
atmosphere. Comparison tests were then conducted 
in an atmosphere contaminated with PbO vapor. The 
average weight changes observed with respect to 
time are shown by the two lower curves in Fig. 4. 
Since the presence of the PbO vapor caused only a 
slight increase in the weight gain, further tests were 
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Fig. 4—Oxidation 21-12 under various conditions at 1300°F. 


made using similar samples which contained on the 
surface various amounts of PbO applied by spraying 
a suspension of PbO in acetone. These results, also 
plotted in Fig. 4, show that increasing amounts of 
PbO placed on the surface of the specimen cause 
greater weight gains to be experienced during oxida- 
tion. 

Since the additional weight gained by the samples 
containing PbO on the surface might be due to in- 
creased solubility of gas in the surface layer of 
oxide and PbO, as opposed to the formation of greater 
amounts of oxide from the base metal, a second group 
of tests was conducted. For these tests, sheet speci- 
mens of 21-12 were heavily coated with PbO and sub- 
jected to an air atmosphere at 1300°F for various 
lengths of time to determine whether an additional 
loss of base metal was associated with the increased 
weight gain. To accomplish this a record was made 
of the total weight gained for a given period as well 
as the metallic losses measured after electrolyti- 
cally cleaning the specimens of corrosion products 
in a molten salt bath. This method of cleaning did 
not attack the base metal to any significant degree. 
The results of these tests plotted against time, Fig. 
5, show that the ratio of weight gain to metal loss 
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Fig. 5—Oxidation of 21-12 coated with PbO at 1300°F. 
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Fig. 6—Effect of various amounts of PbO on Cr2O; at 1300°F. 


is approximately 0.43. If the amount of oxygen re- 
quired to transform a unit quantity of alloy to oxide 
is determined mathmetically, it is found to be 0.42- 
0.53 which is in good agreement with the experi- 
mental data. From these data it is concluded that the 
effect of lead oxide upon a stainless steel heated in 
air at 1300°F is an acceleration of the oxidation 
process. 

Effect of PbO and Cr,0,—In the preceding experi- 
ment, the specimens of stainless steel developed 
oxidation products of a complex nature comprised of 
several metal oxides derived from the base alloy. In 
order to study the changes in the oxides when con- 
taminated with PbO, a single oxide, Cr203, was se- 
lected for reaction with PbO in air at an elevated 
temperature. This selection was based upon the ob- 
servation that chromium exhibits good oxidation re- 
sistance in air at 1300°F through the formation of a 
single thin oxide film of Cr.0,. 

The initial tests were to determine whether a 
weight gain was associated with the reaction of Cr203 
and PbO at elevated temperatures. This was accom- 
plished by observing the weight changes of specimens 
heated to 1300°F in air using the thermobalance. The 
specimens for these tests consisted of silica plates 
1 1/2 by 2 1/2 by 1/8 in. dipped in a thick slurry of 
Cr,0; and water to form a heavy coating of Cr20; on 
the plates. After drying, various amounts of PbO 
were sprayed on the surfaces using a mixture of fine 
PbO in acetone, and the specimens were again 
thoroughly dried. Although PbO will react with silica, 
the plates were considered inert, because the 
small amount of PbO added, limited reactions 
to the outer layer of Cr,0;. The resulting data ob- 
tained for a number of specimens are plotted in Fig. 
6. These data show that a weight gain occurs, pre- 
sumably due to oxygen, and this weight increase is 
proportional to the amount of PbO added to the sur- 
face of the specimen. Analysis of the data reveals 
that 0.074 mg of oxygen is acquired from the at- 
mosphere for each milligram of PbO applied to the 
Cr,0,; surface. The weight gain accompanying the 
reaction of Cr,0; and PbO suggested the cause to be 
further oxidation of the original oxides with a result- 
ing increase in the valence of the metal ions present. 
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Table III. Comparison of Theoretical and Observed Ratios 


Cr/Pb 0,/PbO 
Theoretical 0.167 0.072 
Observed 0.158 0.074 


To determine whether the Cr+3ions, present in the 
Cr,0,, had been further oxidized, an alcoholic di- 
phenylcarbazide spot test’® was applied to the product 
of reaction of Cr,O, and PbO to detect the presence 
of Cr*®ions. This test showed that the product of re- 
action contained a large quantity of Cr*®ions where 
none was detected in the mixture before reaction. 
X-ray diffraction examination of the reaction product 
showed that a new compound had been formed. From 
chemical analysis of the amounts of Cr, Pb, and Cr*® 
present in the reaction product of various mixtures of 
Cr,0, and PbO, it was estimated that the Cr/Pb mass 
ratio of the compound was approximately 0.158. From 
this and the O,/PbO ratio previously determined, it 
is possible to show that the likely reaction of Cr20, 
and PbO proceeds as follows: 


2Cr,0, + 6 PbO + 30,—+2 Pb,Cr,0, 


Comparisons of the theoretical and observed ratios 
are in good agreement as shown in Table III. 

Spot tests for Cr*® made on oxides obtained from 
VMS 201 and 21-12 stainless steels heated in air 
show only Cr**present, but similar tests made on 
oxides obtained in the presence of PbO show a dis- 
tinct presence of Cr*® ions. 

Effect of PbO on Fe20;—Since iron is also catas- 
trophically oxidized by PbO, experiments were un- 
dertaken to observe the effects of PbO on Fe,0;. The 
red nonmagnetic oxide FeO; is the stable form of 
iron oxide in air and this stability is maintained even 
at high temperatures. If approximately 30 pct PbO 
(weight) is combined with Fe,O, and the mixture re- 
acted at 1600°F, the resulting product is a black 
magnetic oxide. X-ray diffraction shows that a com- 
pound has been formed with a structure unlike that 
of Fe,0O, or Fe,0, Alcoholic dimethylglyoxime spot 
tests!> of this compound reveal the absence of Fe*? 
ions. Further analysis of the compound confirms 
that the iron is present only in the higher valence 
state of Fe**. These tests show that although the 
material is highly magnetic, it is not Fe,0,. 

Similar spot tests were made with the oxides 
formed on VMS 201 and 21-12 stainless steels when 
heated in air. These oxides were found to contain 
significant quantities of both Fe** and Fe**ions. If 
oxidation of these same alloys was carried out in 
the presence of PbO, only the Fe** ion was found. 
This stabilization of the higher valence state with 
PbO is the same type of effect previously observed 
with Cr,0, and PbO. 

Effect of MoO, and V,0,—A number of spot tests 
was made to determine whether MoO, and V,O, 
caused similar effects. These tests demonstrated 
that neither oxide caused further oxidation of Cr*?, 
but both oxides caused the iron present in the scales 
of VMS 201 and 21-12 to assume only the Fe*® state. 
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DISC USSION 


When stainless steel is oxidized at elevated tem- 
peratures, a thin, continuous, nonvolatile film of 
oxide is formed on the surface of the alloy. The 
rate at which this film continues to form from the 
alloy is dependent upon the composition, crystalline 
nature, and thickness of the oxide layer enveloping 
the specimen as well as the external conditions pro- 
moting oxidation;7.e. time, temperature, atmosphere, 
and so forth. In order for the metal underlying the 
film to oxidize further, oxygen and metal ions must 
be brought together. In one case, oxygen from the 
surrounding atmosphere can enter the surface of the 
oxide film, diffuse through the film to the base metal, 
and react at the metal-oxide interface to form more 
oxide. As a second case, metal ions can diffuse out- 
ward from the base metal through the film to the 
oxide-gas interface to react with oxygen in the at- 
mosphere. The third case involves the simultaneous 
occurrence of both processes. Thus, the film of 
oxide which forms on the alloy surface is analogous 
to a permeable envelope which acts as a partial 
barrier between the metal and the atmosphere allow- 
ing a limited number of oxygen ions to pass inward 
and/or metal ions to pass outward. As the oxide 
which forms adds to the thickness of the already 
existing oxide film, the amount of oxygen or metal 
which can pass through the barrier is diminished 
because of the increased thickness. In the case of a 
stainless steel, the thin oxide film which forms in 
air at elevated temperatures acts as an effective ion 
barrier; hence, Stainless steels have good oxidation 
resistance. 

When oxidation is carried out in the presence of 
lead oxide, the envelope of metal oxide which forms 
is not highly protective and oxidation proceeds at a 
more rapid rate depending upon the amount of lead 
oxide incorporated into the film. Under these cir- 
cumstances oxidation proceeds at the metal-oxide 
interface as was demonstrated bythe platinum marker 
experiments. 

The experimental data show that chromium and 
iron ions present in the normal oxides formed in air 
on stainless steel are Cr*3, Fe*?, and Fe*+%. Many 
investigators have postulated that these ions form a 
complex oxide, called a ‘‘spinel’’, through which 
metal and oxygen ions diffuse only with great diffi- 
culty. These complex oxides have the general chemi- 
cal form of A,O;’BO which in the case of an iron 
chromium alloy would be Cr,0,:FeO. Tests made 
during this study show that when lead oxide is present 
during oxidation, the chromium and iron ions tend to 
assume the higher valence states of Cr*® and Fe*$ 
resulting in the formation of a complex oxide which 
unlike the spinel appears to offer much less protec- 
tion to the base metal. Thus it is concluded that the 
action of lead ions is to prevent the formation of 
protective spinel type oxides through the stabilization 
of the higher valence states of Cr*® and Fet3, 

As regards the effects of MoO, and V,O,, the data 
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show that neither of these oxide contaminants caused 
oxidation of Cr**%to the higher valence state, but both 
appear to act similar to lead oxide in causing the 
iron ions to appear in the Fe*® state only. In this 
respect the action of the three oxides appears to be 
identical. 


CONC LUSIONS 


1) The presence of lead oxide during the oxidation 
of a stainless steel causes an acceleration of the 
normal oxidation process similar to the effects of 
MoO, and V,O,. 

2) Oxidation of a stainless steel in the presence of 
lead oxide occurs at the metal-oxide interface through 
inward diffusion of oxygen. 

3) The reaction of PbO with Cr,O, results in the 
oxidation of Cr** to Cr*® and the formation of a new 
compound tentatively identified as Pb3Cr2O,. 

4) The reaction of PbO with Fe.O, results in the 
formation of a black magnetic oxide in which all of 
the iron ions are in the Fe* state. 

5) When stainless steels are oxidized in air, ions 
of Crt, Fet?, and Fe** are present in the oxides 
formed. If lead oxide is present during oxidation, 
ions of Cr+® and Fe+3 are found in abundance with 
Fe*? being absent. 

6) When oxidation of a stainless steel is carried 
out in the presence of MoO, or V,O, , oxidation of the 
chromium ion Cr+3 does not occur, but Fe*? is ab- 
sent indicating the stabilization of the Fe*? ion. 

7) When lead oxide is present during oxidation of 
a stainless steel, accelerated oxidation occurs be- 
cause the chromium and iron ions assume the higher 
valency states of Crt+® and Fe*+’ thereby preventing the 
formation of protective spinels. 
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The Hydrogen Reduction of a Low-Grade Siliceous 


lron Ore 


Sized fractions of Wisconsin Gogebic taconite were reduced 
with hydrogen over the temperature range from 600° to 1000°C. 
In general, the degree and rate of reduction increase with tempera- 
ture. Particle size has no observable effect except in the smaller 


fractions at 900°C and above, where reduction is impeded, possibly 
due to the siliceous nature of the ore. Gaseous diffusion appears 
to be significant as a rate controlling factor at certain stages. 


Tue depletion of high grade iron ore reserves in the 
United States has established the need to utilize all 
available iron ore deposits, both in long range plan- 
ning and from the viewpoint of national emergency. 
This has led to extensive research and development 
in this field. 

The beneficiation of Wisconsin Gogebic taconite ore 
has been previously studied by investigators at the 
University of Wisconsin,’ the United States Bureau of 
Mines,” Battelle Memorial Institute,’ and others. 
Methods investigated have included concentration by 
flotation processes, magnetic and gravity separation, 
magnetic roasting and various combinations of them. 

The foregoing studies have been concerned with the 
production of an enriched ore suitable for blast fur- 
nace use. If the ore could first be reduced to metallic 
iron and then beneficiated, the product could be used 
directly in the open hearth or electric steel-making 
furnace. The by-passing of the blast furnace should 
enhance the economic feasibility of the beneficiating 
process. 

The work reported here,* was undertaken to estab- 
lish data on the hydrogen reduction of Wisconsin 
taconite that would eventually lead to the development 
of an economic direct reduction process for this and 
perhaps other low grade siliceous ores. 

The volume of work on direct reduction can be 
judged by the fact that 240 direct reduction processes 
were patented in the United States alone up to 1951,” 
and numerous additional processes have since been 
developed. 

Some of the factors contributing to direct reduction 
development are: 

1) The increasing capital cost of the blast furnace 
and its accessory equipment. 

2) The decreasing availability of high grade domes- 
tic ore. 

3) The high cost of steel scrap for use in the open 
hearth and electric furnaces. 

In general, direct reduction processes can be 
divided into two types; those using a solid reductant 
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(coal, peat, lignite) usually carried out in a kiln, and 
those using a gaseous reductant (H,, CO) in a shaft 
furnace or a fluidized bed retort. As there is no low 
cost coal readily available in northern Wisconsin but 
natural gas could be quite easily obtained, it is 
believed a gaseous reductant process would offer the 
greater feasibility for use on Wisconsin taconite. It 
is hoped that this preliminary work will beof interest 
to other investigators in this increasingly important 
field. 


TACONITE ORE 


The ore used in the investigation was obtained 
originally from the U. S. Bureau of Mines’ and con- 
sisted of a representative composite made up from 
trench samples of the Norrie, Pabst, Plymouth, 
Pence, and Yale members of the Wisconsin Gogebic 
range iron formation. 

Chemically, the ore contains approximately 52 pct 
SiO, and 30 pct Fe. X-ray diffraction and other stud- 
ies indicate the principal minerals tobe quartz (SiO,), 
hematite (Fe,O,), and goethite (Fe,0,-H,O). Minor 
amounts of iron containing silicates, siderite (FeCO,), 
and magnetite (FeO -Fe,O,) are present. The iron 
minerals and quartz are so finely disseminated that 
the ore requires grinding to less than 200 mesh (74 
u) for essential liberation.’’” 

The iron content of each of the several size frac- 
tions studied is shown in Table I. 


EXPERIMENTAL METHOD 


The method used throughout the investigation was 
based on that developed by the U. S. Bureau of Mines 
in Minneapolis”” in which the course of reduction is 
followed by the loss in weight of the ore sample. 

More specifically, a 100-g sample of the size frac- 


Table I. Ore Analysis 


Size 100 

x x 
Fraction 9.371" 4mesh 4x8 8x14 14x28 28x48 100 200 
Iron Pct 29.8 29.8 31.2 31.9 32.1 304 31.5 30.3 
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Fig. 1—Stainless steel reactor tube. 


tion of ore to be reduced was placed on the stainless 
steel screen at the bottom of the stainless steel re- 
actor tube, Fig. 1. 

The reactor was placed ina 24 by 2-in. ID nichrome 
wound vertical tube furnace, the thermocouple, inlet, 
and exit connected, and the furnace turned on. Flexi- 
ble rubber tubing was used in making the gas inlet 
and exit connections to the reactor tube. 

When the temperature reached 100° to 200°C below 
the desired reduction temperature, the reactor was 
suspended from a triple beam balance (sensitivity 
0.1g) over the furnace, and nitrogen admitted at a 
flow of approximately 0.5 liter per min. 

After the desired temperature had been reached 
and maintained for 5 to 10 min to insure constant 
weight, the nitrogen was turned off and commercial 
tank hydrogen admitted, with the flow adjusted to 1 
liter per min by means of an adjustable valve and 
flowmeter. This flow was held constant during the 
reduction period. 

The temperature in the reactor was held to within 
plus or minus 3°C by the furnace controller connected 
to a chromel-alumel thermocouple placed in the fur- 
nace. The reactor temperature was determined by a 
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Fig. 2—Equilibrium diagram for the system Fe-O-H. 
Percent H,O in H, + H,O vs temperature. 


separate chromel-alumel thermocouple placed in the 
well in the reactor, Fig. 1. 

The temperature and weight of the reactor were 
read and recorded every 15 min for the first hour, 
and every half hour thereafter, until four hours of 
reduction had passed or the weight remained constant 
for a half hour. The furnace was turned off and the 
reactor cooled in place under aslow flow of hydrogen. 

Iron analyses were made by the standard potassium 
dichromate procedure after dissolution of the finely 
ground ore sample in concentrated hydrochloric acid. 


THEORETICAL CONSIDERATIONS 


In a study concerned with the reduction of iron 
oxides with hydrogen, the equilibrium relations and 
rates of the following reactions must be considered: 


3 Fe,0, + H, = 2 Fe,0, + H,O 
Fe,0, + H, = 3 FeO + H,O 
FeO + H, = Fe + H,O 

Fe;0, + 4H, = 3 Fe + 4H,O 


The equilibrium relations of the reactions have 
been quite well established by thermodynamic stud- 
ies.’’”® Calculations have shown that for the first 
reaction a very small percentage of reducing gas 
concentration and temperatures of approximately 
600°C are satisfactory for reduction but that for the 
further reduction of the other reactions higher tem- 
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Fig. 3—Reduction of 0.371 in. by 4 mesh size fraction. 


peratures and/or reducing gas concentrations are 
required.° The equilibrium diagram for the system 
Fe-O-H is shown in Fig. 2.'° From the diagram, in 
which the water vapor percentage in the hydrogen- 
water atmosphere is plotted against the temperature, 
it can be seen that at a temperature as low as 600°C, 
up to 25 pet water vapor may be presentand still have 
a reducing atmosphere. 

The kinetics of the above reactions have also been 
studied extensively,'’’”** The concensus of recent 
investigators is that the mechanism of reduction is 
a gas-solid reaction only at the oxide-metal interface 
and internal reduction proceeds by diffusion of iron. 
Above 560°C the reduction sequence is Fe,0,- Fe30,- 
FeO- Fe and below that temperature FeO is unstable 
giving the sequence Fe,0,- Fe,0,-Fe. The reduction 
rate has been found to givealinear relation with time 
and to increase with increase in temperature. The 
rate is also dependent on particle size, type of oxide 
reduced, reducing gas used, composition of reducing 
gas, and flow rate of reducing gas." 


PRESENTATION AND DISCUSSION OF RESULTS 


Results of the investigation are illustrated by the 
percent reduction vs time curves for the 0.371 in. 
by 4 mesh and 14 by 28 mesh size fractions presented 
in Figs. 3 and 4. The percent reduction is based on 
the chemical analyses of Table 1 and the assumption 
that all of the oxygen available for the reduction re- 
action is combined with the iron as Fe,O3. 
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It will be noted that all of these curves exhibit a 
relatively straight-line portion over the range from 
about 40 to 80 pct reduction, where normally one 
would expect to obtain a curve with continually de- 
creasing slope. Such curves would be obtained if the 
instantaneous reduction rate were proportional to the 
residual unreduced oxide. The reason for this 
straight-line portion is not entirely resolved. It is 
quite possible that this is related to the porosity and 
permeability of the particles studied, and suggests 
that a diffusional mechanism may be the principal 
factor controlling the reduction rate of this ore during 
this period. If the rate of reaction at the oxide-metal 
interface in this case controlled the reduction rate, 
as shown by McKewan’’ in his excellent studies on 
the kinetics of iron oxide reduction, the curves as 
plotted would not exhibit the straight line portion as 
discussed above. 

The possibility of ‘‘hydrogen starvation,’’ where 
the rate of hydrogen flow controls the reduction rate” 
has also been considered. This appears to be doubtful 
since, except in some instances during the first short 
periods, there was always an excess of hydrogen in 
the reactor over that required for the amount of re- 
duction obtained. 

Another point of interest is the extremely high rate 
of reduction during the first 15 min period. It is the 
opinion of the authors that this is due to the almost 
immediate reduction of the large number of small 
iron oxide grains included on or near the original 
surface of the ore particles which are directly avail- 
able to the reducing gas. Subsequently, the rate is 
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Fig. 5—Effect of temperature on reduction time 
(0.371 in. by 4 mesh). 


controlled by diffusion processes leading to the ap- 
proximate straight line portion of the curves as pre- 
viously discussed. 

Effect of Temperature—Reference to Figs. 3 and 4 
shows that temperature has a pronounced effect on 
both rate of reduction and the total reduction obtained. 

At 600°C (the lowest temperature studied) the rate 
is relatively low and in no size fraction was a total 
reduction of over 80 pct attained in the four hour 
period. 

Attention is called to the fact that although the rate 
of reduction at 1000°C is high, the total reduction is 
low. This effect has not been reported by other inves 
tigators and may arise from the siliceous nature of 
the ore. Sintering on the surface of the particles, 
particularly in the finer sizes, may hinder diffusion 
of the reducing gas or water vapor, since at a given 
temperature the reaction rate is dependent on reduc- 
ing gas pressure and composition as well as the area 
of the iron-oxide interface. In addition, some scaling 
of the reactor on the outside surface was noted at 
this temperature and may in part have contributed to 
these results. 

This same effect is also exhibited at 900°C for the 
smaller size fraction shown in Fig. 4. There was no 
scaling of the reactor surface at this temperature 
which lends support to the sintering theory. 

In Fig. 5 the effect of temperature on the time 
required for 30, 60 and 90 pct reduction for the 0.371 
in. by 4 mesh size fraction is shown. In a direct 
reduction process the time required for reduction 
would be of great importance. It can be seen that the 
time necessary for high degrees of reduction is con- 
siderably reduced as the temperature of reduction 
increases. 

The effect of temperature on the rate of reduction 
is shown in Fig. 6, in which the slopes of the straight- 
line portion of the reduction curves for the 0.371 in. 
by 4 mesh size fraction, Fig. 3, are shown at the 
various temperatures of reduction. The points fall 
approximately on a straight line and show a linear 
relation between temperature and rate of reduction. 
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Fig. 6—Effect of temperature on reduction rate 
(0.371 in. by 4 mesh). 


Since this is the case, an Arrhenius plot (logarithm 
of reduction rate vs the reciprocal of the absolute 
temperature) will not give a straight line. This again 
suggests that the reaction itself is not controlling the 
reduction rate of this ore over the straight-line por- 
tions of the curves of Figs. 3 and 4. 

Curves similar to those discussed above, Figs. 5 
and 6, result from plotting the corresponding data 
from Fig. 4 for the 14 by 28 mesh size fraction. 

Effect of Particle Size—There appears to be no 
general correlation between particle size of the ore 
as such, and either the rate of reduction or total re- 
duction for temperatures below 900°C. 

As previously discussed under Effect of Tempera- 
ture the total reduction obtained above 900°C was 
low. This divergence became more apparent as the 
particle size was reduced and in fact in the size 
ranges below 28 mesh not only was the total reduction 
low but the rate of reduction at 900° and 1000°C was 
less than that obtained at 800°C. 

That the particle size has little effect at tempera- 
tures below 800°C but does show some effect at 
higher temperatures could result from the nature of 
the ore. Previous investigations have shown reduci- 
bility to decrease as particle size increases but also 
to be dependent on the porosity and permeability of 
the material reduced, with reducibility being directly 
proportional to porosity.° 

The mineralogy of taconite shows the iron minerals 
to be intimately associated with the silica which 
comprises the major portion of the ore. Silica under- 
goes a phase transformation at 573°C (a to 8 quartz) 
which involves a volume change that may lead to con- 
siderable cracking of the ore particles. Thus, for a 
gaseous reduction reaction the taconite particles may 
exhibit a porosity and ‘‘effective’’ surface area 
generally unrelated to gross particle size. Barrett 
and Wood have shown particle size to have little 
effect on reducibility of a limonite ore which was 
porous and easily reduced." 

The decrease in reduction rate and total reduction 
at temperatures of 900° and 1000°C with a decrease 
in particle size may result from sintering of silica, 
iron, or iron oxides, or to silica-iron oxide reactions 
on the surface of the particles. As the particle size 
is materially reduced, the surface area increases 
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and surface effects causing a decrease in diffusion 
of gases would be more pronounced in the smaller 
size fractions. 


SUMMARY 


A laboratory experimental investigation on the 
direct gaseous reduction of Wisconsin taconite has 
indicated that the iron-bearing minerals in this ore 
are readily reduced to the metallic state by hydrogen. 

In general, the degree of reduction as well as the 
rate of reduction increases with increase in tempera- 
ture from 600° to 1000°C. In some cases at 900° and 
1000°C complete reduction was not obtained, possibly 
due to the siliceous nature of the ore. 

Broadly speaking, ore particle size as such had no 
marked effect on reduction at 800°C and lower. At 
900° and 1000°C both the rate and degree of reduction 
were low for particle sizes below 28 mesh. 

It is tentatively concluded that gaseous diffusion 
within the ore particles is the controlling factor at 
certain stages of the reduction process. 

Investigations on the gaseous reduction of this type 
of low grade siliceous ores are continuing in order 
to establish more clearly the mechanisms involved. 
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Self-Diffusion of Copper in Molten Copper 


Self-diffusion coefficients of copper in molten copper have 
been measured by the capillary reservoir method in the temipera- 
ture range 1140° to 1260°C. The results can be represented by the 
equation D = [(1.46 + 0.01) X 10-°] exp [(-9710 + 710)/RT] cm/sec. 


The energy of activation agrees within the limit of experimental 
uncertainty with that for viscous flow. The relationship between 
the diffusivity and coefficient of viscosity is best described by the 


equation D = kT/4nnr cm’ /sec. 


MeEasurEMENT was made of the self-diffusion co- 
efficient of copper in molten copper in the tempera- 
ture range 1413° to 1533°K, using the capillary re- 
servoir technique and Cu™ as the radioactive tracer. 
The procedures for filling the capillaries, making 
the diffusion run and evaluating D.,, from the count- 
ing results were the same as described previously.’’” 
All experimental operations involving the melt were 
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carried out in a purified argon atmosphere. A graph- 
ite crucible, enclosed in a McDanel tube, was used 

as a container for the melt because of its satisfactory 
nature as a refractory material and the low solubility 
of carbon in copper. Graphite was also used for the 
capillary material. A McDanel thermocouple sheath, 
to which graphite radiation shields were affixed, was 
used to hold the capillaries. By moving this sheath 
through a rubber seal at the top of the McDanel tube, 
the capillaries could be lowered into or raised out of 
the melt. A Globar furnace with a constant tempera- 
ture zone (+ 2°C) of 2 in. was used to heat the assem- 
bly. The temperature of the furnace was the equilib- 
rium value corresponding to a given setting of the 
transformer. Temperature was measured with a Pt- 
10 pet Rh/Pt thermocouple and varied during a run 
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Table |. Self-Diffusion Data of Copper in Molten Copper 


Av. Spec. 

Diffu- Activity of Initial Spec. 

sion Length of Diffusion Sample after Activity of 

Temp. Capillary, Time, +t, Diffusion, C, Bath, C,, D x 108 

E.2€ l, Cm Sec cpm/g. cpm/g Cm?/sec 

1260 1.30 1500 3451 13510 5.75 
1.60 1500 2802 13510 5.74 
1.58 1500 2950 13510 6.22 
1.30 1500 3533 13510 6.05 

1190 4:23 2400 1143 3517 5.27 
1.52 2400 905 3517 5.00 
1.20 2400 1158 3517 5.12 
1.30 2400 1150 3517 5.08 

1150 1.10* 1800 818 2755 4.66 
1.13% 1800 800 2755 4.68 

1140 1.42 2400 2251 8822 4.28 
1.42 2400 2303 8822 4.48 
1.10* 2400 2804 8822 4.18 
1.22* 2400 2592 8822 4.20 
1.35% 1800 2050 8220 4.96 
1.16* 1800 2342 8220 4.27 


*Capillary diameter 0.159 cm, remainder 0.119 cm. 


(25 to 40 min) less than + 3°C. Diffusion runs were 
carried out by immersing capillaries filled with non- 
radioactive melt into radioactive melt. Samples for 
Co determination were obtained by filling capillaries 
from the bath immediately before a diffusion run. 
After the run, the copper rods in the capillaries 
were recovered by mechanically removing the graph- 
ite. Because of the short half life (12.8 hr) of Cu™, 
the counting results obtained for the samples and 
that for the bath in a given run had to be corrected 
to the same time basis before being used for the 
calculation of the diffusion coefficients. The fact 
that the value of D.,, is reproducible for different 
capillary diameters and lengths and different diffus- 
ion times indicated that the boundary conditions re- 
quired by the equation used to calculate this value 
were essentially obeyed during the diffusion runs. 

The results are shown in Table I and can, together 
with the 50 pct confidence limits, be represented by 
the equation 


D = [(1.46 + 0.01) x 10°*] exp [(-9710 + 710)/RT] 
x em?/sec. 


Since the viscosity | coefficient 7 of molten copper 
has been measured, it is of interest to test the va- 
lidity of the Stokes-Einstein relationship, 
D = kt/(67nr), and the Eyring relationship 
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Table Il. Validity of Relationships Between Diffusivity and 
Other Physical rroperties in Molten Copper 


D x 10°, Dx 10°, 
D x 10°, Stokes Dx 10°, Suther- Dx 10, 
Temp., Ue This Work Einstein Eyring land Swalin 
poise Cm?/sec Cm?/sec Cm*/sec Cm*/sec Cm?*/sec 
1150 .0418 4.60 2.58 24.3 3.87 19.6 
1200 .0391 5.15 2.85 27.0 4.30 21.0 
1240 .0362 5.70 3.7 29.9 4.57 223 


D = kT/(2nr), between D, n, and the radius r of the 
diffusing species. Sutherland’ has proposed an equa- 
tion that takes into account the difference in size be- 
tween the diffusing species and the diffusion medium. 
If the diffusing species is assumed to be the cuprous 
ion (r = 0.96A) Suther land’s equation reduces to 

(4m nr). Swalin® has derived an equation, 

= 1.29 x 10°°T */AHy cm/sec. where AHy is 
heat vaporization’ (76. 96 kcal per g-atom), and 
(1.73 A’) is a function of the force constant k of 
Waser and Pauling,’ from which Dc, can be calcula- 
ted. The values of D.,, calculated from the foregoing 
relationships are shown in Table II. 

The energy of activation for viscous flow in molten 
copper is about 8.9 kcal. per g-atom as compared to 
that for self-diffusion obtained in this work (9.7 + 0.7) 
keal per g-atom. This agreement is within the uncer- 
tainty limit of these values. 

Consideration of Table II shows that Sutherland’s 
correlation yields values of D.,, that agree best with 
those measured. This agreement may be fortuitous 
but was also found in the study of the self-diffusion 
of silver.” 
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The Isothermal Transformations of Ti-2.5AI-l6V 


and Ti-4AI-3Mo-1V 


A study was made of the transformation kinetics of the com- 
mercial titanium-base alloys, Ti-2.5Al-16V and Ti-4Al-3Mo-1V, 
using two different heat treatment cycles: 1) step-quenching to 
aging temperatures froma 8 solution anneal and 2) water-quench- 
ing from an @+ 8 solution anneal followed by reheating to aging 
temperatures. Metallographic examination and hardness testing 
provided the major portion of the data, while electrical resistivity, 
dynamic elastic modulus, and X-ray diffraction techniques were 
also used to obtain critical or confirmatory data. TTT diagrams 


were constructed from these results. 


Tue sheet alloys, Ti-2.5Al-16V and Ti-4Al-3Mo-1V, 
are of current interest to the Department of Defense. 
As an aid to the planning of their respective heat 
treatments, a program was carried out to determine 
the transformation kinetics of these alloys using 8 
and a+ reference states. This paper presents the 
TTT diagrams constructed from data obtained by 
metallographic examination and hardness testing, as 
well as by X-ray diffraction, electrical resistivity, 
and dynamic elastic modulus determinations. 


EXPERIMENTAL PROCEDURE 


Materials—Sheets of the alloys were obtained from 
the producers in the ‘‘mill anneal’’ condition and 
were tested prior to shipment to assure their meet- 
ing mill specifications. Chemical analyses were also 
supplied and are presented in Table I. 

Heat Treatment—The majority of the data present- 
ed in this study were obtained from hardness testing 
and metallographic examination. Sample coupons 
were cut from the alloy sheets and heat treated on a 
mass scale. The annealing cycles were operated in 
the following manner: 

1) The £ solution anneals were carried out ina 
horizontal tube furnace with the bare samples pro- 
tected by a dynamic helium atmosphere. Following 
this treatment, the samples were quickly transferred 
to lead, solder, or oil-bath furnaces for aging. After 
prescribed times at the various reaction tempera- 
tures they were water-quenched. 

2) The second cycle simulated commercial prac- 
tice, which requires the alloys be quenched to room 
temperature following the @+ 8 solution anneal. 

This anneal was carried out in a muffle furnace with 
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a dynamic helium atmosphere. The specimens were 
then reheated from room temperature to the reac- 
tion temperatures in lead, solder, or oil-bath fur- 
naces, followed by water-quenching after prescribed 
times at these temperatures. 

Information concerning the critical temperatures 
of the alloys was obtained from the literature and 
solution treatments were based on these values. A 
summary of the solution annealing treatments is 
found in Tables II and III. The aging temperatures 
for the @-§ alloys ranged in 50°C intervals from 
200°C (392°F) to approximately 50°C below the 
B/a+ 8 transus in the first cycle and approximately 
50°C below the a+ solution temperature in the 
second. The transformations in these alloys were 
known to be rather rapid, and thus aging times start- 
ed at 0.5 min and went to a maximum of 7000 min. 

Hardness Testing and Metallographic Preparation— 
Heat-treated samples were sheared and mounted in 
Bakelite with their cut edges exposed. After a flat 
surface was ground, the hardness was determined in 
Vpn on an Armstrong-Vickers machine utilizing a 
20-kg load. Three to four impressions were made on 
each specimen. After this procedure, the hardness 
impressions were removed and the edge surfaces of 
the specimens were prepared for metallographic ex- 
amination in the usual manner. The etchant was 20 


. pet HF and 20 pct HNO, in glycerine. 


Electrical Resistivity—It has been shown that the 
isothermal reactions in titanium-base alloys can be 
followed by measuring the changes in electrical re- 
sistivity attending these transformations.* As men- 
tioned earlier, the reaction kinetics of a@-£ alloys 
are rather rapid; thus, it would be expected that re- 
sistivity data obtained from these alloys would be 
more significant if measurements were made continu- 
ously at the respective aging temperatures. To ac- 
complish this end a special apparatus, based on the 
current-potential principle, was assembled. Its de- 
sign was derived from earlier devices constructed 
by Colner and Zmeskal* and Levinson.” The set-up 
provided for the heat treatment of machined speci- 
mens (approximately 2 107 ‘in.” in cross section by 
3 in. in length) and the determination of their relative 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


t- 


u- 


Table |. Chemical Analyses 


Concentration, Wt Pct wee 
Alloy Al Mo Vv Cc Fe H, N, In. Producer 
Ti-2.5Al-16V 2.49 - 15.67 0.02 0.21 - 0.012 0.050 Mallory-Sharon Metals Corp. 
Ti-4Al-3Mo-1V 4.1 2.9 1.0 0.024 0.09 0.015 0.013 0.042 Titanium Metals Corp. of America 


changes of resistivity with elapsed time. A Speedo- 
max potentiometer recorded the emf data. A com- 
plete description of the apparatus and techniques is 
reported elsewhere.” 

Dynamic Elastic Modulus Measurements—The in- 
crease of the dynamic elastic modulus of titanium- 
base alloys during aging transformations has been 
observed in detail.”® Specifically, the large in- 
creases attending the precipitation of transition 
phases (e.g., w) make the measurement of this prop- 
erty useful in the study of complex transformations. 
Specimens were machined to the dimensions 3 in. by 
0.350 in. by the sheet thickness, and tested at room 
temperature after being given critical heat treat- 
ments. The details of the apparatus and techniques 
have been published. 

X-Ray Equipment and Techniques—Heat-treated 
alloy slivers were electropolished in an electrolyte 
of 6 gm AIC1, (anhydrous), 28 gm ZnCl,, 90 ml meth- 
anol, and 10 ml glycerine; this process reduced them 
to fine pins.® The samples were placed in a 14 cm 
Debye-Scherrer powder camera and examined for 
phase identification with nickel-filtered copper Ka 
radiation. 


RESULTS AND DISCUSSION 


Ti-2.5Al-16V—Recently Harmon and Troiano stud- 
ied the transformations of Ti-2.5Al-16V using dila- 
tometric and X-ray diffraction techniques.’° The 
present work has carried the investigation further 
by other methods, and the results are in close agree- 
ment with the earlier work. Any quantitative dis- 
crepancies can be laid to compositional differences 
between the materials used in the two studies* and 

*Harmon and Troiano also used commercial sheet supplied by Mallory- 
Sharon Metals Corp. 
to the variation in sensitivity of the various methods 
of investigation. 

The transformations of this alloy are comparable 
to those observed in titanium-vanadium alloys.’ A 
TTT diagram for the decomposition of 8 (formed at 
900°C or 1652°F and quenched directly to reaction 
temperatures below the 8/a+ transus) is shown in 
Fig. 1. The initial reaction product is @ at tempera- 
tures to just above 350°C (662°F), as is seen in Figs. 
2 and 3. Particle size diminishes with successively 


Table Il. Beta Temperatures for Titanium-Base Alloys 


Transus Solution Anneal 


Temperature, Temperature, Time, 
Alloy Ref. °F Min 
Ti-2.5A1-16V 800 1472 (1) 900 1652 20 


Ti-4Al-3Mo-1V 970 1778 (2) 1020 1868 20 
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lower aging temperatures, and this refinement in- 
creases hardening (see hardness curves in Fig. 4*). 


*Data points have been omitted from these curves for the sake of 
clarity. It was considered justified since a smooth curve could be drawn 
through all points. The curves represent data gathered for each tempera- 
ture after periods of 1/2, 1, 2, 3, 5, 10, 30, 70, 100, 1000, and 4000 min. 
The transformations were considered complete when 
hardness began to drop off and no further micro- 
structural changes were observable. 

At 350°C (662°F) and lower, the decomposition 
becomes quite complex. In samples aged at 300° and 
350°C (572° and 662°F), the 6 grains appear ‘‘mot- 
tled’’, but no precipitate was resolvable at magnifi- 
cations as high as X1000. Structures seen at 350°C 
(662° F) are found in Fig. 5. The hardness level 
reached during this reaction is rather high, and X-ray 
diffraction identified the transition phase w as being 
present. This indicated that the sequence of trans- 
formation in this range is: 


The second stage of this reaction was suspected after 
100 min at temperature with the appearance of parti- 


Table Ill. Alpha and Beta Temperatures for Titanium-Base Alloys 


Commercial @ + 8 a+ 8 Solution Anneal 

Solution Temperatures, Temperature, Time, 
Alloy “°C oF Hr 
Ti-2.5Al-16V 743 1370 (1) 740 1364 1 
Ti-4Al-3Mo-1V 843-900 1550-1652 (2) 890 1634 1 


¥-STRUCTURE DETERMINED Y-START OF HARDNESS 
700}. BY X-RAY DIFFRACTION __ INCREASE 
@START OF RESISTANCE V-START OF HARONESS 
INCREASE DE CREASE 
41200 
41100 
Bra 
*.500 | —— 
4 900 w 
B Bra 
w 400 
a a 
= 4700 = 
B+w +w+a - 
300 |} ____~¢ = Brwt+a 
‘Nw | + 500 
B+ B,(Low-voce) 
1o-! 10 102 103 104 


TIME , MINUTES 


Fig. 1—TTT Diagram for Ti-2.5Al-16V solution annealed 
at 900°C (1652°F) for 20 min and quenched directly to re- 
action temperatures. Summary of data. Metallographic 
observations are consistent with these curves. 
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cles in the microstructure and @ lines in the X-ray 
diffraction patterns. 
In the study of reactions below 300°C (572°F), it 


450°C (842°F) 
400 — 
/ 550°C (1022°F) 
° 300 
600°C (1112° F) 
| 
« | 
x | 
400 
300 | 
| | 


0 107! \ 10 102 103 104 
TIME , MINUTES 


Fig. 4—Hardness vs Time Curves for Ti-2.5Al-16V solu- 
tion annealed at 900°C (1652°F) for 20 min and quenched 
directly to reaction temperatures. 
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Fig. 2—Ti-2.5Al1-16V solution annealed at 
900°C (1652°F) for 20 min and quenched 
directly to 600°C (1112°F). After 1 min, 
-/ unreacted transforms martensitically 

upon water-quenching. Decomposition of 
/ £8 to 8 + @ is nearly complete after 100 
Py. min. (a) 1 min, 254 Vpn. (6) 100 min, 
265 Vpn. X250. Reduced approximately 
26 pct for reproduction. 


Fig. 3—Ti-2.5Al1-16V solution annealed. 

at 900°C (1652°F) for 20 min, and quench- 
ed directly to 400°C (752°F). The more 
refined @ precipitation results in greater 
hardening. (a) 10 min, 275 Vpn. (b) 100 
min, 425 Vpn. X250. Reduced approxi- 
mately 26 pct for reproduction. 


was noted that the microstructures of samples water- 
quenched after being held briefly (i.e. 30 sec) at this 
temperature level showed no martensitic a.” This 


*The M, temperature appears to be just below 200°C (392°F). 


apparent £ stabilization (also reported by Harmon 
and Troiano) would be analogous to the stabilization 
of austenite in steels by step-quenching briefly to 
temperatures close to the M,. The retained § struc- 
ture persisted after longer times at these tempera- 
tures, (Fig.6), despite the hardness and elastic modu- 


Table 1V. Dynamic Elastic Modulus Determinations for Ti-2.5Al-16V 


E, at Room Temperature 
Aging Psi x 10° 
Temperature, As Solution Aging Time, Min 
Treatment ce °F Annealed 10 100 


Solution annealed at 900°C 
(1652°F) for 20 min and 
quenched directly to aging 


temperature. 11.74 
450 842 12.43. 15.21 
350 662 12.11 14.04 
325; 617 11.69 14.17 
300 11.93 14.93 
200 392 132. 15.55 


Solution annealed at 740°C 


(1364°F) for 1 hr, water- 
quenched and reheated to 


aging temperatures. 11.79 
450 842 12.78 15.42 
300 572 45° 17.33 
200 392 12.29 14.98 


TRANSACTIONS OF 
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‘ 
(a) (b) 
(a) ( 


(a) 


lus data which indicated a transformation was in pro- 
gress (see Fig. 4 and Table IV). X-ray diffraction 
patterns exhibited two sets of bcc lines indicating the 
presence of two like phases of differing compositions. 
This evidence has been shown to be indicative of an- 
other transition reaction consisting of the formation 
of a low-vanadium bcc phase.’° 

The data obtained by electrical resistivity meas- 
urements at temperature were also used in the con- 
struction of this TTT diagram, as well as the one for 
the quench-and-reheat cycle. These results will be 
discussed completely after the presentation of the 
data and diagram for the latter cycle. 

By changing the solution-annealed state from all-f 
to one consisting of a+ ‘formed at 740°C or 1364°F) 
and then quenching to room temperature before aging, 
the reactions discussed above are shifted slightly. In 
the TTT diagram shown in Fig. 7, it is seen that the 
shift is to lower temperatures and longer times. The 
appearance of the microstructure was the only sig- 
nificantly different manifestation of this treatment. 
The (a) formed during solution annealing* was in a 


*Designated as (@) for this alloy and Ti-4Al-3Mo-1V. The hcp phase 
formed during aging is denoted by & without parentheses. 


Fig. 6—Ti-2.5Al-16V solution annealed at 900°C (1652 ° F) 
for 20 min and quenched directly to 250°C (482°F). The £ 
phase appears to be unchanged at this temperature but, 
X-ray diffraction indicated the presence of a second bcc 
phase having a low-vanadium content. (a) 1000 min, 410 
Vpn. X250. Reduced approximately 26 pct for reproduc- 
tion. 
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Fig, 5—Ti-2.5A1-16V solution annealed 
at 900°C (1652°F) for 20 min and quench- 
4 ed directly to 350°C (662°F). A ‘‘mottled’’ 
— B structure is evident at 5 min. High 
h magnifications could not resolve a pre- 
‘ cipitate. X-ray diffraction identified w 
as being present in these structures. 
aa \ Particles, presumably ©, are seen after 
1000 min. (a) 5 min, 317 Vpn. (b) 1000 
> : min, 420 Vpn. X250. Reduced approxi- 
i. mately 26 pct for reproduction. 


at 740°C (1364°F) for 1 hr, water-quenched and reheated 
to reaction temperatures. Summary of data. Metallograph- 
ic observations are consistent with these curves. 


fine globular form strung out in the rolling direction 
(Fig. 8). Typical microstructural changes that take 
place during transformation are seenin Fig.9. X-ray 
diffraction aided in identifying phases. Hardness 
response to this treatment is shown in Fig. 10. Dy- 
namic elastic modulus measurements were also 
made and provided some results of significance. It 
is believed that w has a higher modulus than a, and 
both have higher values than that of 8. Also, this 
property is only dependent on relative amounts of 7 
phases present and not particle size or distribution.’ 
Thus, the high modulus value (17.33 x 10° psi) of the 
alloy after 100 min. at 300°C (572°F) was probably 
due to the presence of w which was found by X-ray 
diffraction. The modulii of step-quench cycle sam- 
ples aged at 300°, 325° and 350°C (572°, 617°and 662 °F) 
did not reach quite as high values (see Table IV) 
though, as mentioned earlier, w was also found by 
X-ray diffraction and indicated by metallographic 
and hardness data. 

The electrical resistivity measurements were 
quite sensitive to the initiation of transformations 
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Fig. 7—TTT Diagram for Ti-2.5Al-16V solution annealed 
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Fig. 8—Ti-2.5Al-16V solution annealed at 740°C (1364°F) 
for 1 hr and water-quenched. Structure shows fine @ 
particles in a § matrix. Hardness is 244 Vpn. X1000. Re- 
duced approximately 26 pct for reproduction. 


in this alloy in both heat treatment cycles. It was 
observed that resistance increased as transforma- 
tion took place and leveled off to a constant value at 
some point before the completion of the reaction. 
The increases were small, 7.é., about 3 to 5 pct. It 
is known, however, that resistance decreases when 
the property is measured at room temperature in 
aged alloy samples. ’* Referring to the work of Wyatt, 
in which he studied the relative resistivity of the a 
and £ phases in unalloyed titanium, one can deter- 
mine why such an effect was observed. It is seen 
that a has a much higher temperature coefficient of 
resistivity than 8. Also, in the vicinity of the a/f 
transus, the resistivity of a is slightly greater than 
B, whereas if B could be retained at room tempera- 
ture, the reverse would be true. By alloying, one 
can stabilize an a + 8 structure at room tempera- 
ture and little change is brought about in the relative 
resistivity of the two phases. Thus, in the alloy 
Ti-2.5Al-16V, the equilibrium value of resistivity 
of the room-temperature, a + 8 structure is inter- 
mediate between the room-temperature a and £ 
values. When an alloy sample, solution annealed in 
the £ field, was quenched to room temperature, it 
had a higher value of resistance than the @ + 6 con- 
dition since nearly all the 8 was retained. When the 
sample was step-quenched to an intermediate re- 


il 
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Fig. 9—Ti-2.5Al-16V solution annealed ie 
at 740°C (1364°F) for 1 hr, water-quench- 
ed and reheated to 600°C (1112°F). Re- 

jection of isothermal @ is obvious after 

5 min. (a) 5 min, 260 Vpn. (b) 100 min, 

272 Vpn. X1000. Reduced approximately 
26 pet for reproduction. 


action temperature, * its initial resistance was quite 


*Above 350°C (662°F) 
close to the room-temperature value due to the low 
temperature coefficient of 8. As transformation 
began with the rejection of @, the total resistance 
of the sample increased since the resistivity of @ 
is greater than £ at this elevated temperature. 
Interruption of the reaction at any point by cooling 
showed the sample resistance to be lower at room 
temperature than it was in the initial all-8 condi- 
tion. This was because the @ now present in the 
structure has a lower resistivity than 8 at room 
temperature. * 

*This explanation can also apply to the quench-and-reheat cycle by 
simply accounting for the small amount of (@) present, formed during the 
solution anneal. 


At 350°C (662°F) and lower, where the transition 
reactions take place, resistance increases were also 
observed. The w behavior was comparable to that of 
a as discussed above; however, this was not wholly 
true of the reaction involving the low-vanadium bcc 
phase. It appears that the latter phase also has a 
higher resistance than # at temperature as shown by 
resistance increases during transformation, but, upon 
cooling, a negative temperature coefficient of resist- 
ivity was observed. At the present, it is unknown 
whether this negative coefficient is a property of the 
low-vanadium bcc phase itself or some anomolous 
effect due to the coexistence of the twobcc structures. 
Similar behavior has been reported for titanium- 
vanadium alloys by Brotzen, Harmon, and Troiano.°® 
These investigators also pointed out that upon re- 
heating an alloy, (which has undergone the w reac- 
tion), to a higher temperature, the alloy reverts to 
8. Corroborating evidence was found when several 
quench-and-reheat cycle samples aged below 350°C 
(662° F)—thus having w or the low-vanadium bcc 
phase present—were raised from room temperature 
to about 600°C (1112°F). The rate of heating was 
about 20°C per min, and their resistance and corres- 
ponding temperature were measured continuously. 
The percent change of resistance from the nearly- 
all-8 condition (at temperature prior to transforma- 
tion) was calculated and plotted against temperature 
in Fig. 11. The difference in temperature coefficient 
of resistivity of the transition phases is quite evident 
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Fig. 10—Hardness vs Time Curves for Ti-2.5Al-16V solu- 
tion annealed at 740°C (1364°F) for 1 hr, water-quenched, 
and reheated to reaction temperatures. 


here. The temperature where the curves change 
slope markedly is about 370°C (698°F) and appears 
to be the upper limit for the stability of w according 
to the other data. The subsequent decrease in re- 
sistance observed, points to a reversion to the phase 
with the lowest resistance at temperature, namely f. 
The increases that follow at higher temperatures are 
most likely due to the nonisothermal precipitation of 
from the new 8. 

Attempts to correlate the time to reach the maxi- 
mum resistance increase with critical points observ- 
ed by other techniques were unsuccessful. As has 
been mentioned, the leveling off always occurred 
prior to over-aging in the @ precipitation range and 
at lower temperatures prior to maximum hardening. 
It is possible that this represents a certain, rather 
large, percentage of decomposition, after which 
changes in resistance are immeasurable; although 
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me Fig. 12—Ti-4Al-3Mo-1V solution annealed 
mrt? at 1020°C (1868°F) for 20 min and quench- 
~ ed directly to 750°C (1382°F). Isothermal 
@ is observed to precipitate from £6 after 
0.5 min. The composition of remaining £ 
has not been altered sufficiently to pre- 
vent the martensite transformation upon 
quenching to room temperature. When 
held for longer times, the unreacted f is 
retained on quenching. (a2) 0.5 min, 342 
Vpn. (b) 1 min, 307 Vpn. X250. Reduced 
approximately 26 pct for reproduction. 
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Fig. 11—Relative resistance change upon reheating of 
several Ti-2.5Al-16V samples, which were solution anneal- 
ed at 740°C (1364°F), water-quenched, aged, and then air 
cooled to room temperature. 


mechanical changes (i.e. softening due to agglomera- 
tion, principally) still occur. 

The decomposition of f in this alloy has been dis- 
cussed thoroughly by Harmon and Troiano. Their 
explanation was based on the concepts of Hardy and 
Heal” who theorized that precipitation processes 
follow the path of minimum activation energy. That 
is, the relative rates of various precipitation react- 
ions at any temperature determine which reaction 
will take precedence. By this argument, Harmon and 
Troiano showed that between the B/a + 8 transus and 
some lower temperature, the precipitation of @ is 
favored in this alloy. When this reaction becomes 
sluggish (at successively lower temperatures), the 
precipitation of w becomes energetically more favor- 
able. Finally, the w reaction slows up at still lower 
temperatures, and the transformation involving the 
low-vanadium bcc phase takes place. 

Ti-4Al-3Mo-1V—The transformations observed in 
Ti-4Al-3Mo-1V after quenching from a f solution 
anneal (e.g. 20 min at 1020°C or 1868°F) to aging 
temperatures below the 8/a + B transus are typical 
of a-8 alloys having relatively high M, tempera- 
tures.'* The M, was bracketed between 600° and 
650°C (1112° and 1202°F) by the metallographic ex- 
amination of aged samples. Aging above this temper- 
ature is typified by @ precipitating from #8 in a usual 
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Fig. 13—Hardness vs Time Curves for Ti-4Al-3Mo-1V 


solution annealed at 1020°C (1868°C) for 20 min and quench- 


ed directly to reaction temperatures. 


nucleation and growth manner (see Fig. 12). The 
effect on hardness is seen in Fig. 13. Hardness de- 
creases in structures formed at the higher tempera- 
tures are due to matrix softening, 7.¢., as 8B becomes 
richer in solute with the precipitation of coarse a 
particles, progressively less a’ forms upon quench- 
ing. Little or no hardness change results at tempera- 
tures close to the Mg, probably the result of finer @ 
precipitation counteracting the matrix softening. 
Quenching to reaction temperatures below the M, 
produces the martensitic transformation, i.e., B ~ a’. 
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Fig. 15—TTT Diagram for Ti-4Al-3Mo-1V solution anneal- 
ed at 1020°C (1868°F) for 20 min, and quenched directly to 
reaction temperatures. 
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Fig. 14—Ti-4Al-3Mo-1V solution annealed at 1020°C 
(1868° F) for 20 min, and quenched directly to 500°C 
(932°F). Af + @* structure transforms to 8 + @. X250. 
Reduced approximately 26 pct for reproduction. 


The amount of a’ is greater the lower this tempera- 
ture. Isothermal transformations below the M, are 
apparently a combination of @ precipitating from the 
remaining 8, as above, and a tempering of the a’, 
both resulting in a fine @ + structure. It was 

not possible to determine the My, below which only 
the tempering of a’ occurs. These are difficult re- 
actions to follow metallographically as is evident 


3 
Fig. 16—Ti-4Al-3Mo-1V solution annealed at 890 °C (1634° F) 
for 1 hr and water-quenched. Structure consists of @ 
particles in a matrix of 6 + @’. Hardness is 266 Vpn. 
X1000. Reduced approximately 26 pct for reproduction. 
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from Fig. 14; but there are modest increases in hard- 
ness that give an indication of the kinetics of these 
transformations (see Fig. 13). Thus, the TTT dia- 
gram, presented in Fig. 15, was constructed from 
metallographic observations above the M, and hard- 
ness data below it. 

As would be expected from the discussion above, 
the alloy quenched from the a+ 8 solution anneal at 
890°C (1634°F) is softer than the B-quenched condi- 
tion (260 vs 350 Vpn, respectively). Its metallographic 
structure seen in Fig. 16 consists of small (@) parti- 
cles in a matrix that appears to have @’ needles pre- 
sent. X-ray diffraction patterns of this as-quenched 
condition showed a predominance of lines of the @ 
(and a’) phase with some 8 lines also observed. With 
the relatively large amount of a present, it is evi- 
dent that the Mg has been lowered due to the f phase 
becoming rich in £-stabilizing elements. The My 
has been depressed below room temperature result- 
ing in a room-temperature matrix of B+ a’. 

From a comparison of the structures of aged sam- 
ples, (Figs. 17 and 18), with the hardness curves, 
(Fig. 19), the M, lies between 400° and 450°C (752° 
and 842°F). The reactions above the M; are quite 
rapid and produce considerable hardening. The ma- 
trix darkens as it transforms, especially when the 
alloy over-ages (see Fig. 17). This is reminiscent of 
the transformationof structures of Ti-2.5Al-16V. 
Thus, as the alloy is heated above the M, tempera- 
ture, any @’ present is quite unstable and either re- 
verts to for transforms to a + # (the former being 


Fig. 17—Ti-4Al-3Mo-1V solution anneal- 
ed at 890°C (1634°F) for 1 hr, water- 
quenched and reheated to 600°C (1112°F). 
The matrix rejects @ and darkens as 
transformation is completed. (a) 5 min, 
356 Vpn. (b) 1000 min, 299 Vpn. X1000. 
Reduced approximately 26 pct for repro- 


more probable), while the 8 proceeds to reject a fine 
precipitate. 

Below the M,, the 8 + @’ matrix transforms slug- 
gishly, resulting in some hardening after long times 
at 350° and 400°C (662° and 752°F). The micro- 
structures emphasize the @’ needles of the matrix 
at these temperatures, evident in Fig. 18. Over-ag- 
ing was not observed. The TTT diagram developed 
from these data is presented in Fig. 20. 

Resistivity measurements were also used in the 
Study of the quench-and-reheat cycle. The results 
were quite different in character from those obtained 
during the aging of the a + @ structure of Ti-2.5Al- 
16V. The alloy exhibited a rather high temperature 
coefficient of resistivity, undoubtedly due to the large 
portion of @ present*. The resistance of the alloy 


*Refer to the earlier discussion concerning the relative resistivity of 
the and phases. 


decreased slightly with time at temperature (i.e. 
about 1 to 2 pct). The start of this change did not 
correlate well with the hardness data, and the cor- 
relation became worse with decreasing temperature 
as seen in Fig. 20. However, the resistance leveled 
off at times comparable to the completion of the 
transformation as determined by the other techniques. 
It is difficult to make a positive interpretation of 
the above results. However, one can perhaps specu- 
late that the resistivity effect is due mainly to the 
instability of a’ at temperatures above the M,. In 
the @ + 8 condition vf Ti-2.5Al-16V, which is nearly 


/ e “Fig. 18—Ti-4Al-3Mo-1V solution anneal-  . yy" Y_ A 
0 ed at 890°C (1634°F) for 1 hr, water- 3 
og <6 (a) 1000 min, 340 Vpn. (b) 3500 min, 350 
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Fig. 19—Hardness vs Time Curves for Ti-4Al-3Mo-1V 
solution annealed at 890°C (1634°F) for 1 hr, water-quench- 
ed and reheated to reaction temperatures. 


all 8 as-quenched, the precipitation of @ results in 
as much as 5 pct increase of resistance at tempera- 
ture. There is a substantially greater percentage of 
@ in the as-quenched @ + # structure of this alloy. 
Thus, it may be inferred that the amount of additional 
@ to be formed during the aging of this alloy is rela- 
tively less than is formed in the aging of Ti-2.5Al- 
16V. In turn, its effect on resistivity would be ex- 
pected to be smaller. Now, if a’ reverts to B — which 
would tend to decrease resistivity at temperature— 
the two reactions would be in competition. Therefore, 
the total decrease in resistance observed may be the 
resultant of the two effects. Thus, the assumption 
could be that although the reversion of @’ probably 
has no bearing on mechanical properties, it perhaps 
has a substantial effect on electrical properties of 
this alloy. 


SUMMARY 


TTT diagrams for the DOD sheet alloys, Ti-2.5Al- 
16V and Ti-4Al-3Mo-1V were constructed from metal- 
lographic and hardness data, with additional critical 
data obtained by electrical resistivity, dynamic 
elastic modulus, and X-ray diffraction techniques for 
the two different heat treatment cycles. The following 
are the important features of these diagrams: 


1.) Ti-2.5Al-16V 


a) B solution anneal at 900°C (1652°F) for 20 min, 
followed by quenching directly to reaction tempera- 
tures results in: 

B-~B+ a; between the 8/a + 8 transus (800°C or 
1472°F) and about 370°C (700°F). 
B~B+w-B+w+aQ; between 370°C (700°F) and 
290°C (555°F). 

B= + B,(low-V bec); between 290°C (555°F) and 
the Mg, which is slightly below 200°C (392°F). 
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Fig. 20—TTT Diagram for Ti-4Al-3Mo-1V solution anneal- 
ed at 890°C (1634° F), water-quenched and reheated to re- 
action temperatures. Summary of data. Metallographic 
observations are consistent with these curves. 


b) 8 + (a) solution anneal at 740°C (1364°F) for 1 
hr followed by water quenching and then reheating to 
reaction temperatures results in: 

B+ (a) + B+ (a) + @; between 740°C (1364°F) 
and about 370°C (700° F). 

B+ (a) (a) +w+ between 
about 370°C (700°F) and 280°C (536°F). 

B+ (a) + (a) + By (low-V bcc); between 280°C 
(536°F) and just below 200°C (392°F). 


2.) Ti-4Al-3Mo-1V 


a) B solution anneal at 1020°C (1868°F) for 20 min- 
utes, followed by quenching directly to reaction tem- 
peratures results in: 

between the B/a + transus (970°C or 
1778°F) and M, (600° to 650°C or 1112° to 1202°F). 
B+ a’~+B+ a; below the Mg. 

b) 8 + (a) solution anneal at 890°C (1634°F) for 1 
hr, followed by water quenching and then reheating 
to the reaction temperatures results in: 

B+ (a) + (@) + a; between 890°C (1634° F) 
and the M, (400° to 450°C or 752° to 842°F). 
B+ a’+(a) +B + (a) + @; below the Mg. 
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Uranium Solubility in Bismuth-Base Liquid Solutions 


Uranium solubility in molten bismuth was determined in the 
temperature range 350° to 600°C, varying from 0.09 wt pct to near 
2 wt pet, respectively. Zirconium and magnesium, simulated fis- 
sion products, and sodium were found to increase or decrease 


uranium solubility in bismuth in the temperature range 370° to 
420°C, depending upon the addition or temperature. Data were 
obtained by both chemical analysis of samples obtained by filtra- 
tion from saturated melts and by measurement of the variation of 


electrical resistance with temperature. 


In a study for the United States Atomic Energy 
Commission, a Liquid Metal Fuel Reactor Experi- 
ment (LMFRE) was proposed in which a solution of 
uranium dissolved in molten bismuth served as both 
the fuel solution and the primary coolant. It was 
proven necessary to add other elements to this solu- 
tion for certain desirable properties: 1) zirconium 
acts to prevent reaction of the fuel solution with the 
graphite core (which would result in the formation of 
uranium carbide) and also to inhibit mass transfer 
of iron and chromium from the walls of the reactor 
tubing to cold spots resulting in blockage; and 2) 
magnesium acts as a deoxidant and prevents loss of 
uranium. In addition to these intentional additives, 
other elements entering the solution are: 1) fission 
products which are a by-product of reactor operation, 
2) sodium (the secondary coolant) through possible 
small leaks in the heat exchange system, and 3) iron 
and chromium from the container walls. Each of 
these elements may affect the solubility of uranium 
in the fuel solution. Since the concept of this reactor 
is based upon a liquid solution, the relatively low 
solubility of uranium in bismuth will dictate the mini- 
mum temperature at which the reactor heat exchanger 
can be operated. 

The solubility of uranium in liquid bismuth and the 
effect of some additives on this solubility have pre- 
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viously been investigated’~° (more recent results” 


became avaliable after initiation of this investigation). 
However, some discrepancies between the various 
results have been noted, and also the cumulative ef- 
fect of the several additions or impurities was not 
known. This investigation was commenced to obtain 
definitive results. 


MATERIALS 


Analyses of the materials used are presented in 
Table I. Although ostensibly of extreme purity 
(99.999 wt pct), the bismuth was found to contain a 
significant amount of impurities, probably oxides. 
Except for determination of the binary system, Bi-U, 
prior to use all bismuth was hydrogen-refined and 


Table |. Material Analyses* 


Im- Zirconium, Magnesium, Uranium, 
purity Bismuth, Ppm Ppm Ppm Ppm 

Al - - 35 20 

Ag 1.0 - 

C - - - - 660? 

Ca - 10 to 100T - <100 

Cl nil - - - 

Cu 1.9 5 to 50f <25 <10 

Fe 2.4 5 to 50T Za <30 

Mg - <10 - 

Mn - - - <10 

Ni - - <10 

Pb 1.6 ~ - <10 

Si - - _ 230 100 to 1000 

Sn - - - <100 

Ti - - <25 = 

Zr - - - <10 


*Manufacturer’s analysis except where noted. 
tQualitative spectrochemical analysis (ARF). 
+Vacuum-fusion analysis. 
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_ = Fig. 1—As-received 
—— bismuth illustrating 
age impurity precipitate. 

Five pet Nital etch. 

== X500. Reduced ap- 


proximately 27 pct 
_ for reproduction. 


filtered through type 430 stainless steel fiber filters 
with a 28-u average pore size. A comparison of the 
as-received and the hydrogen-refined and filtered 
bismuth is illustrated in Figs. 1 and 2. 

Zirconium, magnesium, and uranium were rolled 
to sheet to provide convenient melting stock. Binary, 
bismuth-base master alloys of the elements to be 
used in simulating fission products were received 
from Brookhaven National Laboratory. These were 
combined into Bi-2.3 wt pct fission product having a 
nominal composition listed in Table II. 


EXPERIMENTAL TECHNIQUES 


In the prosecution of this investigation two inde- 
pendent experimental techniques were employed: 1) 
chemical analysis of samples obtained by filtration 
from saturated melts and 2) determination of the 
variation of electrical resistance with temperature. 

Fig. 3 illustrates the equipment used to obtain 
filtered samples of the liquid metal solutions. The 
high degree of temperature control and uniformity 
required was attained by immersion of the retorts in 
lead baths. All portions of the equipment which could 
possibly come into contact with the melts were fabri- 
cated from molybdenum, which has negligible solu- 
bility in bismuth, to prevent contamination. However, 
in some cases Croloy 2 1/4 (Fe-2 1/4 Cr-1Mo) cru- 
cibles were employed to intentionally add saturation 
quantities (about 5 ppm) of iron and chromium. An 
air lock allowed introduction of additions and removal 
of samples without disturbing the protective atmos- 
phere of helium. Bureau of Mines high-purity helium, 
further purified by passing through a cold-trap was 
employed. 


Table Il. Nominal Composition of Simulated Fission Products 


Element Wt Pct 
Mischmetal (50 wt pct Ce) 30 
Rb 2 
Sr 6 
Rh 2 
Pd 1 
Te 3 
Ba 6 
Pr 5 
Nd 10 
Sm 5 
Ru 10 
Cs 20 
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Fig. 2—Hydrogen- \ 
refined and filtered 49 
bismuth. Five pct Pag 

Nital etch. X500. 

Reduced approxi- 

mately 27 pct for 

reproduction. Im- 

provement over Y 
Fig. 1 is apparent. ; 


Initially, molybdenum samplers with press-fit 
fiber molybdenum filters (35-1 average pore size) 
were used. Later, Pyrex samplers, illustrated in 
Fig. 4, with a 15 pw average pore size fit were em- 
ployed. Comparison of results and spectrographic 
examination of specimens to determine silicon pick- 
up established that the use of Pyrex samplers intro- 
duced no errors into the results. To remove samples 
from the melt, the sampler was brought to a position 
directly above the liquid and allowed to reach temper- 
ature equilibrium. The system was then partially 
evacuated and the sampler immersed in the melt. A 
seal was formed by the liquid over the filter, and 
pressurization of the system caused a pressure dif- 
ferential sufficient to force the liquid through the 
filter into the cavity. 

Melts were prepared by filtering hydrogen-refined 
bismuth directly into chemically cleaned and hydrogen- 
reduced crucibles, adding zirconium and/or magne- 
sium (if applicable) to further deoxidize the melt and 
finally adding the uranium. After sufficient equilibra- 
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tion, samples were removed and analyzed and adjust- 
ments to the concentration of the melt were made. 
Fission products and sodium, when applicable, were 
added to the melts after the uranium. Over a period 
of time the concentration of the melts would shift 
slightly due both to small amounts of oxygen intro- 
duced during sampling (twenty or more samples 
were often removed from one melt) and to changes 
in the over-all compositions due to removal of quan- 
tities of the liquid phase. With the exception of the 
Bi-U binary system, the solutions studied had more 
than two components, and this change in the over-all 
compositions would influence the composition of the 
liquid phase at a given temperature. Additions were 
sometimes necessary to correct for these changes— 
uranium, zirconium, and magnesium to correct for 
the oxidation losses and bismuth to correct for re- 
moval of solute-lean solution. 

Samples were taken on both heating and cooling. 
After a change in temperature, sufficient time was 
always allowed to assure equilibrium conditions 
prior to sampling. In all cases the last samples were 
taken above the temperature of interest. An increase 
in uranium concentration insured that saturation of 
the solution did exist at the lower temperature. 

Reactor operating conditions dictate that the phase 
equilibrium of interest is that between a liquid solu- 
tion and the first solid to form upon cooling. While 
large excesses of uranium could be used in determi- 
nation of the binary system, the complex phase equi- 
libria of the systems with a larger number of com- 
ponents necessitated over-all uranium concentrations 
very Close to the solubility limit to prevent shifting 
to phase equilibria other than that of primary inter- 
est. The samples, weighing 3 to 4 g, were immersed 
in mineral oil for protection immediately after re- 
moval from the system. Analysis of uranium was by 
wet chemical techniques, while the analysis of mag- 
nesium, zirconium, iron, chromium, barium, and 
silicon contents was done by spectrochemical meth- 
ods. Flame photometric techniques were used for 
sodium analyses. 

A sample holder used in resistance measurements 
is illustrated in Fig. 5. A current is passed through 
the circuit, and the voltage drop across the standard 
and then the unknown resistance is measured. The 
voltage drop across the standard resistance estab- 
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lishes the value of the current flowing through the 
circuit, and application of Ohm’s law yields the re- 
sistance of the specimen. Development of suitable 
specimen holders proved to be critically dependent 
upon the bore of the capillary used to separate the 
arms. It had to be small enough to give sufficient 
sensitivity and yet large enough to permit easy flow 
of the metal solution from one arm to the other to 
insure continuity. Capillary tubing having a 1 1/2- 
mm bore finally proved to be satisfactory. 

The specimens charged into the holders were either 
synthetically composed from arc-melted bismuth- 
base master alloys or filtered samples removed from 
the melts. The holders were sealed under a partial 
pressure of argon to prevent collapse. Calibrated 
thermocouples were wired directly to the capillary 
tube. The specimens were allowed to equilibrate at 
525° to 550°C overnight. Operation of a variable 
transformer then allowed continuous cooling rates of 
about 30°C per hr. Readings were taken at approxi- 
mately 10°C intervals. Holding the specimens for a rs: 
prolonged time at one temperature and duplicating the Dore 
procedure during heating established that equilibra- 
tion was quite rapid, and no significant errors were 
introduced by taking readings during the slow cooling. 


RESULTS 


System Bi-U—The initial work on this system util- 
ized 250-g melts having an over-all composition of 
3 wt pct U. Molybdenum crucibles and samplers were 
used. Runs were conducted with hydrogen-refined 
and non-hydrogen-refined bismuth. Samples were 
taken after the melt was both heated and cooled with 
no disparity in results. A third melt prepared by 
hydrogen-refining and filtering the bismuth, in situ, 
into a Croloy 2 1/4 crucible was investigated. Sam- 
ples were removed from this melt by Pyrexsamplers. 

Data obtained from all three melts are presented 
in Fig. 6. It is evident that the data for all three 
melts are in complete agreement. Selected data from 
other investigators are also shown in this figure. It 
is evident that the disagreement between investigators 
is not too serious. When the logarithm of concentra- 
tion is plotted vs the reciprocal of the absolute temper- 
ature, van’t Hoff’s relation predicts a straight line. 
From the data obtained it is evident that two straight 
lines intersecting at about 470°C result. Brookhaven 
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Fig. 6—Uranium solubility in system Bi-U. 
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National Laboratory has also reported a break in the 


However, the present data indicate a more severe 
break than has been noted previously. This seems to 
indicate a change in the nature of the solution. Fur- 
ther evidence of this change is obtained from resist- 
ance data and will be discussed below. 

. Two resistance runs were also made for binary 
alloys. The liquidus temperatures determined by 
resistance techniques for these alloys are presented 
below, together with the liquidus temperatures deter- 
mined by filtration techniques for comparison. 


Liquidus Temperature, “C 
U, Wt pct U, Ppm_ Resistance Sampling 
0.47 4700 505 510 
0.10 1000 362 355 


Excellent agreement between the two methods is 
evident. 

System Bi-U-Zr—Data from Brookhaven National 
Laboratory had indicated that, in the composition 
range to be considered, the solid in equilibrium with 
liquid changes with increasing zirconium content from 
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Fig. 7—Resistance vs temperature upon cooling a Bi-1260 
ppm U-145 ppm Zr specimen at rate of 25 C per hr. 


UBi, to a ternary intermetallic compound. This 
change in phase fields is accompanied by an abrupt 
decrease in uranium solubility. At any given temper- 
ature the over-all composition of an alloy would, 
therefore, determine its equilibrium phase field, the 
position of tie-lines within the field, and hence the 
uranium solubility. Therefore, all solubility data 
were obtained from alloys having over-all uranium 
compositions as close as possible to the solubility 
limit. Croloy 2 1/4 crucibles and Pyrex samplers 
were used. Random checks of iron, chromium, and 
silicon content indicated that they were negligible 
and should in no way affect the results. 

In addition to data obtained by filtration techniques, 
two specimens synthesized from arc-melted master 
alloys, were analyzed by resistance methods. Fig. 7 
illustrates the resulting plot for one of these alloys. 
As expected, a discontinuity in the curve is evident 
at each temperature corresponding to a change in the 
phase equilibria for the alloy. Changes in the temper- 
ature coefficient of resistivity of the alloy are quite 
complex, depending upon the quantities of each phase 
present and their individual temperature coefficient 
of resistivity. Due to the nature of this investigation 
no interpretation of these changes was attempted; 
but, rather, attention was focused upon the tempera- 
tures at which discontinuities were evident in the 
experimental curves. These discontinuities in the 
resistance-versus-temperature curve are quite sig- 
nificant even though only a minor amount of material 
is precipitated. The temperature at which breaks in 
the resultant curves appear for the two samples are: 
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Composition Temp. of Breaks, °C 
Bi-840 ppm U-105 ppm Zr 497 358 — 
Bi-1260 ppm U-145 ppm Zr 506 412 356 


The high-temperature break was disconcerting be- 
cause it seemed to indicate precipitation initiating at 
this temperature. To investigate this further, an ad- 
ditional sample was removed by filtration techniques 
directly from the melt. By virtue of the filtration, no 
solid could have been present at the sampling temper- 
ature of 370°C. However, the resistance-vs-tempera- 
ture plot for this specimen also indicated a high-tem- 
perature break in addition to one at 375°C (within 5°C 
of the sampling temperature). Therefore, the high- 
temperature break does not appear to be due to the 
precipitation of a solid, and the second break appears 
to be the liquidus. Later samples in another system 
further verified this. A third break at 350° to 360°C 
was noted in many specimens and appears to be due 
to the initiation of three-phase equilibria. A ternary 
invariant reaction occurring at about 315°C has also 
been indicated by inflections in the resistance-versus- 
temperature curves. 

The data obtained by both filtration and resistance 
techniques are presented in Fig. 8. Although the zir- 
conium content of specimens varied with sampling 
temperature, due to coprecipitation with uranium, 
the position of the tie-lines was such that the zircon- 
ium content of the solution was not changed appreci- 
ably. For example, the difference between the maxi- 
mum and minimum zirconium content in the samples 
obtained at various temperatures and represented by 
the 125 ppm Zr curve in Fig. 8 was 30 ppm. Whereas 
this variation in zirconium content could result in 
appreciable changes in uranium solubility at low zir- 
conium levels, above 100 ppm zirconium only minor 
effects are to be expected as shown in Fig. 9. There- 
fore, data are plotted for an average zirconium con- 
tent in Fig. 8 and also for the subsequent Figs. 10, 

11, and 12 representing more complex systems. It 

is evident that the data obtained from the two independ- 
ent methods are in excellent agreement. Minor zir- 
conium additions appreciably reduce the solubility 

of uranium. An interesting point to note is the inter- 
section of the curves for the two zirconium contents 
at exactly the temperature range predicted for three- 
phase equilibria by the resistance data. 

From the compiled data of many samples isotherms 
have been derived for the Bi-U-Zr system, Fig. 9. 
Since the data for the low zirconium contents were 
obtained from melts using unrefined bismuth which 
contained large excesses of uranium, they are some- 


Fig. 9—Isothermal liquidus curves of system Bi-U-Zr. 
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Fig. 8—Uranium solubility in system Bi-U-Zr. 


what doubtful and that portion of the diagram is shown 
with dashed lines. 

System Bi-U-Zr-Mg—Three independent melts 
were used in the investigation of this system. Three 
different magnesium contents were studied, each 
having an over-all zirconium content of 350 ppm. An 
over-all uranium concentration of about 1700 ppm 
was maintained in the melts during sampling below 
410°C. For sampling at higher temperature the 
uranium content was raised to 2000 ppm. Both zirco- 
nium and magnesium compositions changed, and the 
data for the experiment averaging 4850 ppm magne- 
sium follow: 
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Fig. 10—Uranium solubility in system Bi-U-Zr-Mg. 


Sampling Sample Analysis, Ppm 

Temp. °C <i Zr Mg 
361 700 225 3850 
372 900 240 5000 
385 1050 260 4300 
397 1260 255 5100 
412 1570 330 6000 


The zirconium compositions varied over a much 
wider range as compared to the Bi-U-Zr system, 
and no average is given in Fig. 10. However, the ef- 
fect of this difference in zirconium content should 
not mask the marked effect of magnesium upon 
uranium solubility shown in Fig. 10. 

Two resistance specimens were prepared by re- 
moving filtered liquid from one of the melts. A com- 
parison of sampling temperatures and temperatures 
of the breaks in the resistance-versus-temperature 
curves is presented below: 


Sampling Temperature, °C Temperature of Break, °C 
402 396 
369 369 


Agreement between the two techniques is excellent. 
In the resulting curve for each sample, a higher tem- 
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Fig. 11—Uranium solubility in system Bi-U-Zr-Mg-F. P. 


perature break was observed in the region 420-430°C, 
corresponding to a similar observation in the system 
Bi-U-Zr. 

The data obtained by the filtration techniques are 
presented in Fig. 10. In the composition range 1500 
to 5500 ppm, magnesium does not materially affect 
the uranium solubility as compared to the ternary 
system Bi-U-Zr at 370°C. However, for all magne- 
sium concentrations studied, the uranium solubility 
rapidly increased with increasing temperature, be- 
coming greater than that in the ternary system Bi-U- 
Zr at temperatures of 375° to 392°C depending upon 
magnesium content, and equal to that in the binary 
system Bi-U at about 405°C. The effect of changing 
the magnesium content was generally minor; further 
work would be necessary to establish the relation- 
ships. 

System Bi-U-Zr-Mg Fission Products— Fission 
product additions were made to melts resulting from 
investigation of the system Bi-U-Zr-Mg in the form 
of a Bi-2.3 wt pct F.P. master alloy. Two fission 
product levels, 100 and 200 ppm, were studied at 
three magnesium contents. Complete analysis for 
all elements present in the fission products was pre- 
cluded by financial considerations. A single element, 
barium, was therefore assumed to be representative 
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of all the fission products and was the only element 
analyzed. 

Results of this system are presented in Fig. 11. 
Within the range 100 to 200 ppm total fission pro- 
ducts, little effecton uranium solubility, as compared 
to that in the system Bi-U-Zr-Mg, was noted. Again, 
the effect of varying the fission product level within 
this range was not definite. 

System Bi-U-Zr-Mg-Na—Two sodium concentra- 
tions, 80 and 5000 ppm, were studied in a melt having 
a 350 ppm Zr and 5000 ppm Mg nominal over-all 
composition. This zirconium concentration in pre- 
vious systems studied corresponded to a zirconium 
content in the liquid of about 200 ppm. In this system 
the zirconium content of the liquid analyzed 295 to 
490 ppm, dependent upon sampling temperature. 
Since the higher value is above the nominal composi- 
tion, the exact zirconium composition of this run is 
questionable. At the lower sodium level studied the 
analyzed sodium content agreed quite well with the 
nominal throughout the temperature range studied. 
However, although the sodium content was nominally 
5000 ppm for the higher sodium melt, the analyzed 
values varied from 2080 to 5040 ppm with changes 
in sampling temperature. 

Data for this system are presented in Fig. 12. As 
compared to the system Bi-U-Zr-Mg, uranium solu- 
bility is not greatly affected by the addition of 80 to 
5000 ppm Na in the lower temperature region. How- 
ever, at higher temperatures the 5000 ppm sodium 
appears to increase the uranium solubility. 

Further Observations on the High-Temperature 
Break Observed in Resistance- vs- Temperature 
Plots—It has been noted that when resistance-vs- 
temperature plots have been made for all alloys 
investigated, a discontinuity appears at a tempera- 
ture higher than the liquidus. For the Bi-U-Zr alloys 
studied, this break occurs in a temperature region 
corresponding to the intersection of the two straight- 
line segments of Fig. 6, representing uranium solu- 
bility in the binary system Bi-U. Gross, et al., indi- 
cate that vapor pressure measurements for the 
binary system also show a discontinuity in this tem- 
perature range. It is thought that these phenomena 
might all be related to a change in the short-range 
order of the liquid. 


SUMMARY 


Two independent techniques have been successfully 
utilized to determine uranium solubility in molten 
bismuth and the effect of various additives upon this 
solubility. Uranium solubility varies from about 
0.09 wt pct (900 ppm) at 350°C to near 2 wt pct at 
600°C. In the temperature range studied, 370° to 
420°C, the effects of the additives can be summarized 
as follows: 

1) Zirconium: In concentrations greater than 75 
ppm zirconium drastically reduces uranium solubility 
as compared to that in the binary system Bi-U. 

2) Magnesium: In the composition range 1500 to 
5500 ppm, magnesium does not materially affect the 
uranium solubility as compared to the ternary system 
Bi-U-Zr at 370°C. However, for all magnesium 
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Fig. 12—Uranium solubility in system Bi-U-Zr-Mg-Na. 


concentrations studied, the uranium solubility rapidly 
increased with increasing temperature, becoming 
greater than that in the ternary system Bi-U-Zr at 
temperatures of 375° to 390°C (dependent upon mag- 
nesium content) and equal to that in the binary sys- 
tem Bi-U at about 405°C. The effect of varying the 
magnesium content is uncertain but small. 

3) Fission Products: Within the range 100 to 200 
ppm total fission products, little effect on uranium 
solubility (as compared to that in the system Bi-U- 
Zr-Mg) was noted. The effect of varying the fission 
product concentration was not definite. 

4) Sodium: Uranium solubility, as compared to that 
in the system Bi-U-Zr-Mg, is not greatly affected 
by the addition of 80 or 5000 ppm sodium in the lower 
temperature region. However, at higher temperatures, 
5000 ppm sodium appears to increase the uranium 
solubility. 

On the basis of these results, the desirable contri- 
butions of magnesium together with zirconium (to 
200 ppm) to the properties of the fuel solution may 
be realized without decreasing uranium solubility 
below that exhibited in the binary system Bi-U. It 
has also been demonstrated that uranium solubility 
will not be materially affected by fission product 
build-up during reactor operation nor by the accumu- 
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lation of sodium through small leaks in the heat ex- 
change system. 


ACKNOWLEDGMENTS 


The authors gratefully acknowledge the financial 
support of this work by the Babcock and Wilcox Co., 
Atomic Energy Division, under the AEC Subcontract 
No. AT(30-1)-.1940-7. They also wish to express 
their gratitude for the assistance given by personnel 
at Brookhaven National Laboratory, especially Drs. 
D. G. Schweitzer and J. R. Weeks; to Dr. H. E. 
Zellnik of Union Carbide Co. (temporarily assigned 
to the Babcock and Wilcox Co.) for his continuing 
encouragement; and to the analytical chemistry per- 
sonnel of the Armour Research Foundation for their 


Gold-Silver Alloy 


Effects of Explosive Shock Waves on a 


A gold-silver alloy was deformed by explosive loading at 
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shock pressures up to 510 kbars. The stored energy and hardness 
increased over the whole range of pressures; the largest rates of 
increase were observed between 120 and 150 kbars. In this range, 


markings characteristic of deformation twins first appeared; 
higher pressures produced markings in all grains. These effects 
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are compared with those of conventional deformation processes 


In recent years, increasing efforts have been devoted 
to the investigation of the effects produced in metals 
by the passage of high-intensity shock waves of explo- 
sive origin. By properly utilizing the energy released 
by the detonation of a high explosive, it is possible to 
generate pressure pulses of the order of 509 kbars 
and higher. (One kbar equals 10° dynes per sq cm or 
approximately 1000 atm.) The passage of a shock 
wave through a metal occurs at pressures which are 
very much greater than the yield strength. As the 
shock front passes a point in the metal, the pressure 
rises almost instantaneously, and continues to act at 
the point for a few microseconds. Thus, metals Sub- 
jected to explosive shock loading experience a nearly 
instantaneous increase in pressure, and a subsequent 
release of pressure, which is almost as rapid. Under 
these conditions mechanical twinning and shear trans- 
formations occur readily. 
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and are discussed in relation to probable structural changes. 


M. B. Bever 


Smith’ has investigated the metallurgical changes 
in copper and iron resulting from exposure to explo- 
Sive shock waves. He found an appreciable increase 
in hardness in both metals. In copper, a hardness 
greater than that resulting from 95 pct reduction in 
thickness by rolling was obtained, yet in the explosive 
deformation, the thickness of the specimen decreased 
only a few percent. After explosive loading, the micro- 
structure of copper showed markings characteristic 
of mechanical twins. 

The amount of stored energy resulting from explo- 
sive loading is of interest. Measurements of the 
stored energy of cold work as a function of strain, 
temperature, strain rate, and composition have been 
made with gold-silver alloys deformed by rolling,” 
orthogonal cutting, drilling,* filing,” wire drawing, 
and torsion.” The investigation reported here was also 
carried out with a gold-silver alloy and its results 
can be compared with those for the deformation of 
this alloy by more conventional methods. 


EXPERIMENTAL PROCEDURES 


An alloy containing 82.6 wt pct Au and 17.4 pct Ag 
was purchased in several batches from Handy and 
Harman Co., New York, as annealed rod 1/4 in. diam. 
The rod was cold-rolled to a sheet approximately 
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TABLE I. Stored Energy, Hardness, and Microstructural Features as Functions of Shock Pressure and Calculated Transient Strain 
in Explosive Loading 


Shock Pressure, Calculated Stored Energy, Microhardness, 
kbars Transient Strain cal/g-atom Khn Microstructural Features 
Grains with Average No. No. of Orienta- 
Markings, of Markings tions of Markings 
Percent per Grain per Grain 
0 0 0 60.6 + 4.1 0 0 - 
120 0.083 5 72.042 31 1 1 
150 0.105 23 89.4 + 2.5 16 b 1 
290 0.172 28 102.2 + 1.9 100 12 1 and 2 
510 0.264 31 11.34 3.1 100 ~ 1 and 2 
340* 0.200 16 107.6 + 3.0 


*Specimens cooled in air after explosive loading. All other specimens quenched in water. 


0.046 in. thick. Specimens 3/4 in. sq were machined 
from the sheet and annealed in vacuum for 1 hr at 
550°C. 

Explosive Loading—The explosive loading treat- 
ments were carried out at the Eastern Laboratory, 
Explosives Department, E. I. duPont de Nemours & 
Co., Inc., Gibbstown, N.J., by a technique developed 
by personnel of that laboratory. The experimental 
procedure and the method of determining shock pres- 
sures will be described elsewhere.*”” 

A stack of five specimens was explosively loaded 
in each shot. A flat-topped pressure pulse was gener- 
ated in the specimens by high-velocity impact from 
an explosively-propelled driver plate of copper. A 
slab 5-in. sq and 1/2 in. thick of EL-506A sheet ex- 
plosive (85 pct PETN-15 pct binder) was detonated 
with a plane-wave generator to provide uniform pres- 
sure against the driver plate. The plate velocity, 
and hence the pressure were changed by varying the 
thickness of the driver plate with a constant explosive 
charge. The calculated values of the pressure are 
probably accurate to + 20 kbars. High-speed framing 
camera observations of the driver plate indicated 
that the shock was essentially plane across the speci- 
mens. 

The specimens were fired into a water-filled tank. 
They were stored in liquid nitrogen or dry ice until 
further use. In a few preliminary shots at a pressure 
of about 340 kbars, the specimens were not quenched 
in water. 

Calorimetry—The stored energy of specimens sub- 
jected to explosive loading was measured by tin solu- 
tion calorimetry. In this method, the stored energy 
is obtained as the difference of the heat effects on 
solution in tin of known weights of deformed and 
standard samples added successively from a refer- 
ence temperature.’’° The difference in the heat 
effects, corrected for the change in the heat of solu- 
tion with changing composition of the tin bath, repre- 
sents the difference in energy of the two types of 
samples, that is in the present case the stored energy 
resulting from the explosive loading. 

Four of the five specimens explosively loaded in a 
shot were brought to room temperature from the 
storage temperature and, after final cleaning, were 
cut into strips 3/8 in. long. Samples of between 3 
and 4 g were weighed and stored at -195°C until ad- 
ded to the calorimeter. The total time a sample 
spent at room temperature while being prepared 
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never exceeded 30 min; this exposure is believed not 
to have affected the stored energy. Samples consist- 
ing of single specimens were added tothe calorimeter 
and compared with each other and with samples con- 
sisting of mixtures of specimens from the same ex- 
plosive shot. Any differences in the stored energies 
measured were within the experimental error. 

The standard samples, with which the explosively 
deformed samples were compared, were prepared 
from the same cold-rolled strip as the specimens to 
be explosively deformed and were annealed simulta- 
neously with them. In addition, some explosively de- 
formed specimens were annealed and used as stand- 
ard samples. No difference in the heat effects on 
solution of the standard samples prepared by these 
two methods was detectable. 

Two determinations of the stored energy were 
made at each shock pressure. The largest difference 
between the two values was 6 cal per g-atom. 

Hardness Measurements—One of the five specimens 
which constituted a stack was selected from each shot 
for hardness measurements. A Wilson Tukon testing 
machine was used with a 200-g load. The long diago- 
nal of the Knoop indenter was oriented parallel to 
the surface of lightly etched transverse sections of 
the sheet. At least 10 readings were taken on each 
specimen. 

Metallography—A specimen deformed at each shock 
pressure was examined metallographically. The 
fraction of grains exhibiting markings, and the aver- 
age number of markings in such grains were counted. 
The number of orientations of markings in each grain 
was noted. 


EXPERIMENTAL RESULTS 


The stored energy, microhardness and microstruc- 
tural data obtained with specimens loaded at various 
shock pressures are presented in Table I. The 95 pct 
confidence limits for the mean are stated with the 
hardness values. 

Table I also gives values of the transient strains 
calculated from the relation € = 4/3 In (V/Vo). The 
term V/V, is evaluated from the Hugoniot curve at 
the shock pressure used. The equation was derived 
on the assumption that the specimen undergoes only 
unidirectional deformation in the direction of the 
shock.® The equation considers both the strain pro- 
duced by the compressive shock wave and by the 
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Fig. 1—Stored energy and microhardness vs strain in ex- 
plosive loading (calculated transient strain) and in wire 


drawing.° 


tensile release of the high-pressure wave. The cal- 
culated values, therefore, represent the maximum 
transient strain that the specimens can be assumed 
to have experienced. 

Fig. 1 shows the stored energy and microhardness 
after explosive loading as functions of the calculated 
transient strain; the stored energy and microhardness 
after wire drawing of specimens of the same compo- 
sition are included for comparison.” While it would 
have been of interest to analyze the results on the 
basis of the total work expended in the deformation, 
such an analysis could not be made because of the 
uncertainty in the shock parameters. Typical micro- 
structures for different shock pressures are shown 
in Figs. 2 and 3. 

The permanent dimensional changes of the speci- 
mens were determined by micrometer measurements. 
They indicated decreases in thickness which never 
exceeded 5 pct and usually were less than this. The 


(b) 


measurements, however, were not precise enough to 
permit relations between the permanent strain and 
other variables, such as the shock pressure, to be 
established. 


DISCUSSION 


The energy stored in the specimens subjected to a 
pressure of 120 kbars is so small that it only slightly 
exceeds the experimental error. If the shock pres- 
sure is raised to about 150 kbars, the stored energy 
increases to a much higher value; above this level, it 
increases only moderately. In considering these 
results, it must be recalled that the values of the 
shock pressure are known only to + 20 kbars. 

The microhardness of explosively loaded specimens 
increases steadily over the whole range of shock 
pressures investigated. If the uncertainty of the val- 
ues of the shock pressure is ignored, the rate of in- 
crease is most rapid between 120 and 150 kbars. 

Metallographic observation showed parallel mark- 
ings in only a few grains of the specimens subjected 
to a shock pressure of 120 kbars. In the range of 120 
to 290 kbars, markings appeared in an increasing 
number of grains and at a pressure of 290 kbars all 
grains contained them. 

Lamellar structures resembling deformation twins 
have been noted previously in gold-silver alloys.”*’” 
In general, the formation of such structures is favor- 
ed by high strain rates and low temperatures. Smith’s’ 
photomicrographs show that similar markings began 
to form in copper at shock pressures of approxi- 
mately 225 kbars. The first occurrence of such mark- 
ings, if they are deformation twins, in gold-silver 
alloys at similar pressures as in copper, is consist- 
ent with the approximately equal stacking fault ener- 
gies of these materials. 

The increase in the number of grains exhibiting 
markings very roughly parallels the increase in 
stored energy with increasing shock pressure. As 
the contribution of metallographically resolvable twin 
boundaries to the stored energy is small, however, 
the increase in stored energy must result from other 
changes which appear to be on a submicroscopic 
scale. The increase in the hardness over the whole 
pressure range investigated shows that explosive 
loading generates imperfections which raise the 
strength properties. Smith’ also concluded from 
hardness data that the principal mechanism of defor- 


Fig. 2—Photomicrographs of specimens of gold-silver alloy subjected to explosive loading at pressure of (a) 120 kbars: 
(b) 150 kbars; (c) 290 kbars. X250. Reduced approximately 32 pct for reproduction. 
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mation during explosive loading is on a scale inac- 
cessible to the optical microscope. He proposed a 
model according to which the interface at the shock 
front consists of a planar network of dislocations; 

the latter move diagonally to the shock front and leave 
a lattice of a different density, but otherwise undis- 
turbed. He pointed out, however, that the presence 

of sources and sinks for dislocations distributed in 
the lattice would result in interacting dislocations 
remaining after the passage of the shock front. These 
can increase the hardness and can also contribute to 
the energy stored in the metal. 

The presence of deformation twins in a metal sug- 
gests the presence of stacking faults. Further, the 
number of stacking faults may be expected to have 
some relation to the number of observable twins. It 
is suggested, therefore, that the increase in stored 
energy which occurs in the pressure range of 120 to 
150 kbars may be due in part to an increase in the 
number of stacking faults, although the contribution 
of dislocations to the stored energy must be signifi- 
cant and other imperfections may also contribute to 
the stored energy. 

Four measurements of the stored energy of speci- 
mens exposed to a shock pressure of approximately 
340 kbars, but not fired into water gave a value of 
16 + 2 cal per g-atom. This value is significantly 
smaller than those for the specimens explosively 
loaded at pressures of 150 kbars and above, but fired 
into water and thus quenched immediately. The hard- 
ness values of the air-cooled specimens were between 
those of specimens loaded at 290 and 510 kbars and 
quenched into water. No metallographic evidence of 
recryStallization of the air-cooled specimens was 
observed. The difference in stored energy of approxi- 
mately 12 cal per g-atom between air-cooled and 
water-quenched specimens is attributed to a recovery 
process which must have occurred owing to a rise in 
temperature of the air-cooled specimens. The loss 
of stored energy by recovery may involve the anneal- 
ing out of the stacking faults which are believed to con- 
tribute significantly to the stored energy of the water- 
quenched specimens. 

In comparing the effects of explosive loading with 
those of conventional deformation processes, it 
should be noted that in the latter strain and strain 
rate are important variables. For example, in wire 
drawing at moderate strain rates, the stored energy 
increases with strain in a nearly linear manner to a 
value of about 25 cal per g-atom at a true strain of 
approximately 0.8; above this, the energy increases 
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Fig. 3—Photomicrographs of specimens of 
gold-silver alloy subjected to explosive me 


“ Reduced approximately 52 pct for repro- 


only slightly with increasing strain,° see Fig. 1. 
The energy stored in torsion depends on the strain 

in a similar manner’ and the same general relation 
between stored energy and strain has been found for 
gold-silver: alloys deformed by other processes in 
which the strain has been measured.”” At the highest 
drawing speeds investigated the stored energy in wire 
drawing is 25 cal per g-atom at a strain of about 0.6 
and 30 cal per g-atom at a strain of 3.5; at this level 
of strain rates the stored energy is decreasing with 
increasing strain rate, presumably owing to heating.° 
A comparison of these values with the energy stored 
by explosively loaded specimens (either cooled in air 
or quenched in water) shows that explosive loading, 
wire drawing, and torsion result in stored energy 
values of the same order of magnitude. The strains 
in explosive loading, however, are small by compari- 


son. 
The hardness of the explosively loaded specimens 


is comparable to that of specimens of the same alloy 
deformed to larger strains by wire drawing,° see Fig. 
1,and torsion.’ This finding agrees with Smith’s’ 
observations on copper. The attainment of large hard- 
ness values at the relatively small transient and per- 
manent strains involved in explosive loading again 
emphasizes the difference of the mechanisms of hard- 
ening in conventional deformation processes and in 
explosive loading. 

The effects of explosive loading and wire drawing 
can be compared by plotting the stored energy against 
the microhardness. As can be seen in Fig. 4, these 
properties increase together. However, the rate of 
increase of the energy stored during explosive loading 
is larger than in wire drawing at hardness levels of 


40 
° | | | | | | 
o 
30k. 
o 
Explosive 
Loading 
5 Loading 
o (air cooled) 


60 70 80 90 100 110 120 
Microhardness, KHN 


Fig. 4—Stored energy vs microhardness of specimens de- 
formed by explosive loading and wire drawing. 
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70 to 90 Khn corresponding to shock pressures from 
about 120 to 150 kbars. This suggests that the imper- 
fections generated in this range are primarily of a 
kind which increases the energy rather than the 
strength properties. In wire drawing a corresponding 
increase in the ratio of the energy stored to the hard- 
ness occurs at a higher level of hardness. At still 
higher levels the ratios of stored energy to micro- 
hardness for explosively loaded specimens and speci- 
mens deformed by wire drawing appear to converge. 
It is also interesting to note in Fig. 4 that the ratio 
for the explosively loaded and air-cooled specimens, 
which may be assumed to have undergone some re- 
covery by heating, is nearly that for wire drawing 
rather than for explosive loading and water quenching; 
in the air-cooled specimens, the imperfections con- 
tributing to the stored energy seem to have been an- 
nealed out while those causing the increase in strength 


properties have not. 


SUMMARY AND CONCLUSIONS 


The stored energy, microhardness, and microstruc- 
tural changes of a gold-silver alloy deformed by ex- 
plosive loading have been investigated at several 
shock pressures up to 510 kbars. The results are 
interpreted in terms of the probable imperfections 
introduced and are compared with the changes induced 
in the same alloy by conventional deformation proces- 
ses. The results and conclusions may be summarized 
as follows: 

1) The stored energy and microhardness of speci- 
mens subjected to explosive loading increase over 
the pressure range of 0 to 510 kbars. Most of the 
increase in stored energy occurs over a narrow range 
of shock pressure between about 120 and 150 kbars. 

In this range the number of markings characteristic 
of mechanical twins becomes appreciable. The micro- 
hardness also appears to increase most rapidly in 
this range. 

2) The increase in stored energy between about 120 
and 150 kbars is attributed, in part, to the formation 
of stacking faults. The appearance, in this same 
range of shock pressure, of visible markings charac- 
teristic of deformation twins lends support to this 
assumption. The increase in hardness which takes 
place over most of the range of shock pressures in- 
vestigated, however, suggests that dislocation net- 
works are also generated during explosive loading; 
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such networks also contribute to the stored energy. 

3) A comparison of the stored energy of explosively 
loaded specimens quenched in water and cooled in 
air after firing showed that the decrease in energy 
stored by the latter resulted from a recovery process 
occurring immediately after loading. This process 
probably involves stacking faults, especially as the 
hardness is not significantly affected, but other im- 
perfections may also be involved. 

4) The stored energy and hardness values of ex- 
plosively loaded specimens of the gold-silver alloy 
were comparable in magnitude with those of the same 
alloy deformed to larger strains by wire drawing and 
torsion. The small transient and permanent strains 
resulting from explosive loading emphasize the dif- 
ference in the mechanisms operating in this process 
and in conventional deformation processes. This 
difference is also shown by a plot of stored energy 
against hardness of explosively loaded specimens 
and specimens deformed by wire drawing. 
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Microstructure of Unidirectionally Solidified 


Al-CuAl, Eutectic 


Solidification experiments were conducted with the objective 
of testing the theory of eutectic colony formation. Appropriate 
control of variables in tests ona series of high-purity aluminum- 
copper specimens of eutectic composition resulted in the obser- 
vation of three types of eutectic microstructures, these being a 
unique structure consisting of lamellae essentially parallel to one 
another, a banded structure, and the colony structure. Lamellar 


faults, which are morphologically similar in many respects to 
edge dislocation models in crystals, produced a complex substruc- 


ture in these specimens. 


SoLuTE rejection at the advancing solid-liquid 
interface of a unidirectionally solidified single-phase 
metal can cause the liquid immediately in front of the 
interface to become constitutionally super-cooled 
below the equilibrium liquidus temperature. Consti- 
tutional super-cooling occurs if the solidification 
rate, R, is too rapid, or if the thermal gradient in 
the liquid at the interface, G, is too low.’ This con- 
stitutionally supercooled layer in turn stabilizes a 
cellular rather than a planar interface.” A similar 
cellular interface has been observed when lamellar 
and other types of eutectics were unidirectionally 
solidified, and it has been shown that the cellular 
interface led to the formation of eutectic colonies. 
The lamellar structure is fan-shaped at the edges of 
colonies (which correspond to valleys or grooves in 
the cellular interface) because the lamellae grow 
normal to the local interface. One of the possible 
mechanisms which might cause the formation of the 
cellular interface, in the case of solidifying eutectic 
alloys, is constitutional supercooling of the liquid 
with respect to a third component rejected by both 
phases of the eutectic.°”* 

On the basis of the analogy between the solidifica- 
tion of single-phase metals and binary eutectics, a 
eutectic alloy should solidify with a planar interface 
if the ratio of G/R is sufficiently high to compensate 
for any impurity which might be present and causing 
constitutional supercooling. The fan-like microstruc- 
ture of eutectic colonies should not occur under these 
conditions and the lamellae should be parallel to one 
another and to the solidification direction for extend- 
ed distances. The experiments conducted in this 
investigation were designed to test these ideas. Fol- 
lowing a resumé of the experimental procedure, the 
various microstructures observed during the study 
are described, and their relationship to the growth 
conditions which produced them is discussed. 
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EXPERIMENTAL PROCEDURE 


The eutectic between an aluminum solid solution 
and @ phase (approximate composition CuAlz) was 
chosen for this work for the following reasons: it 
was known that a lamellar structure forms, the 
eutectic temperature is low enough to facilitate ex- 
perimental work, and the components can be procur- 
ed commercially in a very pure form. High-purity 
copper (est. 99.999 pct Cu, obtained from National 
Research Corp.) and spectrographic aluminum rods, 
having impurities other than copper estimated to be 
Zn-15 ppm, Mg-10 ppm, Fe-3 ppm, Na-2 ppm, Cd-1 
ppm, and Mn <1 ppm, were melted in a stabilized 
zirconia crucible in a vacuum induction furnace at a 
pressure of 10 upof Hg. The melt was superheated 
to about 1000°C to assure mixing, cooled to 780°C 
and cast into an investment mold which yielded six- 
teen cylindrical specimen blanks 1/2 in. in diam and 
5 1/2 in. long. The casting was allowed to solidify 
under vacuum. This master heat had an analysis of 
32.6 wt pct Cu and 67.4 wt pct Al by difference. 

The cylindrical specimen blanks were remelted and 
solidified unidirectionally in an apparatus illustrated 
schematically in Fig. 1. An RF induction coil heated 


Table |. Growth Conditions of Test Specimens 


Thermal Gradient in the 


Specimen Solidification Rate, Liquid at the Liquid- 
Identification R, Cm per Hr. Solid Interface, G, °C/Cm 
A 1.09 31 
B 1.35 120 (estimated) 
€ 3.00 133 
D 4.32 121 
E 6.70 172 
F 6.75 160 (estimated) 
G 6.80 63 
H 6.80 148 
I 7.70 124 
J 9.10 223 
K 10.45 135 
12.00 154 
M 16.60 162 
N 16.70 189 
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Fig. 1—Schematic of controlled solidification apparatus. 


a tubular crucible of CS graphite, 0.83 in. in diam, 
drilled to hold the specimen. The graphite crucible, 
specimen, and thermocouple were lowered through 
the stationary coil and water quenching fixture by 
means of a travel mechanism capable of operating 
at various rates. Argon gas was admitted, as shown, 
to minimize oxidation of the melt and graphite cruci- 
ble. Temperature gradients in the liquid and the 
location of the liquid-solid interface were determined 
by recording and plotting the temperature of a ther- 
mocouple bead as a function of the distance that the 
movable part of the apparatus had traveled, Fig. 2. 
The temperature of the liquid and the thermal gradi- 
ent at the interface were controlled by appropriately 
adjusting the power input, rate of travel, distance 
between induction coil and water spray coil, and the 
quantity of water used. The various growth conditions 
of the specimens reported in this paper are shown 
in Table I. 

At the end of each run the specimen was scribed 
at one-centimeter intervals so that the portion which 
solidified at any instant during the run could be loca- 
ted with respect to the reference locations shown in 
Fig. 1. Longitudinal and transverse microspecimens 
were prepared by grinding through 600 grit, polishing 
successively with Linde A and Linde B, and etching 
with Keller’s reagent (95 ml H2O, 1 ml HF, 1.5 ml 
HCL, and 2.5 ml HNO,) for 20 to 30 sec. The phases 
could be readily distinguished by their hardness and 
their etching characteristics. For some of the work 
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Fig. 2—Typical plot of temperature data from experimental 
run. 


it was necessary to study the three-dimensional 
morphology of the microstructure. After polishing 
and etching, microhardness impressions and a photo- 
micrograph were made at a selected area. The speci- 
men was then repolished and etched and another 
photomicrograph taken. The microhardness impres- 
sions helped in relocating the same area and provid- 
ed a means for measuring the vertical distance be- 
tween successive photomicrographs since the im- 
pression size could be measured and the apex angle 
of the diamond indenter was known. 


DISCUSSION OF RESULTS 


Microstructures—Parallel Lamellar Microstruc- 
ture—Fig. 3 is a photomicrograph of a longitudinal 
microspecimen illustrating the degree of parallelism 
of the lamellae in one specimen. However, most 
specimens exhibited a variety of apparent lamellar 
orientations in various grains of longitudinal micro- 
specimens. Fig. 4(b), for example, shows two such 
grains; grain A is similar in appearance tothe struc- 
ture shown in Fig. 3, but grain B has an entirely 
different appearance. A hasty interpretation would 
lead one to think that grain A developed as expected 
by simultaneous growth of lamellae of both phases 
into the liquid but that grain B grew by some other 
mechanism. An examination of the same grains ina 
transverse section, Fig. 4(a), shows this interpreta- 
tion to be incorrect: both grains are seen to consist 
of fine parallel lamellae of approximately the same 
spacing. The plane of the longitudinal microspecimen 
happened to cut grain B in such a way that the true 
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illustrating parallel lamellar structure. Solidification di- 
rection was from left to right. Specimen J, X400. Re- 
duced approximately 33 pct for reproduction. 


nature of the lamellar growth was obscured. These 
concepts can be visualized more readily by reference 
to Fig. 5, which illustrates the appearance of parallel 
plates in various sections. The only way that the 
orientation of the lamellae canbe determined relative 
to any arbitrary direction, say the solidification di- 
rection in the specimen, is by measuring the angles 
of intersection of the lamellae in two different sec- 
tions and then determining the pole of lamellar 
planes. This was done and the results were plotted 
on a stereographic projection. All of the lamellae 
normals of several grains were found to be within 5 
deg of a plane normal to the solidification direction, 
thus indicating that all grains grew by simultaneous 
deposition of plates of both phases as the liquid-solid 
interface advanced. Deviations from the ideal growth 
direction as large as this could easily have been 
introduced in measuring the angles because the lam- 
ellae are not perfectly parallel throughout an entire 
grain. 

In fact, the parallel structure in the transverse 
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Fig. 5—Sketch illustrating dependence of lamellar appear- 
ance upon plane of sectioning. 
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Fig. 4—Microstructure of two grains of controlled eutectic. 
(a)—top, transverse section, (b)—bottom, longitudinal sec- 
tion. Solidification direction was from bottom to top. Angle 
between sections is 90°. Specimen L, X500. Reduced ap- 
proximately 36 pct for reproduction. 


section of a grain is partially destroyed by extra 
lamellae at some places, Fig. 4(a). Associated with 
many of these lamellae are fine lines (denoted by 
arrows) which generally are perpendicular to the 
prevailing lamellar orientation. The fine lines are 
not always nexttothe termination ofan extra lamella 
in the plane of the microspecimen, but photomicro- 
graphs at higher magnifications (e.g., X3200, Fig. 6) 
reveal that the lines are mismatched regions in the 
lamellar structure. These mismatched regions and 
the lamellar faults associated with them are respon- 
sible for the jagged appearance of the lamellae in 
certain longitudinal sections [such as grain B of Fig. 
4(b)| and they can also be observed in longitudinal 
sections of other relative orientations [grain A of 
Fig. 4(d)]. 


Fig. 6—Electron micrograph of typical transverse section 
of controlled eutectic. X3200. Reduced approximately 27 
pet for reproduction. 
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Fig. 3—Photomicrograph of longitudinal microspecimen 
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Fig. 8—Illustration showing shifting of lamellar fault during 
growth. Solidification direction was from bottom to top. 


MOO 


SSS 
SOOSSHH 


SSS 


MM 


easily by counting lamellae on either side of the trace 
of the mismatch surface on the photomicrograph. But 
it was not always obvious exactly which lamella was 
the extra one, even at electron microscopic magni- 
fications. The reason for this, as deduced from the 
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eiaimananiiieal three-dimensional analysis, was that bridging oc- 
Fig. 7—Schematic representation of nucleation and growth curred between adjacent lamellae in faulted regions 
of an extra lamella. Transverse Sections. Growth direc- so that the “‘extra”’ plate actually shifted as solidifi- 


cleation at previously existing mismatch surface. 


transverse sections illustrating this phenomenon, 
Fig. 8, are similar to schematic diagrams which 


In order to understand more thoroughly the nature illustrate the motion of edge dislocations through a 


of lamellar faults, three-dimensional models were lattice. 

constructed from photomicrographs taken of the same A count of the lamellae on either side of many pro- 
area at different depths. Individual lamellae could be nounced mismatch surfaces on a given photograph 
traced from photograph to photograph and a fairly revealed that there were no net faults along these 
complete picture of faults was thereby obtained. mismatch surfaces, Fig. 9. Whether such a region 
Basically, the cause of a fault is nothing more than actually consisted of one or more positive faults and 


an extra lamella. If an extra lamella or plate of one the same number of negative faults could not be de- 
phase is nucleated and begins to grow, automatically termined. The three-dimensional survey showed that 


an extra plate of the other phase also occurs. To in some cases the mismatch surface disappeared as 
date, it has not been possible to determine which growth progressed, thus producing a more perfect 
phase nucleates first. The nucleation and growth of lamellar structure, but in other cases the lamellar 
an extra plate of one phase is shown schematically structure grew into two separate and distinct faults, 
in the three portions of Fig. 7(@). It can be seen that _ one positive and the other negative. Similarly, posi- 
each extra plate [top sketch, Fig. 7(a)] causes the tive and negative faults on different mismatch sur- 


formation of two faults—one at each end of the plate. faces sometimes annihilated one another by growing 
These have been termed positive and negative faults together as solidification progressed. In other cases, 


in accordance with the terminology used for edge the positive and negative faults separated during 
dislocations. The term ‘‘mismatch surface’’ has growth and eventually merged or ‘‘interacted’’ with 
been coined to describe the distorted region in the other faults in other regions of the specimen. Some 
vicinity of a fault. It is analogous to the term ‘‘slip typical schematic diagrams are shown in Fig. 10. 
plane’’ in dislocation literature. From the study of The various interactions caused bundles of lamellae 
the photomicrographs it was determined that the to be translated and/or twisted during growth. A 
extra lamellae usually did not nucleate at random as __ twist of 2 1/2 deg in about 40 py of growth was ob- 
shown in Fig. 7(a), but at a previously existing mis- served in one case. 

match surface as shown in Fig. 7(b). This is to be These complexities and growth interactions made 
expected in view of the higher surface energy in the it impossible to define precisely the location or 
vicinity of a mismatch surface. number of faults or the extent of mismatch surfaces. 


The presence of a simple positive or negative fault Fault density was estimated by counting faults at the 
in any given transverse section could be determined traces of mismatch surfaces as illustrated in Fig. 
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Fig. 9—Diagram illustrating trace of a mismatch surface 
with no net faults. Transverse Section. 


11(2). The area of the portion of the specimen under 
study was measured with a planimeter. The number 
of faults intersecting a typical transverse section 
were found to vary between 3.4 and 4.7 (10)° per sq 
cm with a mean value of 4.1 (10)° per sq cm. The 
distance between mismatch surfaces (a measure of 
one dimension of a substructure entity) was estimated 
by drawing lines along the lamellae on photomicro- 
graphs and measuring and tabulating the distance 
between mismatch surfaces, Fig. 11(5). The photo- 
micrographs, although their interpretation was some- 
what subjective, indicated that the mean distance 
between mismatch surfaces on a specimen like that 
shown in Fig. 11 was about 19 uw. The most probable 
value was 10 to 40 pct less than the mean because of 
a strongly skewed distribution which was always 
obtained. 

Colony Microstructure—Eutectic colonies are por- 
tions of a eutectic alloy specimen in which the dis- 
persed phase has some characteristic arrangement. 
In the Cu-Al system, a fan-like arrangement is ob- 
served in longitudinal microspecimens of unidirec- 
tionally solidified specimens. On a transverse sec- 
tion, colony boundaries are characterized by a more 


random distribution of the phases as compared to an 
orderly lamellar structure within the center of colo- 
nies. Transverse and longitudinal photomicrographs 
similar to those given by Weart and Mack’ are shown 
in Figs. 12(@) and 12(6). Lamellar faults and mismatch 
surfaces have been observed in all colonies. 

Banded Microstructure—A transverse defect termed 
banding was evident, even to the unaided eye, on some 
of the longitudinal microspecimens. Fig. 13 is a low- , 
magnification photograph of such a specimen. The 
bands are usually convex towards the liquid and the 
curvature is greater at the edges than at the center. 


production. 
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Fig. 11— Photomicrographs of same 
transverse section illustrating method 
of obtaining a measure of fault density, 
(a), and substructure size, (>). X500. 
Reduced approximately 34 pct for re- 
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Fig. 10—Fault configurations observed in alloy specimens. 


These observations show that banding is a phenome- 
non associated with the liquid-solid interface. The 
interface has greater curvature at the edges because 
at this location heat is extracted by the water quench. 
In effect, bands delineate isotherms (at the freezing 
temperature) at different times during the solidifica- 
tion of the specimens. A single band usually forms 
continuously across all grains. This is considered to 
be further proof that banding is a phenomenon assoc- 
iated with the liquid-solid interface. 

The concept that banding is a liquid-solid interface 
phenomenon is apparently contradicted by Fig. 14, 
since in this photomicrograph two bands, E and X, 
cross one another. The paradox of intersecting liquid- 
solid interfaces was resolved by taking several photo- 
micrographs of the area adjacent to that shown in 
Fig. 14 and mounting them so that a much larger por- 
tion of the sample could be seen at higher magnifica- 
tion. From this composite photograph and a precise 
knowledge of specimen history, the following mecha- 
nism for crossed bands was deduced. Bands A, B, C, 
D, and E formed at the liquid-solid interface in this 
sequence during the progress of solidification. About 
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the time that band E formed, the power to the induc- 
tion coil varied. This changed the thermal conditions 
within the sample and the interface changed to the 
shape denoted by X. After the power fluctuation the 
sample was solid below band X, liquid above it. But 
since band E was particularly pronounced, it did not 
completely remelt immediately adjacent to the cross- 
ing with band X in the time allowed by the travel rate, 
but only farther away from the new interface (extreme 
right of Fig. 14) where the temperature was higher. 
The bands which can be seen with the unaided eye 
on a polished and etched microspecimen are the re- 
sult of a change in spacing, discontinuity, or irregu- 
larity in the lamellar structure. Many varieties have 
been observed, but it has been difficult to classify 
them, since in many instances a band will change 
character from one side of a specimen to another. 
In some cases, the change will be from finer to 
coarser lamellar spacing (see band A of Fig. 14); in 
some, from a coarser to a finer spacing (band X, 
Fig. 14); in others, it will be only a discontinuity in 
the structure (band B, Fig. 14). The more severe 
type of band (e.g., bands D and E, Fig. 14) appears 
as a line along which one phase ceases to grow and 
the other phase grows laterally. However, it is diffi- 
cult, if not impossible, to determine which phase 
ceased growing and which grew laterally (if there is 
such a distinction) because, as shown in Fig. 15, 
lamellae of both types are seen to terminate suddenly 
and be enveloped by the other. 


Fig. 13—Banded eutectic. Solidification direction was from 
bottom to top. Specimen B, X6. Reduced approximately 33 
pet for reproduction. 
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‘uty Fig. 12—Microstructure of eutectic colo- 

S nies. (a)—top, transverse section, (b)— 
bottom, longitudinal section. Solidifica- 
tion direction was from left to right. 
Specimen G, X500. Reduced approximately 
34 pct for reproduction. 


Vibration, variations in the feed rate of the travel 
mechanism, variations in water flow or pressure in 
the quenching jig, and other mechanical effects were 
eliminated as the cause of banding by a separate 
group of experiments. In view of these results, it 
was concluded that banding is a solidification phe- 
nomenon. Similar conclusions regarding banded 
eutectics were reached by Yue and Clark® in their 
recent studies of a Mg-Al-Zn eutectic. 

Relation Between Growth Conditions and Micro- 
structure—In general the microstructure varied from 
top to bottom and from periphery to center in several 
of the 1/2 in. diam by 5 1/2 in. long specimens; all 
three types of microstructure (parallel, colony, and 
banded) occurred in some specimens, making it dif- 
ficult to quantitatively relate growth conditions to 
microstructure. In addition, microstructures were 
observed that could not be classified unequivocally 
as one type or as another. For example, in many 
instances a gradual transition from pronounced colo- 
ny structure to faulted parallel lamellar structure 
was noticed. Similarly, the presence or absence of 
banding was not always clear-cut. Fig. 16(4), for 
example, is a photomicrograph of a longitudinal 
microspecimen at X250 showing a band which was 
quite noticeable to the unaided eye. At a higher mag- 
nification, Fig. 16(), the same area is seen to be 
nothing more than a subtle change in lamellar spacing 
caused by the formation of a few extra lamellae dur- 
ing solidification. Nevertheless, certain solidification 
principles have been qualitatively verified and other 
significant variables have been established even 
though their influence is not completely understood 
at the present. 


Fig. 14—Photomicrograph of crossed bands. Solidification 
direction was from bottom to top. Specimen B, X250. Re- 
duced approximately 53 pct for reproduction. 
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Solidification Variables Related to Colony Forma- 
tion—It has been postulated that the cause of colony 
formation in unidirectionally solidified eutectic alloys 
is rejection of a third component at the liquid-solid 
interface and the consequent constitutional supercool- 
ing which stabilizes a cellular interface. The follow- 
ing evidence is considered to be proof of the correct- 
ness of the hypothesis: 

1) Microstructural evaluations of the test speci- 
mens listed in Table I are shown as a function of 
thermal gradient G and solidification rate R in Fig. 
17. Although the data are limited they unquestionably 
show that pronounced eutectic colonies are formed 
only when the ratio of G/R is belowa certain critical 
value. For the heat from which all of these test 
specimens were made, the critical ratio is about 
10°C per sq cm per hr. When a pronounced uniform 
colony misrostructure was avoided by solidifying at 
a slower rate or under a steeper thermal gradient, 

a tendency towards colony formation was still noted 
and appeared to be more strongly dependent upon the 
thermal gradient than upon the rate. 

2) In several of the specimens which were rated 
(for the purposes of the plot in Fig. 17) as being free 
of colonies or as exhibiting only a tendency towards 
colony formation, a pronounced colony structure was 
evident in the vicinity of the thermocouple bead. In 
all probability the melt became contaminated in this 
area by limited solution of one or more of the ele- 
ments in the thermocouple wires; therefore, growth 
conditions which were adequate to suppress colony 
formation in the bulkof the specimen were inadequate 
for the more impure alloy in the vicinity of the ther- 
mocouple bead. 

3) In all of the specimens either a tendency toward 
colony structure or a very pronounced colony struc- 
ture was observed in the last one or two centimeters 
of the solidified specimen. Since the specimens were 
solidified by passing a molten zone a few centimeters 
long through a specimen whose total length was about 
14 cm, the alloys were in effect partially zone refin- 
ed during solidification. This would drive impurities 
with a distribution coefficient less than unity in both 
phases toward the top of the specimen and therefore 
induce colonies in the last portion of the specimen 
to freeze. 

Solidification Variables Related to Banding—The 
data in Fig. 17 indicate that at least two variables, 
solidification rate and type of coil, influence banding. 
These will be discussed in order. 

From the microstructural evaluation, it is appar- 
ent that banded microstructures occur at very slow 
solidification rates and that the severity of banding 


production. 
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Fig. 16—Photomicrographs of band visi- 
ble to unaided eye. Solidification direc- 
tion was from left to right. Specimen E. 
(a) Top, X250; (4) Bottom X500, area 
shown is that designated in Fig. 16(a). 
Reduced approximately 34 pct for re- 


Fig. 15—Photomicrograph of severe band. Solidification 
direction was from left to right. Specimen B, X1000. 
Reduced approximately 34 pct for reproduction. 


decreases and eventually disappears as the rate is 
increased. On the basis of these observations, an 
explanation for this defect can be postulated. At 
extremely slow solidification rates, impurity rejected 
by the solid at the advancing solid-liquid interface 
builds up in liquid uniformly across the specimens. 
When it has reached a certain critical level, the solu- 
bility limit, it precipitates and causes one or both 
phases to freeze laterally. The process then repeats 
itself at irregular intervals depending upon the local 
impurity concentration. Under this hypothesis dif- 
ferent impurities could logically cause the different 
types of bands which have been observed. At faster 
solidification rates, it is reasoned that there is not 
sufficient time for the impurity to become uniformly 
distributed. Under these conditions, a cellular inter- 
face forms if the thermal gradient in the liquid is too 
low according to the mechanism proposed by Weart 
and Mack and by Tiller.°” If asteep thermal gradient 
is imposed to avoid colony formation, the rejected 
impurity may precipitate randomly as fine inclusions 
in an otherwise highly parallel lamellar structure. 
Such foreign precipitate particles, if they occur, may 
nucleate extra lamellae and therefore be responsible 
for lamellar faults. Other reasons for the observed 
effect of solidification rate on banding can be ad- 
vanced. For example, an undetectable erratic motion 
of the travel mechanism or minute power variations 
may have a greater affect on the microstructure at 
low solidification rates than at high rates and thus 
account for the more pronounced banding noticed at 
the lower rates. 

The data reported in Fig. 17 follow the pattern 
which has just been discussed except for specimen I, 
which was much more severely banded than it should 
have been according to the microstructural trends 
observed in the other specimens. The use of a plate 
coil (cf. insert, Fig. 1) rather than a 5 1/2-turn in- 
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Fig. 17—Plot of microstructural evaluations as a function 
of growth parameters 


duction coil for melting this specimen was the only 
known difference from the solidification procedure 
used for other specimens. The experiment was re- 
peated with identical results, so it must be concluded 
that the method of heating the sample in some way 
affects the microstructure. 

The problem of banding has not yet been completely 
solved. Work is continuing in this laboratory with 
the objective of determining the cause of any and all 
bands regardless of severity and type. It is hoped 
that this study will establish beyond doubt which of 
several possible mechanisms predominates. More 
perfect lamellar structures could then be produced. 


SUMMARY 


1) It has been demonstrated that the microstructure 
of the Al-CuAl, eutectic can be controlled by appro- 
priately constraining the solidification conditions so 
as to yield a specimen in which the lamellae are 
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approximately parallel to one another within individu- 
al grains for lengths up to several inches. Such 
specimens provide interesting subjects for further 
study of two-phase systems because of their high 
degree of metallographic anisotropy. 

2) Imperfections, termed lamellar faults, were 
observed and studied. It was found that one extra 
lamella produces two faults and that faults merge and 
interact with other faults during growth, thus pro- 
ducing a complex substructure in eutectic grains. In 
many respects lamellar faults resemble edge disloc- 
ation models in crystals. 

3) If the ratio of the thermal gradient in the liquid 
(G) to the solidification rate (R) during unidirectional 
solidification was below a certain critical value or if 
excess impurity was present, a eutectic colony 
microstructure formed. These data qualitatively 
confirm the theory of eutectic colony formation. 

4) A transverse banding defect occurred when the 
solidification rate was very slow. However, the solid- 
ification rate is apparently not the only variable 
influencing banding. 
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Strain Aging in Silver Base Al Alloys 


Investigation of the tensile properties of silver based aluminum 
alloy crystals was undertaken because it appeared attractive for 
studying strengthening effects due to Suzuki locking with minimum 
complication. Yield drops were observed in all alloy crystals 


(1, 2, 3, 4, and 6 at. pct Al) after strain aging at room temperature. 
No yield drops were found in similarly grown and tested silver 
crystals. The yield effects are attributed to Suzuki locking bui the 
major portion of the solid solution strengthening to other mechanisms. 


InvEsTIGATION of the tensile properties of single 
crystals of silver alloyed with aluminum was under- 
taken because it appeared to be a system in which 
segregation at stacking faults associated with partial 
dislocations! would be the dominant factor in anchor- 
ing dislocations. First, silver and aluminum have 
closely similar atomic sizes and thus solute atom 
locking of a dislocation due to elastic interactions 
should be unimportant. Second, while both X-ray? 
and thermodynamic? investigations show short-range 
ordering in silver-based aluminum alloys, the de- 
gree of local order is quite small (X-ray measure- 
ments give v= E,p- 1/2(E4,4+ Epp) = — 0.025 ev 
and thermodynamic measurements give v = 0.007 
ev) and should not be important in strengthening di- 
lute alloys. Third, the stacking fault energy of silver 
is probably low (as indicated by the profusity of an- 
nealing twins) and is very likely diminished further 
and quite rapidly by aluminum additions since the 
Al-Ag phase diagram shows a stable hexagonal 
phase at only 25 at. pct Al. Also, a careful investi- 
gation in this laboratory* has shown that the ratio of 
twin to normal grain boundaries in recrystallized 
alloys increases with aluminum content. Thus, with 
minimum complication from other factors, Ag-Al 
alloys seem attractive for studying strengthening 
effects due to segregation at stacking faults of ex- 
tended dislocations, 


EXPERIMENTAL METHOD 


Single crystals measuring 250 by 5 by 1.5 mm of 
pure Ag (99.99 pct) and Ag-Al alloys (Al of 99.999 
pet purity) of nominal compositions* 1, 2, 3, 4, and 

*Chemical analysis gave slightly higher aluminum contents: —, 2.12, 
3.11, 4.06, and 6.16 at. pct Al, respectively. 

6 at. pct were grown in high-purity graphite molds 
from the melt under a dynamic vacuum (1 x 107° mm 
Hg). The technique consisted of moving a furnace 
having a hot zone (which melted about 0.5 cm of al- 
loy) over a horizontal, evacuated quartz tube con- 
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taining the mold and alloy at a rate of 3/8 in. per hr. 
Chemical analysis showed roughly the first inch of 
the crystal to be solute poor, the last inch solute 
rich, and the center section uniform in composition 
within the sensitivity of the analytical method (+0.2 
at. pct Al). The center section of the crystal was 
cut into five specimens. Gage lengths of reduced 
cross section, measuring from 1.5 to 2 cm in length, 
were mechanically introduced by means of jeweler’s 
files and fine abrasive cloth with the crystal firmly 
held in polished steel guides. One-third of the cross 
section was then removed by etching and electro- 
polishing, the crystals were all subsequently annealed 
for several days at 850°C in a dynamic vacuum 

(<1 x 10-5 mm Hg) and furnace cooled to 200°C. 

The crystal orientations were determined using 
the usual back-reflection Laue technique. The Laue 
spots were sharp and of the same size as the inci- 
dent beam. However, microscopic examination 
showed the crystals to contain substructures with 
subgrains of the order of a micron in diameter. The 
details of this substructure are presently under in- 
vestigation. 

Tensile testing was done with a table model Instron 
using a cross-head speed of 0.002 in. per min. For 
testing at various temperatures the following media 
were used: 1) 415°K, hot ethylene glycol; 2) 296°K, 
air, acetone, water; 3) 273°K, ice water; 4) 258°K, 
ethylene glycol ‘‘ice’’ in ethylene glycol; 5) 200°K, 
dry ice in acetone; 6) 77°K, liquid nitrogen. 


EXPERIMENTAL RESULTS 


A) Yield Behavior—A portion of an interrupted 
stress-strain curve for a 6 at. pct Al crystal of the 
indicated orientation tested at room temperature is 
shown in Fig. 1. Initially, at (a), there is a small, 
gradual yield drop of about 10 mg per sq mm’. How- 
ever, on stopping the test, and aging for a few min- 
utes at (b), a sharp yield drop is found. Aging for 
longer times at (c) and (d) results in larger yield 
drops (and larger A7’s). Az, defined in Fig. 1, is 
usually larger than the yield drop by about 20 pct; 
however, this increase in the lower yield is transi- 
ent since extrapolations of the flow stress curves 
join as may be seen from Fig. 1. (Both Laue and 
low-angle scattering photographs revealed no evi- 
dence of precipitation in a strain-aged 6 at. pct Al 
crystal.) 
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Fig. 1—Interrupted stress-strain curve for a 6 at. pct Al 
crystal showing strain aging for a 6 at. pct Al-Ag crystal of 
the indicated orientation at 296°K. 


Similar, but smaller yielding effects are found in 
1, 2, 3, and 4 at. pct Al crystals after strain aging, 
but not in pure silver crystals. In all of the alloy 
crystals the magnitude of the yield effect on strain 
aging is dependent on aging time and aging tempera- 
ture and to a lesser extent on the total strain and 
strain increment preceding aging. 

The effect of prior strain was thoroughly evaluated 
for crystals containing 6 at. pct Al. For a given 
aging time, temperature, and strain increment, 47 
corresponding to these conditions increases as the 
total shear strain is increased to between 8 and 16 
pet (compare (a), (6), and (c) with (a’), (b'), and (c’), 
respectively, in Fig. 1). Once the crystal is thus 
‘‘orimed,’’ the value of 47 for constant aging time, 
temperature and strain increment is constant over 
much of the easy glide range. On approaching stage 
II (linear hardening) of the stress-strain curve, the 
rate of aging increases and loading effects are en- 
countered, Strain increments in the range of 1 to 4 
pct give about the same value of 47 for short aging 
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Fig. 3—Maximum yield drop vs testing temperature in 6 at. 
pet Al-Ag crystals. 
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Fig. 2—Maximum Ar7’s (squares) and maximum yield drops 
(circles) vs at. pct Al for strain aging at 296°K (2 pct shear, 
1 hr age) At,,, and the maximum yield drop for 1 at. pct Al 
crystals are 33 and 20 g per sq mm, respectively. 


times. For longer aging periods, however, the mag- 
nitude of Az is noticeably larger for the greater 
strain increments, 

During strain aging, a small load of about 100 g 
per sq mm was employed to maintain axial align- 
ment. The magnitude of this load appears to have no 
effect until the end of the easy glide region of the 
stress-strain curve is reached. Here the value of 
A7 for a given aging time, temperature, and strain 
increment is markedly changed by the value of the 
aging stress and by unloading effects. The largest 
value of A7 for a given aging time and temperature 
is observed if a load of more than 80 pet of the yield 
stress is maintained during aging. Az is only 1/4 to 
1/10 of this largest value if 1) the 80 pct is relaxed 
(still maintaining an alignment load) and 2) the aging 
stress is less than about 50 pct of the yield stress. 

The maximum value of the yield drop and Az for 
straining in the easy glide range (2 pct shear), aging 
(1 hr) and testing at room temperature has been de- 
termined as a function of the aluminum content. For 
all compositions the strain aging is essentially com- 
pleted in aging for 1 hr. These results for 2 to 6 at. 
pet Al are plotted in Fig. 2. For the 1 at. pct alloy, 
data not plotted, A7z,., is 33 g per sq mm. 

The yield drop as a function of testing tempera- 
ture after straining (2 pct shear strain) and aging 
(1 hr) at room temperature is plotted in Fig. 3 for 
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Fig. 4— Ar vs aging time for strain aging in a 6 at. pct Al 
crystal at 296°K (2 pct shear between tests). 
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Fig. 5—Log of the aging time to a given At vs 1/T for 
strain aging at 296°, 273°, and 258°K for 6 at. pct Al 
crystals (2 pct shear strain between tests). The activa- 
tion energies obtained from the slopes of the lines are 
indicated by H. 


296°, 200°, and 77°K. In addition, a point is plotted 
for 415°K—in this case the strain aging and testing 
were carried out at 415°K. The maximum yield drop 
changes only 50 pct of its high temperature value 
over this temperature range. 

B) Strain Aging Kinetics—Strain aging tests were 
performed on five 6 at. pct Al crystals of identical 
orientations, Fig. 1, at 258°K, 273°K, and 296°K. 
One crystal was tested at each temperature and the 
remaining two were alternately tested between 273°, 
296°, and 258°, 296°K. The crystals were deformed 
2 pct shear strain between each test and the aging 
times prior to each test followed an alternating se- 
quence, i.e., at room temperature 1/12, 1/3, 1, 4, 
16, 64, 256, 32, 8, 2, 1/2, 1/6, 1, 4 min... and so 
forth. 

Fig. 4 gives Az in the easy glide range after 
‘‘priming’’ on strain aging at 296°K for aging times 
to 8 min. On aging for longer times, 47 continues 
to increase to a value of about 120 g per sq mm for 
1 hr, but the data show considerable scatter. For 
example, aging for an hour at room temperature 
gave A7’s ranging from 95 to 120 g per sq mm. Be- 
cause of the scatter in the data we are not able to 
ascertain whether the strain aging is compiete after 
1 hr or whether there is a further small increase. 
Az appears to be at its maximum or it increases 
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Fig. 6—The CRSS of silver-base aluminum crystals vs 
at. pct Al at 296°K. The average CRSS for 1 at. pct Al 
crystals is 260 g per sq mm (not shown in figure). 


slowly with aging during longer times. The logarithm 
of time to reach a given 47 is plotted vs 1/T in Fig. 
5 for A7’s up to 50 g per sq mm. The aforemen- 
tioned scatter prevents going on to the longer aging 
time values, 

C) Critical Resolved Shear Stress—Aluminum addi- 
tions increase both the critical unresolved shear 
stress and its temperature dependence. Fig. 6 shows 
the critical resolved shear stress vs aluminum con- 
tent at room temperature. Fig. 7 plots the ratio of 
the critical unresolved shear stresses between room 
temperature and 78°K for pure (0.9999) Ag, 2, 3, and 
6 at. pct Al alloy crystals. The strong influence of 
aluminum additions on the temperature dependence 
of the flow stress should be noted. 


DISCUSSION 


The escape of extended dislocations from energy 
valleys produced by segregation of atoms to their 
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Fig. 7—Ratio of CRSS between 77° and 296°K vs at. pct Al. 
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stacking faults* ought to result in a drop in flow 


*This type of dislocation locking will be called ‘‘Suzuki locking’’ in 
preference to ‘‘chemical locking’’ to avoid confusion regarding the origin 
of the locking force. 


stress and, hence, a yield-point phenomenon similar 
to that observed in iron alloyed with carbon or nitro- 
gen. A significant difference is that the force to free 
a Suzuki locked dislocation should be much less tem- 
perature dependent because the dislocation is locked 
over the fault width.’ The yield drop observed after 
strain aging is relatively insensitive to the testing 
temperature; the yield drop at 415°K is roughly 2/3 
that at 77°K. The magnitude of the Az,,,,, Fig. 2, 

for testing at room temperature varies quite strongly 
with alloy composition, changing from 33 to 120 g 
per sq mm as the aluminum content is increased 
from 1 to 6 at. pct. In the initial testing we observed 
initial yield drops consistently only in the 6 at. pct 
crystals, sometimes in the 4 at. pct crystals, and 
almost never in the 2 and 3 at. pct crystals. When an 
initial yield drop was observed it was small. This 
lack of strong initial yielding is expected in the ini- 
tial test because of the lack of specimen alignment. 
In strain-aging tests, the yield drop can be greatly 
reduced or entirely lost if the load is relaxed com- 
pletely prior to testing. Another factor may be the 
slow rate of segregation on furnace cooling from the 
annealing temperature since there are few excess 
vacancies, 

Both Suzuki’® and Flinn® have attempted to calcu- 
late the stress to free a Suzuki locked dislocation. 
Unfortunately, it was necessary to guess the varia- 
tions of the vault and matrix free energies with 
composition. 

If the locking force is interpreted to be Az, an 
approximation of the concentration change in the 
fault from strain-aging can be made. Following 
Suzuki, the stress required to free a chemically 
locked dislocation is: 


where AFf and akg are the stacking fault free 
energies per unit volume at concentration c, and c,, 
respectively, v is the specific volume, / is the dis- 
tance between close-packed planes, and b is the 
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Fig. 8—Effect of aging time on Az for strain aging in a 6 
at. pct Al crystal at 296°K plotted according to Eq. [4]. 
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Burger’s vector of the perfect dislocation. Taking v 
as 2h cm’ per sq cm of fault, neglecting the small 
change in v with c, and taking 47 = 1,2 x 107 dynes 
per sq cm (A7,,,, in a 6 at. pct crystal at room tem- 
perature) 


AF! - = 0.35 ergs/cm? 


If the stacking fault energy of pure Ag = 30 ergs per 
sq cm and it decreases linearly to zero at 25 at pct 
Al, the concentration change AC required for a 
change in fault energy of 0.35 ergs per sq cm is 
roughly 0.30 pct; that is, after strain aging about an 
hour at room temperature the aluminum content in 
the stacking fault region is increased from 6 to 6,3 
at. pct Al (an increase in the aluminum content of 
the fault is expected since aluminum additions prob- 
ably decrease the fault energy of silver). 

For a fault width of 25 atoms, an addition of about 
1 aluminum atom per 6 atom planes along the fault 
is required for the 47 observed. In the strain aging 
of Fe-C alloys, an addition of one or more atoms 
per atom plane along the dislocation is thought to be 
required for saturation.” 

Analysis of the kinetics of strain aging reveals 
further significant information. In the case of Fe-C, 
strain aging follows an equation of the form: 


Cr -C 


where C, is the initial concentration, Cy the final 
concentration, and C; the concentration at time ¢ 
in the region of the dislocation. The time exponent 
is equal to 2/3 in the range f = 1 to 0.2.° In the 
present case of strain aging in Ag-Al alloys, the 
concentration change at the fault is not measured 
directly but indirectly through Av. Defining f’(t) 


ATr —A 
= [3] 
and assuming that f'(t) = [ f(t)]”; f'(0)= (0) and 
fits): 
(en he" yn 
log log f' = log k'n + m log t [4] 


The curve in Fig. 4 is plotted in accordance with 
Eq. [4] in Fig. 8. 

After a transient exponent of about 2/3 in the early 
stages of aging, the time exponent reaches a value 
between 1/3 and 1/2. Diffusion to a plate would give 
an exponent of 1/2 if the diffusion is random but 1/3 
if there is an attractive force between the diffusing 
species and the plate varying inversely as the square 
of the distance.*® The observed kinetics thus seems to 
be further indication that the strain aging is associ- 
ated with diffusion to the stacking fault region be- 
tween extended dislocations. The aging kinetics in 
the early stages of aging is complicated by the varia- 
tion in activation energy, Fig. 5, observed for short 
aging times. Also one might expect large rates of 
vacancy decay for early times. 

In Fig. 5 the data for the 6 at. pct Al alloy is an- 
alyzed to indicate the activation energies for the 
segregation process responsible for the strain 
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aging. Here the log of the time to given values of 
At is plotted vs 1/T. The activation energy, de- 
termined from the slopes of the curves in Fig. 5, 
increases from 0.41 ev for A7 = 10 g per sq mm to 
0.55 ev for AT = 50 g per sq mm. These values are 
reasonable for diffusion of aluminum and silver in 
the presence of excess vacancies. M. Meshii*’ has 
suggested that the low initial activation energies are 
due to the motion of atom-vacancy complexes; the 
later time activation energy of 0.55 ev may be as- 
sociated with the motion of atom-single vacancy 
pairs. The data in Fig. 5 refer to strain aging after 
‘‘priming’’ and in the easy glide region of the stress- 
strain curve. In Stage II of the stress-strain curve 
the number of deformation-produced vacancies is 
probably much greater and the observed rate of 
aging is much more rapid. 

Previously, Suzuki*® and Flinn® attributed the solid 
solution strengthening in a-brass and certain other 
alloys to Suzuki locking. In the present paper, we 
have attributed the yield-point phenomena in silver- 
aluminum alloys to Suzuki locking of extended dis- 
locations. The increase in the flow stress (lower 
yield) on adding aluminum to silver appears to be for 
the most part due to other sources. A comparison of 
the yielding behavior, the CRSS and the temperature 
dependence of the CRSS between a-brass and silver- 
base aluminum alloys supports this view. 

Cottrell and Ardley have measured the yield- 
point effect in a-brass crystals after strain aging. 
They observed A7T’s of about 60 g per sq mm ina 
5 at. pct Zn crystal and 90 g per sq mm ina 10 at. 
pet Zn crystal after aging at 200°C and testing at 
room temperature. Evers,*° in strain aging experi- 
ments at 100°C on crystals containing 9.9 at. pct Zn, 
obtained a maximum AT of about 85 g per sq mm. 
These values for a-brass at 5 and 10 at. pct Zn are 
approximately comparable to the A7,,, obtained in 
silver-base aluminum crystals containing about 2 to 
3 and 4 to 6 at. pct Al respectively. One would expect 
this correspondence for Suzuki locking on the basis 
of the relative solute concentrations required to 
stabilize the hexagonal phases in the Cu- Zn and Ag- 
Al systems. On the other hand, a difficulty arises 
if one attempts to assign the major portion of solid 
solution hardening to Suzuki locking. A number of 
investigators have measured the CRSS of a-brass 
at room temperature;’”*”* for crystals containing 
3) at. pct Zn they obtain values between 850 and 950 
g per sq mm. The average CRSS for Ag-Al crystals 
containing 6 at. pct Al is about 660 g per sq mm; one 
would expect a higher CRSS for the Ag-Al crystals 
on the basis of Suzuki locking. Another point in- 
volves the dependence of the CRSS on temperature 
in the two cases. Suzuki° attributes the increase in 
flow stress on cooling to low temperatures to 
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Cottrell locking becoming increasingly important 
at low temperatures. On this basis one would expect 
a comparatively small dependence of the CRSS in 
silver-base aluminum crystals. Actually, the tem- 
perature dependence of the flow stress between 
296° and 77°K in 3 at. pct Al crystals is slightly 
greater and in 6 at. pct Al crystals is considerably 
greater than in a-brass crystals containing 5 at. pct 
Zn. Since Suzuki’s theory predicts a small flow 
stress temperature dependence, apparently neither 
Suzuki locking nor the Cottrell mechanism explains 
this difference. Thus, comparison of the data for 
the two cases seems to indicate that while Suzuki 
locking accounts for At, it does not account for the 
total solid solution strengthening effect. 

The possibility of solid solution strengthening 
arising from the solute’s influence on the perfection 
of the crystal must be considered. Seeger * suggests 
that the solid solution strengthening observed in cer- 
tain dilute solid solutions is obtained through an in- 
creased dislocation density in the alloyed crystals. 
This may explain at least qualitatively the higher 
strengths of a-brass crystals over Ag-Al crystals; 
since the size difference between the atoms in a- 
brass is much larger, a greater degree of imperfec- 
tion might be expected” and hence a higher strength. 

An important consideration is the increased tem- 
perature dependence of the CRSS of the solid solu- 
tion crystals. Seeger’s theory predicts the observed 
small temperature dependence of the CRSS (over that 
due to the temperature variation of the shear modulus) 
of pure metal crystals. It is not clear how changes in 
crystal perfection through solute additions might in- 
crease the flow stress variation with temperature 
over that of the pure metals (which appears to be a 
general effect). 

A more complete investigation of the dependence 
of the flow stress on temperature and strain rate is 
being carried out as well as a study of the substruc- 
ture in an attempt to further evaluate the factors that 
influence the strength of Ag-Al alloys. 
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Effect of Quenching on the Grain Boundary 


Relaxation in Solid Solution 


lt is demonstrated that quenching from an elevated tempera- 


ture accelerates the grain boundary relaxation in two solid solu- 
tions (aAg-Zn and a Cu-Al). This result is consistent with the 
proposal that, in solid solutions, grain boundary relaxation occurs 


by a mechanism of self diffusion. Nevertheless, an alternative 
possibility, that quenching introduces vacancies into the boundary 


itself, must also be considered. 


Tue phenomenon of grain boundary relaxation has 
been well known for many years,” yet the mechan- 
ism of this process is very poorly understood. One 
of the most interesting suggestions which relates to 
the mechanism of grain boundary relaxation was that 
of Ké,* who claimed that the activation energy for 
grain boundary relaxation and for lattice self diffus- 
ion were essentially the same. The implication is 
therefore that the elementary step in the two proces- 
ses is the same. This suggestion is particularly 
startling in view of the fact that activation energy 
for self diffusion along a grain boundary is very sig- 
nificantly lower than that for volume self- diffusion." 
Later evidence” ’ showed that there really are two 
grain boundary peaks, one which appears in high- 
purity metals, and the other (which develops at a 
higher temperature than the first) which appears in 
solid solutions beginning at solute concentrations in 
the range of 0.1 pct. Data for silver® show that Ke’s 
hypothesis is surely incorrect for the grain boundary 
peak in the high-purity metal, since it has an activ- 
ation energy of only 22 kcal per mole, but that the 
hypothesis may still be correct for the grain bounda- 
ry peak in various silver solid solutions, for which 
activation energies in the range 40 to 50 kcal per 
mole are observed. 

If the elementary step in the grain boundary relax- 
ation process were the same as that for self-diffus- 
ion, it would be expected that the relaxation process 
could be hastened by quenching, 7.é. by introducing 
a non-equilibrium excess of lattice vacancies. Such 
a quenching effect has already been demonstrated in 
the case of another anelastic relaxation process, viz., 
the Zener relaxation effect. The Zener effect, which 
occurs in essentially all solid solutions, may be 
attributed to the reorientation of pairs of solute atoms 
in the presence of an applied shear stress,” and 
therefore must take place by means of a volume dif- 
fusion mechanism. The hastening of this process 
through quenching” has been one way of demonstrating 
that atom movements in the lattice take place through 
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a defect mechanism, presumably single vacancies. 

In order to see if the grain boundary relaxation is 
affected by quenching, it is particularly convenient 
to compare the grain boundary relaxation with the 
Zener effect, by choosing a specimen for which both 
relaxation effects appear. Specifically, a fine-grained 
sample of a solid solution shows inthe curve of inter- 
nal friction vs temperature, first a peak due to the 
Zener effect, then a second rise (and eventually a 
peak at substantially higher temperatures) due to the 
grain boundary relaxation. The same phenomena are 
also observable in static anelastic measurements, 
such as creep at very low stress levels. Thus, for 
the same fine-grained solid solution, the creepstrain, 
when plotted against log time, falls on a sigmodial 
curve with a sharp inflection point, due to the Zener 
effect, which is followed by a second rise and inflec- 
tion resulting from the grain boundary relaxation. To 
look for a quenching effect, static measurements are 
preferable to the dynamic internal friction measure- 
ments, due to the fact that quenching effects tend to 
anneal out too rapidly at the temperatures at which 
the internal friction is measured.° 


RESULTS AND DISCUSSION 


Creep experiments in torsion were carried out in 
an apparatus similar to that described by Ké’, where- 
by a wire is held under constant torque and its angu- 
lar displacement is observed as a function of time. 
The alloy Ag-30 at. pct Zn was selected because of 
the large Zener relaxation that it displays. The two 
samples used were a ‘‘coarse grained’’ wire with a 
mean grain size about twice the diameter of the wire 
(diam = 0.032 in.), and a ‘‘fine-grained’’ wire which 
had several grains across the diameter. In Fig. 1 a 
comparison is made of the creep curves at 160°C of 
these two samples after they had been cooled slowly 
from 400°C. Curve A, which represents the coarse- 
grained sample, shows a unique relaxation process 
due to the Zener relaxation, with a relaxation time, 
7, in the vicinity of 100 sec. Curve B, which repre- 
sents the behavior of the fine-grained sample, on the 
other hand, shows first the same relaxation process 
as that in A, followed by a turning up of the curve 
which corresponds to the onset of a second overlap- 
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Fig. 1—Creep curves at 160°C for two slowly cooled Ag-Zn 
wires. Curve A is obtained from the ‘‘coarse-grained”’ 
sample while curve B is from the ‘‘fine-grained’’ sample. 


ping process due to the grain boundary relaxation.* 

*Actually the magnitude of the Zener relaxation was not the same in 
the two samples due to the dependence of the Zener effect on grain 
orientation and on the differences in texture of the two samples.*° For 
comparison purposes, Curve A was therefore multiplied by a scale fac- 
tor to make the magnitudes comparable in Fig. 1. The relaxation times 
for the Zener relaxation in the two samples, however, are identical to 
within experimental accuracy. 


Clearly, one must wait for a very long time at this 
temperature to carry the grain boundary relaxation 
to completion. It should be emphasized that the creep 
shown in Fig. 1 represents true anelastic behavior, 
in that the creep strain is proportional to the stress, 
and the observed creep is completely recoverable. 

Let us now consider what behavior might be pre- 
dicted for these same two specimens after quenching 
from a high temperature such as to introduce a large 
nonequilibrium excess of vacancies. Since the rate 
of relaxation, 7, for the Zener effect is proportional 
to the vacancy concentration, the presence of an 
excess of vancancies should lead to the occurrence 
of a given relaxation time at a lower temperature of 
measurement. This prediction has been verified in 
earlier experiments. If now, the kinetics of the 
grain boundary relaxation are unaffected by quenching, 
we Should find for the fine-grained sample, that the 
Zener relaxation is moved to lower temperatures 
while the grain boundary relaxation is not. The creep 
contributions due to the two effects would then be 
completely resolved after quenching. On the other 
hand, if the grain boundary relaxation time is also 
decreased by quenching, in about the same ratio as 
the Zener relaxation time, then the fine-grained 
sample should still show a creep curve with two 
overlapping contributions. 

From the earlier work itis known that after quench- 
ing the Ag-Zn alloy from 400°C, a relaxation time 
for the Zener effect of about 100 sec is obtained at 
69°C (instead of 160°C for the slowly cooled sample). 
Accordingly the creep behavior of the coarse- and 
fine-grained samples was compared at 69°C after a 
400°C quench. The quenched coarse-grained sample 
shows a creep curve at 69°C almost exactly like 
curve A in Fig. 1 and has therefore not been repro- 
duced. The creep curve of the quenched fine-grained 
sample, on the other hand, is shown in Fig. 2. The 
presence of the grain boundary relaxation following 
the Zener relaxation is clear. 
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Fig. 2—Creep curve at 69°C for the fine-grained Ag-Zn 
sample after quenching from 400°C. 


A similar acceleration of the grain boundary relax- 
ation through quenching has also been noted in the 
alloy @Cu-Al, where the Zener effect is much smaller. 

It is concluded from these experiments that the 
grain boundary relaxation process in @Ag-Zn and in 
aCu-Al is accelerated by quenching, presumably due 
to the presence of an excess of lattice vacancies. 
This result is consistent with the suggestion that the 
grain boundary relaxation in such solid solutions takes 
place through a mechanism of volume self-diffusion. 
It is therefore in accord with the fact, mentioned 
earlier, that for solid solutions the activation energy 
for self-diffusion and for the grain boundary relaxa- 
tion are very nearly the same. A possible mechanism 
whereby lattice diffusion can produce grain boundary 
relaxation has been discussed in an earlier paper.” 

Although the above interpretation of the present 
experiment forms a self-consistent picture, an alter- 
native viewpoint of the acceleration of the grain 
boundary relaxation by quenching which must be con- 
sidered is that the quench introduces an excess of 
defects in the grain boundary itself. Some evidence 
for such an idea comes from the work of Mullins.” 
According to this latter viewpoint, it may be expected 
that even for high-purity metals, where the activation 
energy for grain boundary relaxation is substantially 
less than that for self-diffusion, it should be possible 
to hasten the grain boundary relaxation by quenching. 
On the other hand, if the effect of quenching is only 
to introduce an excess of vacancies in the bulk of the 
crystal, one would not expect a quenching effect in 
high-purity metals for which the dominant activation 
energy is less than that for self-diffusion. Experi- 
ments are being planned to check this point. 
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In the search for high-temperature materials, 
considerable interest is being shown in the re- 
fractory metal, tantalum. It is the third highest 
melting metal with a melting point of 2996°C. Also, 
tantalum has excellent ductility, making it one of 
the most workable refractory metals. 

In considering high-temperature applications of 
tantalum, the oxidation kinetics of the metal must 
be known. Such information also serves as a basis 
for the development of corrosion resistant tantalum- 
base alloys. Therefore, this study was made to in- 
vestigate the reaction of tantalum with air, nitrogen, 
and oxygen. 


LITERATURE 


Several oxides of tantalum have been reported. 
The pentoxide, Ta2Os, is the only oxide of tantalum 
whose identity has been established. A high- 
temperature modification, aTa20;, has been re- 
ported by several investigators.*-* A low-tem- 
perature phase, 8 Ta2O;, undergoes an allotropic 
transformation at 1320° to 1350°C.* ® Four other 
oxides of tantalum have been reported. The oxides 
TaOz, TaO, and Ta,O have been reported by 
Schonberg.® A suboxide Ta2O, was observed by 
Wasilewski.° However, the presence of oxides 
lower than Ta20; is questioned by Lagergren and 
Magneli.” In oxidation studies, Vermilyea’® and 
Peterson, et al.,’* reported one possible phase 
intermediate between Ta and Ta20;. Only Ta20s 
was formed in the tantalum air reaction, as re- 
ported by Michael.** 

Several studies have been made on the kinetics 
of the tantalum-oxygen reaction. Vermilyea’* in- 
vestigated the range 50° to 300°C and found that 
the rate of growth of a thin adherent oxide film 
could be described by the Cabrera- Mott theory. 
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Reaction of Pure Tantalum with Air, Nitrogen, 


Kinetic studies were made of the reactions of tantalum with 
oxygen, nitrogen, and air at 400° to 1500°C. The tantalum- 
oxygen reaction is linear from 500° to 1250°C. The tantalum- 

* nitrogen reaction follows a cubic rate law at 400° to 700°C and 
a parabolic rate law at 800° to 1475°C. The reaction behavior 
in air is initially parabolic followed by a transition to linear 


W. M. Albrecht 


W. D. Klopp 
B. G. Koehl 
R. 1. Jaffee 


Gulbransen and Andrew’”’® studied the reaction 
kinetics of tantalum in oxygen pressure of 7/10 atm 
at 250° to 450°C. At all temperatures the reaction 
followed the parabolic rate law for periods up to 
two hours. The oxidation behavior in the range 
500° to 1000°C was found to be linear at oxygen 
pressures of 0.2 to 600 psi according to Peterson, 
et al.'! At very low pressures (1 x 10° * to 
2 x 10°? mm of Hg) Gebhardt and Seghezzi’” re- 
ported linear oxidation at 800° to 1500°C. The 
reaction of tantalum with air is similar to the re- 
action with oxygen. Studies have been made by 
Waber, et al.,’* and Michael.’® 

Two nitrides of tantalum, TaN and Ta2N are 
known. Their structures have been determined 
by Brauer and Zapp.*”’® The tantalum-nitrogen re- 
action kinetics have been investigated by Gulbransen 
and Andrews.'”'® The reaction follows the parabolic 
rate law at 500° to 850°C at a nitrogen pressure of 
,, atm. At the same temperature, the tantalum- 
nitrogen reaction is much slower than the tantalum- 
oxygen reaction. 


EXPERIMENTAL TECHNIQUES 


Material— The material used in this study was 
high-purity, electron-beam-melted tantalum ob- 
tained from the Temescal Metallurgical Corp. The 
hardness of the as received ingot was 76 Vhn. The 
analysis of the material is given in Table I. 

Methods—Cylindrical specimens of tantalum ap- 
proximately 0.9 cm in diam and 0.5 cm in length 


Table |. Analysis of High-Purity Tantalum 


Amount Present, 


Impurity Wt Pct 
Oxygen 0.0016 
Nitrogen 0.0010 
Hydrogen rv 0.00014 
Carbon 3 0.0030 
Chromium 0.0003 
Columbium 0.01 to 0.03 
Copper 0.003 
Iron 0.0008 
Nickel 0.0003 
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Fig. 1—Reaction of tantalum with oxygen at various 
temperatures. 


were used to study reactions of tantalum with oxy- 
gen at 500° to 1400°C. The specimens were dry 
abraded with 240-, 400-, and 600-grit silicon car- 
bide paper and sealed in a Vycor reaction tube of a 
modified Sieverts apparatus.~” The specimens were 
annealed by induction heating at 1600°C for 1 hr at 
a pressure of 0.05 » of Hg or less. The tempera- 
ture was then lowered to the desired reaction 
temperature and pure oxygen, from the thermal 
decomposition of KMnQ, was added from a cali- 
brated mercury buret. The oxygen pressure in 
the system was maintained at the desired level 

by a mercury pressure regulator connected be- 
tween the reaction tube and the buret. Kinetic 

data were obtained by measuring the quantity of 
oxygen reacting with a specimen over various 

time intervals. 

The specimens used in the reaction of tantalum 
with air were prepared from 0.10 cm strip cold 
rolled from the high-purity ingot. The strips were 
vacuum annealed at 1600°C, cut into specimens of 
approximately 1.8 by 2.5 cm, and metallographically 
polished. The test specimens were suspended in 
air by a quartz rod from one arm of an analytical 
balance. The samples were heated to experi- 
mental temperature with a high-temperature re- 
sistance furnace. The moisture content of the air 
was controlled by passing it through calcium 
chloride drying towers (0 pct humidity) or by 
bubbling through water (100 pct humidity). The 
weight gain, as the sample oxidized, was recorded 
continuously and automatically. 
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Fig. 2—Temperature variation of linear rate constants for 
the reaction of tantalum with oxygen and air. 


For the reaction of tantalum and nitrogen at 400° 
to 1000°C, sheet samples 0.01 to 0.10 cm in thick- 
ness were used. Above 1000°C, ¥s-in. diam cylin- 
drical specimens were used. All specimens were 
dry abraded with 240-, 400-, and 600-grit silicon 
carbide paper. 

A vacuum microbalance” was used to measure 
the weight gain of the specimen. The specimens 
were spot welded to a 0.005-in. Pt wire which was 
used to suspend them from the beam of the micro- 
balance into a Vycor reaction tube. The micro- 
balance and reaction tube were then evacuated to 
a pressure of 0.05 yu or less. 

A resistance furnace was used to heat the speci- 
mens at temperatures from 400° to 1000°C. To 
obtain temperature above 1000°C, a platinum re- 
sistance heater inside the reaction tube was used. 
All samples were vacuum annealed in the system 
at 1100°C or above for 1 hr just prior to making 
the experimental run. 

The reaction was initiated by the addition of 
Matheson prepurified nitrogen (99.996+ pct N) at 
atmospheric pressure to the reaction system. 
Weight gain was recorded continuously and 
automatically. 

For all experiments the original geometric 
dimensions of the specimens were used to cal- 
culate the amount of gas reacting per unit surface 


area. 
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Table Il. Summary of Kinetic Data for the Reaction of Tantalum 
with Oxygen and Air at 1 Atm Pressure 


Oxygen 


Air Reaction Reaction 
Tempera- Parabolic Rate Transition Linear Rate Linear Rate 
ature, Constant, to Linear Constant, Constant 
& kp,(Mg/Cm’)’/Hr Rate,Min kj, Mg/Cm?/Hr 
400 3.6 x 10~* >480 - 
4.7 10~* >480 
500 5.0 107? >1400 
240 2:9'x 3.3: x10" 
550 29x10" 45 0.43 0.82 
40 0.46 
600 - - 4.9 9.2 
7.6x 107" 7 3.0 
25° 12 6.4 
i.3 16 4.5 
1.3 18 7.6 
650 2.6 7 8.8 15 
8 5.1 
700 3.4 4 8.1 a7 
3.2 7 9.8 
725 15 
750 30 8.2 
9.3 a5 
8.8 13 
7.9 
a2 


13 


825 14 
850 26 
900 = <2 13 48 
950 65 
73 
1000 41 139 
39 139 
37 140 
1100 165 
1200 113 227 
108 
1250 280° 
1300 
1400 480 


"Reactions made in air with 100 pct relative humidity. All others 


made in dry air. 
Reaction linear for 15 min, then became catastrophic. 
“Reaction was catastrophic. 


Knoop hardness traverses were made on several 
of the reacted specimens to determine the effect of 
temperature and gas composition on the contamina- 
tion hardening. Two to four traverses were made on 


each sample and averaged to get one hardness curve. 


Diffusion coefficients were calculated from the con- 
tamination curves. 


EXPERIMENTAL RESULTS AND DISCUSSIONS 


Oxidation Reactions— The reaction of pure tanta- 
lum with pure oxygen was studied from 500° to 
1300°C. Representative rate curves are shown 
in Fig. 1. It is seen that the reaction follows the 
linear rate law w= kt, where wis the milligrams 
of gas reacted per unit surface area; 7, the 
linear rate constant and /, the time. 

Values of the rate constants for the oxidation of 
tantalum at 500° to 1250°C are given in Table II. 
After 15 min at 1250°C the reaction became cata- 
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Fig. 3—Variation of rate constant with pressure for 
tantalum-oxygen reaction at 1000°C. 


strophic. At 1300°C catastrophic oxidation oc- 
curred as soon as oxygen was added to the system. 
The variation of the reaction rates with tempera- 
ture is shown in Fig. 2. The data of Peterson, 

et al.,‘. are also shown. In general, the values 
obtained in this study are slightly lower than the 
rates reported in the literature. Also, there are 
breaks in the curve that indicate changes in the 
controlling oxidation mechanism. In the range of 
about 600° to 800°C, there is very little variation 
in the rate constant with temperature. Also, a 
change occurs in the reaction mechanism at 
about 1000°C. 

The pressure dependency of the tantalum-oxygen 
reaction was determined at 1000°C. Reaction rates 
were measured at 0.2, 0.4, 0.6, and 1 atm O pres- 
sure. It was found that the linear rate constant 
varied with the square root of pressure. The data 
are shown in Fig. 3. 

The reaction of pure tantalum with air was 
studied from 400° to 1400°C. Several typical re- 
action curves are shown in Fig. 4. At 400° to 
800°C the reaction was initially parabolic, w? = 
Rpt. After a time which decreased with increasing 
temperature, the reaction is accelerated, gradually 
becoming linear with time. Above 800°C only 
linear reaction rates were obtained. The kinetic 
data for the tantalum-air reaction are also sum- 
marized in Table II. It was found in oxidation ex- 
periments at 600° and 800°C that varying the rela- 
tive humidity from 0 to 100 pct did not significantly 
affect the oxidation behavior. The variations of the 
linear and parabolic rate constants with tempera- 
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Fig. 4—Reaction of tantalum with air at various tem- 

peratures. 


ture are shown in Figs. 2 and 5, respectively. Both 
figures show that a change occurs in the controlling 
reaction mechanism at about 600°C. Also a change 
in the linear reaction occurs at about 800°C as 
seen in Fig. 2. The linear rates obtained from the 
air reaction are lower than the linear rates obtained 
from the oxygen reaction. This would be expected 
on the basis of the square root of pressure de- 
pendency that was found for the oxygen reaction. 
The partial pressure of oxygen in air is about 

0.2 atm. From 400° to 600°C the activation en- 
ergy for the air and oxygen reaction is about 60,000 
cal per mole while at 800° to 1400°C the activation 
energy is about 12,000 to 25,000 cal per mole. 

In both the air and oxygen reactions an outer 
porous white scale was produced. A typical scale 
produced in dry air in 6 hr at 600°C is shown in 
Fig. 6. X-ray diffraction patterns obtained on 
outer scales formed at 600° to 1200°C showed 
these scales to be 8 Ta20; waich is stable below 
1320° to 1350°C. At 1400°C, the high-temperature 
modification, aTa2O;, was produced. A thin dark 
subscale was present on all the reacted samples. 
This scale was identified by X-ray diffraction at 
600° to 1000°C to be a mixture of 8 Ta2O; and 
Ta2O3 [by analogy with Cb2Os, which is a mixture 
of CbO and CbOz2].” Only TazOs could be detected 
in the dark scales at 1200° and 1400°C. At 1000° 
and 1200°C in the air reactions there was a dif- 
ference in the appearance of the oxide scale be- 
tween the flat surfaces and the edges of the re- 
acted samples. The oxide appeared to be adherent 
on the flat surfaces and had a grain structure re- 
lated to the underlying metal. Fig. 7 shows a 
sample reacted with air for 1.5 hr at 1000°C. 

The sample with the scale and with the scale re- 
moved is shown. It is seen that tae grain struc- 
ture of tne base metal was retained in the surface 
oxide. This is evidence that the metal atoms do 
not move during the scale formation. Further 
evidence of this was observed on tantalum samples 
containing deep scratches that were reacted with 
oxygen. The scratches retained their identity in 
the oxide scale. Therefore, oxidation proceeds by 
diffusion of oxygen through the scale. The oxida- 
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Fig. 5—Temperature variation of parabolic rate constants 
for reaction of tantalum with air. 


tion reaction occurs at the metal-film interface. 
A similar oxidation mechanism has been found for 
the oxidation of columbium (niobium)*® and zir- 
conium.”™* 

Cross section of a sample reacted with air at 
1000°C for 2.6 hr is shown in Fig. 8. The cross 
sections of samples from the oxygen reactions ap- 
peared the same. It is seen that the oxide pene- 


Fig. 6—Scale pro- 
duced in dry air in 
6 hr at 600°C. 


VOLUME 221, FEBRUARY 1961-113 


A 
7OOC/ 650C | | | 
| | | 
| | | | 
ig | | | 
| 
| | 
| 
| | | 
y | | - 
tS 
} i 
=; | pr 
04+ 
* % 
F: 
ee 
at 
~ 
: 
4 


Fig. 7—Tantalum re- 

acted with air for 

1'/ hr at 1000°C. 

(a) Before removal of 

oxide scale. (4) After 
——«agg removal of oxide scale. 


trated into the base metal along crystallographic 
planes. This behavior has been studied by Bakish,”° 
who determined that the oxide platelets grow along 
the (100) plane of the metal. 

Nitrogen Reaction— The reaction of tantalum with 
nitrogen was studied from 400° to 1475°C. Several 
experimental rate curves are shown in Fig. 9. At 
400° to 700°C the reaction followed a cubic rate 
law, w°= k,l, where X, is the cubic rate constant. 
At 800° to 1475°C the rate was parabolic. The 
variations of the cubic and parabolic rate constants 
with temperature are shown in Figs. 10 and 11, 
respectively. The equations for the best straight 
line were determined by the method of least squares. 
At 400° to 700°C the equation for the cubic rate 
constant can be expressed as, 


ke [(mg/cm’)*/hr | 
= 3.78 x 10° ° exp (— 3650 + 890/RT), 


where 3650 cal per mole is the activation energy. 
At 800° to 1475°C the parabolic rate constant can 
be expressed as, 


ky» [(mg/em’)*/hr] 
= 2.08 x 10 exp (50,900 + 1200/R7T) 
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Fig. 8—Tantalum reacted with air at 1000°C for 2.6 hr, 
showing oxide penetration into base metal along (100) 
planes. X250. Reduced approximately 51 pct for 
reproduction. 


where 50,900 cal per mole is the activation energy. 

Several experiments were made at 900°C to de- 
termine whether there was an effect of nitrogen 
pressure on the tantalum-nitrogen reaction. Within 
experimental limits there was no variation of the 
parabolic rate constant with nitrogen pressure in 
the range of 7, to 1 atm. 

No visible nitride film was detected on samples 
reacted with nitrogen at 400° to about 1100°C. 
Above 1100°C adherent dark-brown films were 
produced. X-ray diffraction patterns were ob- 
tained on surfaces of samples reacted for about 
3 hr at 800° and 1300°C. In both cases, Ta2N and 
a complex phase (possibly TaN) were found. Only 
TaN was identified on surfaces of samples reacted 
for 3 hr at 475° and 700°C. 

Diffusion Rates— The diffusion rates of oxygen 
and nitrogen in tantalum were studied from hard- 
ness traverses of the core of the reacted samples. 
Representative hardness curves are shown in 
Fig. 12 in which the Knoop hardness number is 
plotted against the distance from the surface of 
the sample. 

Diffusion coefficients were calculated from the 
hardness curves obtained from the sheet samples 
using the Van Ostrand-Dewey solution of Fick’s 
second law of diffusion. This technique was used 
in a previous study on the contamination of colum- 
bium.** It must be assumed that the hardness varies 
linearly with oxygen content. This assumption ap- 
pears to be reasonably valid over small ranges of 
oxygen content from the work of Perkins.*° On this 
basis, the equation for variation of the hardness with 
the diffusion coefficient is given as, 


H — Ho/Hy — Ho = 1 $(X/2 VDE) 1] 


where 


H,, = surface hardness 

Ho = base hardness 

H =hardness at distance X from the surface at 
time, / 

@ = probability (or error) function 

D_ = diffusion coefficient. 


The diffusion coefficient can be determined from 
a probability plot of Eq. [1]. A different solution of 
Fick’s second law™ was used to calculate the dif- 
fusion coefficients from the hardness traverses 
obtained from the cylindrical samples in the oxygen 
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Fig. 9—Reaction of tantalum with nitrogen at various 
temperatures. 


reaction. This method has been used to determine 
the diffusion coefficients of oxygen*”’ and nitrogen™ 
in zirconium. The equation in terms of hardness is, 


H — Ho/Hy — Ho 


Bn*(Dt/a") 
where 
H = hardness at radius, 7, and time, / 


a = radius of cylinder 

Jo(8) = Bessel’s function of the first kind and 
order zero 

first derivative of Jo(f) 

roots of Jo(f) = 0 


The method of calculating diffusion rates from 
Eq. [2] has been described.” 

The calculated diffusion coefficients for oxygen 
and nitrogen in tantalum are shown in Fig. 13. It 
is seen that the diffusion coefficients obtained from 
the air reactions agree with the oxygen diffusion 
data. Also the diffusion of oxygen is faster than 
the diffusion of nitrogen. The diffusion coefficients 
are in very good agreement with the work of Ang,”? 
who determined the diffusion rates of oxygen and 
nitrogen in tantalum from internal friction meas- 
urements. 

The diffusion coefficients for oxygen in tantalum 
obtained from hardness gradients can be expressed 
by, 


D = 2.14 x 107° exp (—22,900 + 800/RT) [3| 
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Fig. 10—Temperature variation of cubic rate constant for 
the reaction of tantalum with nitrogen. 


where 22,900 cal per mole is the activation energy. 
Ang’® reported an activation energy of 27,300 cal 
per mole. 

he diffusion coefficients of nitrogen in tantalum 
canbe expressed by, 


= 1.82 x 10°? exp (—41,100 + 720/RT) [4] 
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Fig. 11—Temperature variation of parabolic rate con- 
stants for the reaction of tantalum with nitrogen. 
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Fig. 12—Hardening of tantalum by oxygen and nitrogen. 


where 41,100 cal per mole is the activation energy. 
An activation energy of 39,800 cal per mole was 
reported by Ang. 


DISCUSSION AND CONCLUSIONS 


The tantalum-oxygen and tantalum-air reactions 
are quite similar. In both cases an outer white 
scale of Ta2O; and an inner dark scale of Ta20; 
plus traces of Ta2O3 are produced. The reaction 
is parabolic, followed by a transition period during 
which the rate increases and then by linear oxida- 
tion. At temperatures above 800°C, the initial 
parabolic reaction was of too short duration to be 
detected in the air reaction. In the oxygen re- 
action at 1 atm pressure, the initial parabolic 
behavior was not observed, although an initial 

slow reaction was noted at 500°C. However, it is 
believed that the basic rate controlling reaction is 
identical for both cases. From this work a model 
for the oxidation reaction can be outlined. 

The oxidation reaction of tantalum can be con- 
sidered to occur in three steps. 

1) Initially the oxidation kinetics follow a para- 
bolic relationship. The reaction proceeds by 
diffusion of oxygen ions through a growing ad- 
herent dark scale, which is mostly Ta2Os. The 
reaction to produce new scale is occurring at 
the film-metal interface. The natural volume 
ratio of Ta2O; to tantalum is about 2.54. There- 
fore, for the dark scale to be adherent to the metal, 
it must grow under highly compressive stresses. 
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Fig. 13—Diffusion coefficients of oxygen and nitrogen in 
tantalum. 


2) When the compressive stresses become too 
great the outer surface of the adherent scale be- 
gins to crack. As the cracks propagate toward 

the metal-scale interface, the outer scale becomes 
porous and turns white, while the inner portion of 
the original scale remains adherent and dark. 
During this transition period, the weight gain- 

time curve deviates upwards from the parabolic 
curve. 

3) As the cracks propagate toward the metal- 
scale interface, the reaction rate, which is still 
determined by ionic diffusion through the adherent 
film, increases until an equilibrium is attained be- 
tween the rate of crack propagation and the rate of 
formation of new adherent oxide. The inner portion 
of the scale thus attains a stable thickness, and 
oxidation proceeds linearly. The rate-controlling 
reaction remains ionic diffusion (probably of oxygen 
ions) through the adherent scale but linear kinetics 
are observed because the diffusion distance is con- 
stant rather than increasing. This behavior is quite 
similar to that described by Cathcart et al., ” for 
oxidation of columbium. 

At high temperatures there is some sintering of 
the outer white scale as evidenced by the scales 
produced in air at 1000° and 1200°C. 
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The pressure dependency of linear oxidation of 
tantalum has been investigated by Peterson et al." 
Their explanation of the effect of pressure was 
based on an equilibrium adsorption process that 
occurs prior to the rate determining step in the 
oxidation mechanism. This concept was used to 
explain the unusual variation of the rate constant 
constant with temperature at 500° to 800°C as 
seen in Fig. 2. It is believed that the adsorption 
process does not completely describe the pressure 
dependency. According to the Wagner theory of 
oxidation, the role of the gas pressure is its effect 
on the defect structure of an adherent surface film, 
and thus on the rate of ionic diffusion through the 
film especially for a reaction occurring at the 
metal-oxide film. The exact variation of the re- 
action rate with pressure depends upon the defect 
nature of the oxide film. Therefore, in the linear 
oxidation of tantalum, the pressure dependency re- 
sults from the effect of pressure on 1) the diffusion 
rate of oxygen ions through the dark adherent scale, 
or 2) the stable thickness of the adherent film dur- 
ing oxidation. 

The ignition temperature of tantalum partly de- 
pends upon the oxygen pressure. In 1 atm O, 
ignition of tantalum occurred at 1250°C and above. 
In air, the ignition temperature is above 1400°C. 

No nitrides were found in the air oxidation. This 
would be expected since thermodynamic consider- 
ations show that tantalum nitride is not as stable 
as tantalum oxide. Also, only oxygen diffusion in 
the metal was noted in the air contamination study. 
Therefore, nitrogen has very little effect, if any, 
on the reaction of tantalum with air. 

Nitrogen reacts much slower with tantalum than 
either oxygen or air does. An adherent nitride 
film is formed up to 1475°C. At 400° to 700°C 
the nitriding reaction follows cubic behavior. 
Cabrera and Mott™ have explained the cubic rate 
law on the basis of a strong electric field set up in 
a thin film. At low temperatures ions do not simply 
diffuse through the films as during parabolic oxida- 
tion, but rather jump from one position to the next 
due to the relatively large potential difference 
across the film. At 800° to 1475°C the reaction 
follows parabolic behavior. Following the Wagner 
theory, the reaction is controlled by the diffusion 
of an ionic species through the growing nitride 
film. 


SUMMARY 


The reaction of tantalum with air at 400° to 
800°C was initially parabolic and showed a transi- 
tion to a linear rate after a time depending upon 
the temperature. At 800° to 1400°C for the air 
reaction and at 500° to 1250°C for the oxygen re- 
action, only a linear rate was noted. Catastrophic 
oxidation occurred in 1 atm of O above 1250°C. 
The reaction in oxygen at 1000°C followed a square 
root of pressure dependency. The oxide scale con- 
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sisted of a thin dark subscale of Ta2O0; with traces 
of Ta2O3 and an outer thick white scale of Ta2Os. 

The reaction of nitrogen with tantalum is much 
slower than the oxidation reactions. The nitriding 
reaction follows a cubic rate up to 700°C. Above 
700°C it follows a parabolic rate. TaN is the 
principal reaction product. 

Oxygen was found to diffuse into the base metal 
during the air and oxygen reactions. The diffusion 
coefficients for oxygen and nitrogen calculated from 
hardness curves were in good agreement with pub- 
lished data. 

The rate-determining reaction was concluded to 
be the diffusion of oxygen ion through an adherent 
dark subscale for both the parabolic and linear 
reactions. 
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Oxygen Furnace 


End-Point Temperature Control of the Basic 


As a means of effecting better control of end-point tempera- 


tures at the Jones & Laughlin basic oxygen furnace plant, a set of 
mathematical equations has been developed. The equations are 
the product of a thermochemical analysis of the process and are 
designed to calculate the required scrap, lime, and hot metal 
additions in terms of a number of independent variables. Results 
of test heats have warranted adoption of this technique by the 
Production Department. 


Because of the autogeneous nature of the basic oxy- 
gen steel-making process, bath temperature can be 
controlled without an external fuel supply by charg- 
ing the furnace with additions that are thermally bal- 
anced. The thermal requirements of the charge ma- 
terials are such that, during the refining process, 
they throttle the heat generated by the metallurgical 
reactions in a manner designed to result in a speci- 
fied temperature at the completion of the heat. 

In the past, operating personnel at the basic oxy- 
gen furnace plant of Jones & Laughlin’s Aliquippa 
Works relied on their experience and technical knowl- 
edge of the process to determine the quantities of 
charge additions needed to result in a finishing tem- 
perature in the range 2880° to 2920°F. (The charge 
consists primarily of 93 tons of scrap and hot metal 
plus an amount of lime sufficient to maintain a ba- 
sicity ratio of 2.8 to 3.2). Estimates of these ma- 
terials are based on a consideration of the effects on 
finishing temperature of 1) iron silicon content, hav- 
ing a variation of 0.8 to 1.8 pct; 2) iron temperature, 
ranging from 2250° to 2600°F; and 3) any excessive 
cooling of the furnace due to a production delay. The 
end temperature of the preceding heat also serves as 
a guide in that, if a heat was within the specified 
temperature range, the succeeding heat could be 
charged with materials of nearly the same propor- 
tions, provided the hot metal used in each of the two 
charges was of approximately the same temperature 
and composition. On the other hand, if a heat was 
outside the specified tapping range, or if the hot 
metal used in that heat was of different analysis and 
temperature from that of the iron to be charged, an 
adjustment in the proportion of additions is in order 
for the following heat. 

Due to the complex thermochemical behavior of 
the process and to the inexact and subjective nature 
of the described method of determining charge ad- 
ditions, consistently accurate temperature control 
was not to be expected. Therefore, those heats out- 
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side the specified tapping range necessitated subse- 
quent adjustments by either reblowing the cold heats 
for a suitable length of time so as to elevate the bath 
temperature to the desired level, or cooling hot heats 
with a proper amount of scrap. Because extra time 
is required to make these adjustments, production is 
delayed. 

In an attempt to devise a method for improving 
temperature control, an analysis of the thermo- 
chemistry of the process was undertaken. This, in 
turn, led to the development of a set of mathematical 
equations which enable the calculation of the quanti- 
ties of scrap, lime, and hot metal needed to result in 
any specified tapping temperature range. The analy- 
sis was not intended to be a repetition of work done 
by others such as McMulkin’ or Philbrook.” It was 
meant to be an extension of their work so that charge 
additions could be calculated not in terms of silicon 
alone but, rather, as a function of all independent 
variables. This paper presents the derivation of 
these relationships, their effectiveness in controlling 
bath temperatures, and a method of utilizing them on 
an operational basis. 

The Heat Balance—The first step undertaken in the 
analysis of the problem was the enumeration of the 
pertinent variables. A list is presented in Table I 
where it is noticed that these quantities have been 
separated into the following three categories: im- 
portant variables, variables considered as constants, 
and variables to be neglected. The breakdown was an 
arbitrary one designed to facilitate the analysis; 
otherwise, the mathematical treatment would have 
been exceedingly cumbersome and complex. Fortun- 
ately, experience has shown that these simplifying 
assumptions do not seriously impair the accuracy of 
the calculations. 

These variables along with the limiting assump- 
tions listed in Table II were then used to write a heat 
balance of the process by applying the equation of 
continuity, 


Rate of Rate of Rate of 
Increase = Income Outgo [1} 
of Heat of Heat of Heat. 
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Table |. Thermodynamic Variables of the Basic Oxygen 
Steelmaking Process 


ce. = Pct Iron Carbon 

Si, = Pet Iron Silicon 

Mn, = Pct Iron Manganese 

Ty = Iron Temperature (°F) 

Wcao = Weight of Lime (1b) 

Wc = Weight of Charge (consists of scrap and hot metal) (1b) 

Ws = Weight of Scrap (1b) 

Wum = Weight of Hot Metal (1b) 

Wyus = Weight of Mill Scale (1b) 

Wp = Weight of Ore Pellets (1b) 

Wreo = Weight of FeO (total) (Ib) 

Wpo = Weight of Drain Out (1b) 

Sipo = Pct Drain Out Silicon 

Mnpo = Pct Drain Out Manganese 

V.V. = Basicity Ratio 

L.H. = Lance Height Above the Bath (inches) 

tp = Time Delay Between Tapping of One Heat and Charging the 
Following Heat (minutes) 

Tpo = Temperature of a Drain Out (°F) 

Tr = End-Point Temperature (°F) 


Variables Considered as Constants 
Blowing Time (minutes) (relatively constant for a given oxygen 


Weight of Fume Loss (lb) 
Flame Temperature (°F) 
Average Surface Temperature of the Furnace (°F) 


= 
flow rate, turn-down carbon level, and weight of charge) 

Cr = Pct Carbon at the End-Point 

Sir = Pct Silicon at the End-Point 

P; = Pct Phosphorus in Iron 

Ti, = Pct Titanium in Iron 

Pr = Pct Phosphorus at the End-Point 

Tir = Pct Titanium at the End-Point 


Variables to be Neglected 


Scrap Size 

Scrap Composition 

Quantity and Analysis of Iron Slag 
Age of the Furnace Lining 
Condition of the Furnace Lining 
Weight of Fluorspar 

Variations in Ambient Temperature 
Erosion of the Lance 


Definitions of Other Quantities Used in the Heat Balance 


Q = Heat Content (Btu) 

\H Enthalpy Change (Btu) 

Cp’ = Average Specific Heat at Constant Pressure for the¢Ifemperature 
Range 77° to 2900°F. (Btu) (°F)“* 

Wr = Total Weight (1b) 

Wp = Weight of Balance (lb) 

t = Time (min) 

Mx = Molecular Weight of the K-th Compound 

Ax = Atomic Weight of the K-th Element 

T = Metal Temperature at Time, t (°F) 

h = Heat Transfer Coefficient (Btu) (min)~ (ft?)~* (°F)* 

= Stefan-Boltzman Constant (Btu) (min)~’ (ft?)~? (°R)* 

Sp = Bath Surface Area (ft’) 

SR = Area of Refractory in Contact with the Bath (ft?) 

F = Radiation Factor 

ctn ¢ = Function Used to Relate Lance Height to FeO Formation 

K = A Constant (°F*) 

Si4 = Pct Average Silicon 

Sig = Pct Silicon in the Balance 

Mn4 = Pct Average Manganese 

Mng = Pct Manganese in the Balance 

T,4 = Average Hot Metal Temperature (°F) 

Tg = Temperature of the Balance (°F) 


Subscript 0 = Initial Value 
Subscript F = Final Value at Turn-Down 


In its simplest form, this balance appears as follows: 
Rate of Heat Gained by Hot Metal = 


Rate of Heat Generated by the Enthalpy Changes for 
the Following Reactions: (Reactions occurring at 


Fe,C +5 O, = 3Fe + CO 
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Table Il. Assumptions Used to Write the Heat Balance 


1) 95 pct CO and 5 pct CO, are formed in the bath. 

2) These gases leave the furnace at an average temperature of 2700°F. 

3) All SiO, and P,O, combine with lime in the slag. 

4) The amount of fume loss is a constant of 10,000 lb per heat. 

5) The fumes leave at an average temperature of 2700°F. 

6) Slag and metal have the same temperature at turn-down. 

7) FeO and Fe,0, in the slag are replaced by total FeO. 

8) Heat losses are for a steady state. 

9) The compositions of ore and mill scale are 47.5 pct Fe,O, and 47.5 
pet Fe,O,:2a. 

10) For consistency it is necessary to place minus signs in front of all 
the enthalpy terms since such changes are negative for exother- 
mic reactions and positive for endothermic reactions. 

11) All heats are blown to approximately 0.05 pct C in about 20.5 min 
with an oxygen flow rate of 6500 cfm. 

12) Specific heats are assigned average constant values applicable 
from 77°F to the finishing temperature. They are designated by 
the symbol C; to distinguish them from the temperature depen- 
dent specific heat Cp. 


Fe,C + O2 = 3Fe + 
Fe,Si + 2CaO = Ca,SiO, + 3Fe 
Mn + > O, = MnO 


2Fe,P + 2 0, + 4Ca0 = Ca,P,0, + 6Fe 


2 
1 
Fe + O2 = FeO 
Ti + O, = TiO, 


+ 


Rate of Heat Radiated from the Flame to the Bath 

Rate of Heat Lost through the Lining 

Rate of Heat Absorbed by Dissociating Mill Scale 
and Ore Pellets 

Rate of Heat Absorbed by Melting Scrap 

Rate of Heat Absorbed by Uncombined Lime 

Rate of Heat Lost by Fume Generation. 


[2] 


For convenience of calculation, all reactions are 
assumed to occur at 77°F. The choice is an arbitrary 
one since the enthalpy change in going from an initial 
to a final temperature state is independent of the path 
followed. It is also noted that due consideration was 
given to the change in specific heat in going from hot 
metal to blown metal when calculating the heat bal- 
ance. 

It is observed that the heat balance has been ex- 
pressed in the form of a rate equation. This approach 
stems from a dynamic analysis undertaken on the 
Jones & Laughlin analog computer in which differen- 
tial equations were used to completely define the 
transient behavior of the variables. Computer cal- 
culations demonstrated that the rate equation could 
be integrated to yield finishing temperatures that 
compared very well with measured values. It was: 
also determined that by transforming the integratea 
expression and supplementing it with several other 
relationships, calculations could be made to obtain 
thermally balanced charge additions. 

Before attempting to use these expressions to 
control furnace charges, it was decided that it would 
be wiser to work with operations personnel and pre- 
dict end-point temperatures. Such a procedure would 
enable these people to gain confidence in the mathe- 
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matical model, and at the same time would permit 
refinements to be made in the equations. After a 


suitable testing period, the transformed relationships 


could be used to test control the process. 


The End- Point Temperature Equation—The derived 


end-point temperature equation is of the form* 


*A complete derivation is presented in the Appendices. 
Tr = [Wey (87.354 0.255 Tyy + 131.4 + 30.34 Mno) 
+ 16.47 Wo + 29.57 Woao + (2.26 V. V. + 19.93) (10°) 
— 3125 Ty —(121.4 x 10° — 1618 We) 
(—93x10"° L.H. + 0.165) — 1225 + Wy) ] 
+ [Wyn (0.211 + 0.0041 Si, + 0.00025 Mn, 
— 285 X10 + 0.214 Wo + 0.384 Weao 
+140 V.V. +0.19 (Wys + Wy) + 1225 


— (7,500 0.10 Wg) (—93 x L.H. + 0.165)] [3] 


(See Table I for a definition of terms) 


A set of computed values is presented in Table III 
to illustrate the effects that certain changes in these 
parameters have on end-point temperature. 


It is noted that the quantities C, CO, CO2, SiO., MnO, 


and FeO do not appear explicitly in the preceding ex- 
pression. The reason is that these items have been 
expressed as functions of the independent variables, 
so their thermal effects are incorporated into the 
equation even though this is not apparent*. Still other 


*See the Appendices. 


quantities such as Ti, P, flame radiation, fume losses, 


heat losses through the furnace lining, lance or oxy- 
gen input, and finished steel analysis have been ap- 
proximated with a set of constant values*. 


*See Table I. 
Results of Mill Trials for Predicting End- Point 


Temperatures—The next step was to conduct a series 


of mill trials to compare calculated end-point tem- 
peratures with measured values. The trials were 
conducted from November 1958 through March 1959, 
during which time predictions were made for 323 


heats. The calculations necessitated utilization of the 


following data: the weights of mill scale, scrap, 
lime, and hot metal, plus lance height position above 
the metal bath, all decided upon by the melters, 


Table Ill. The Effects of Changes in the Independent Process 
Variables on End-Point Temperature 


(Note: Calculations were made on the basis of a charge 
consisting of 58,000 lb of scrap, 128,000 1b of hot metal, 
and 13,000 1b of lime.) 


Effect on End- 


Variable Amount of Change Point Temperature 
Si 0.10 pct 36° 

Wy 1000 Ib 

Ty 100°F 62° 

Mn 0.10 pet 8? 

Ws 1000 lb 12.5° 

0.1 4° 

Wys or 1000 1b 32° 

1000 15 

10 in. 4° 
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Fig. 1— Experimental arrangement of the two-color pyro- 
meter and accessories. A) Mixer Ladle; B) Molten Iron 
Stream; C) Sensing Head of Two-Color Pyrometer; D) 
Power Supply of Two-Color Pyrometer; E) Recorder. 


along with measured iron chemistry and iron tem- 
perature. The iron analysis had been determined 
previously from blast-furnace runner tests, while 
iron temperature was measured with a two-color 
pyrometer® sighted on the metal being poured from 
the mixer ladle into the charging ladle. 

The experimental arrangement of the two-color 
pyrometer and accessories is shown in Fig. 1, and 
a sample temperature recording is presented in 
Fig. 2. It is observed that the temperature trace 
exhibits a great deal of oscillation during the initial 
stages of the pour. This is caused by smoke ob- 
structing the pyrometer’s field of view and by voids 
in the stream. Later, the trace becomes stabilized 
because the stream becomes more compact and the 
smoke is dissipated by an electric fan. It is during 
this period of stability that the temperature reading 
is made. The oscillations appear again for a brief 
interval at the end of the pour when the mixer ladle 
is turned to its upright position. 

The two-color pyrometer was selected for iron 
temperature measurement not only because of its 
accuracy, which compares very favorably with that 
of a thermocouple, but also because it is completely 
automatic, thus obviating the need for an operator. 

It is also necessary to point out that, when the hot 


READING TAKEN | 


—>—TIME 
Fig. 2—Sample of two-color pyrometer recorder trace. 
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Fig. 3—The operation of the slide rule computer at the 
basic oxygen furnace plant. 


metal is poured into the furnace, the temperature 
will always be at a lower value than when it is re- 
corded. This is the result of heat losses incurred 
during transit from the pouring pit to the charging 
floor. An equation is presented in Appendix I for 
computing temperature drop, and the iron tempera- 
ture, as it appears in the heat balance, has the cor- 
rection factor applied to it. 

With this information, on-the-spot calculations of 
finishing temperatures were then made with a special 
slide-rule type of computer designed from Eq. [3]. 
The computer enabled computations to be made far in 
advance of the end-point with a high degree of ac- 
curacy. Its operation is illustrated in Fig. 3. 

During the trial period, 249 of the 323 calculated 
heats, or 77 pct, agreed to within + 20°F of the tem- 
peratures measured at the end-point, and 297, or 
92 pct, were within +30°F of these measured values. 
A frequency distribution of the number of heats vs 
the difference between the measured and calculated 
temperatures is displayed in Fig. 4. In view of the 
excellent results of these trials, it was concluded 
that the model was theoretically sound and might 
possibly be used for controlling bath temperatures. 

The Control Equations— To develop the required 
control equations, it was necessary to express, in 
addition to the relationships used to predict end- 
point temperatures, a relationship for computing 
lime and another for computing hot metal. Now, in- 
stead of solving for tap temperature, the stipulation 
was made that all heats were to be turned-down 
within the range 2880° to 2920°F. Thus, finishing 
temperature became an independent variable, while 
scrap, lime, and hot metal were made dependent. 

It must be pointed out that the charge additions: 
mill scale, fluorspar, and ore pellets (when used) 
are chosen at the discretion of the melters, so they 
are not obtained from the control equations. These 
expressions are derived in the Appendices and are 
of the form 


Hot Metal 
Wim = Wo - Ws [4] 
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Fig. 4—Distribution of difference between calculated and 
measured end-point temperatures. 


Lime 
60.06) / 1 Si 
(5-23) (Fo) Wane ) [5] 
Scrap 


Ws = (We [(117.93 25.3 V. V.) (Si) + 29.41 (Mno) 
+ 0.257 (Tyy) — 502.19] + 1.8 x 10°(V. V.) 
+ 16.22 x 10° — 3125 (Ty) — 96.3 x 10° 
(— 93 X10°° L.H. + 0.165) — 1808 Wp)) 
(117.93 — 25.3 V. V.) (Sip) + 29.41 (Mno) 
+ 0.257 (Ty) + 93.82 — 1285 (— 93 x 10° L.H. 
+ 0.165))~ 67 tp [6] 


All quantities appearing in these expressions have 
appeared previously in the finishing temperature 
equation with the exception of W. andtp. In Eq. [6] 
tp,the time of delay between tapping of one heat and 
the charging of the next, is an added refinement that 
had not been used in the finishing temperature equa- 
tion and is designed to compensate for the heat lost 
from the lining during a delay.* 


*See Appendix I. 


It must be emphasized that the form of the scrap 
equation will vary slightly with different oxygen flow 
rates and with different finishing carbon levels be- 
cause such changes will affect the lancing time, the 
total heat losses, and the final slag and steel analy- 
sis. (The above expression is valid only for heats 
finished at 0.05 pct C with an oxygen flow rate of 
6500 cfm, but by modifying certain coefficients, the 
equation can be adapted to higher carbon heats and 
to heats refined with different oxygen flow rates.) 

To illustrate the effects that the two most impor- 
tant variables, iron silicon and iron temperature, 
have on the required scrap additions, a plot of scrap 
vs silicon for various iron temperatures has been 
constructed from the scrap equation. The graph is 
presented in Fig. 5. 

Mixer Ladle Drain-Out Equations—As an addi- 
tional refinement to the mathematical model, ex- 
pressions have been developed for approximating 
the average temperature and composition of a hot 
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Fig. 5—Plot of scrap vs silicon for various 
iron temperatures. 
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metal addition that may consist of a mixture of a 
drain-out from one mixer ladle and the balance from 
another that is of different temperature and compo- 
sition. The importance of these relationships be- 
comes apparent when it is considered that a drain- 
out situation is encountered about once in every 

three or four heats with the probability being in 
favor of having a difference in temperature and com- 
position between the two batches of metal comprising 
the mixture. 

Equations are needed for determining only silicon, 
temperature, and manganese because carbon is never 
measured but, instead, is calculated from the iron- 
silicon content and iron temperature, while phos- 
phorus and titanium are assigned constant values. 
The form of these expressions is as follows:* 


*See Appendix I for the derivation of these relationships. 


Average Silicon 


(Wno) (Sipo— Siz) 
130,000 


Average Temperature 


(Wno) (Tono-T pz) 
130,000 


Average Manganese 


(Woo) (Mnpo- Mng) (9] 
130,000 


Test Controlling the Process—During a trial period 
extending from April 6 to May 9, 1959, 227 heats were 
charged with additions calculated from the mathemati- 
cal model, with the following procedure being used to 
determine the charges. Near the end of the refining 
period of one heat approximately 100,000 lb of hot 
metal were poured from the mixer ladle into the iron 
charging ladle to obtain a temperature reading with 
the two-color pyrometer. The temperature, along 
with the iron analysis, plus the melter’s selection of 
lance height position, weight of mill scale, and weight 


[7] 


Sig = Sip+ 


[8] 


Ta= TR + 


Mnyg = Mng + 
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of lime were then used to compute the scrap addition 
by means of the slide rule shown in Fig. 6. (The rule 
was designed from a simplified version of Eq. [6].) 
After the scrap weight was calculated, the hot metal 
was obtained by employing Eq. [4]. This information 
was passed on to the melter who whould have his 
crew weigh out the calculated charge materials. 

It is noteworthy that the entire procedure was car- 
ried out without causing any delay in the charging of 
the succeeding heat. It must also be pointed out that 
the lime used in the calculations was an estimate of 
that required to yield a given V-value. Such an esti- 
mate will not be required in the future as Eq. [6] 
contains lime as an implicit rather than an explicit 
variable. 

All the test heats were finished at 0.05 pct C with 
an oxygen flow rate of 6500 cfm. The end-point was 
determined visually by the melter after which the 
furnace was turned-down and a temperature reading 
taken with an immersion thermocouple. If the heat 
was within the specified temperature range, it would 
be tapped immediately; if it was too hot, it would be 
cooled with a suitable amount of scrap; and if it was 
cold, it would be reblown for an appropriate period 
of time. 

Of the 227 test heats, 148, or 65.1 pct, were within 
the aim range at completion of the heat. A graph ap- 
pears in Fig. 7 to show how the test heats are dis- 
tributed with respect to finishing temperatures. As a 
comparison, a composite of all the other heats made 
without the aid of the mathematical model during the 
time of the trials is illustrated in Fig. 8. It is ob- 
served that, in addition to the 16.8 pct improvement 
over the composite performance, the heats computed 
with the slide rule are normally distributed, whereas 
the other heats yield a distribution that is skewed. 

The mill trials demonstrated that with the use of 
the mathematical equations improved temperature 
control is feasible. But even with this approach, ad- 
justments are required 35 pct of the time. Numerous 
reasons can be advanced to explain the occurrence 
of off-temperatures—a list of the more significant of 
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-2700 
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METHOD OF OPERATING THE SLIDE 
RULE COMPUTER (shown in Fig. 6) IRON LANCE! = 49./ LANCE] MILL| 9 
TEMP | %Mn| %SI HEIGHT HEIGHT] V.V. | LIME |SCALE| — 
1) Starting at the left move the ‘‘Mn slide’”’ until 2 
the arrow points to the measured iron tempera- 
ture on the temperature scale. +} 620-44 — 204 
2) Position the ‘‘Si slide’’ to align the arrow on 2800-4 
this scale with the iron Mn content. 
3) Move ‘‘lance height slide No. 1’’ until the ar- = 
row points to the iron silicon content. _} 40 
4) As “scale No. does not move, go on to 96 
lance height slide No. and move it until 94] 82-4 : 8600-2 
the arrow points to the position on ‘‘lance oot 
height slide No. 1”’ that will be used during 2300-7 80000 
the blow. Also record the number that the 60-4 1200-F-2200-4 ss000 
arrow is pointing to on “‘scale No. 1.’’ (This 100 
represents the denominator in the simplified 20-4 — 207 20000 
5) Move the ‘‘V.V. slide” to align the arrow with = 
6) Align the arrow on the ‘‘lime slide’’ with the @,000- 
7) Position the ‘‘mill scale slide’’ so that the 400 
arrow points to the proper lime charge. re— = 
8) Read the proper number on the ‘‘mill scale 
slide’’ and record the value on ‘‘scale No. 2” 40) 12,000-F2p004— 
that is adjacent to the mill scale addition. = 13,000- - 
(This number is the numerator of the scrap 2400 300 
9) Going to the last three scales at the right, 60-4 60 
move ‘‘slide No. 1’’ until the previously re- 40-4 40-4 18,000~ — 40-4 400 
corded number for this scale (step 4) is aligned = oot 20-4 17,000- 
with the recorded value of ‘‘scale No. 2’’ (step —[-2000 
8). Then the arrow on ‘‘Slide No. will point end ra 
to the required scrap addition on the ‘‘scrap 
2100-4 -1800 - 400-4 
80: 80— 
Fig. 6—Slide rule computer. 60. 60 
40 40— 
1700- 
80 
60 — 
40 40— 
20 
1600 


these is presented in Table IV. It is believed that the 
temperature performance level can be raised con- 
siderably by exerting greater control over some of 
these anomalous conditions, as for example: having 
a more powerful fan for removing smoke from the 
iron reladling stream, taking iron samples from the 
mixer ladle so as to obtain a better analysis, and ef- 
fecting better control of O, input time. 


CONC LUSIONS 
Results of test heats made at the Jones & Laughlin 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


basic oxygen furnace plant demonstrate that a set of 
mathematical equations, derived from thermochemi- 
cal principles, can be used to calculate thermally 
balanced charges. With controlled charges a greater 
percentage of heats can be turned-down within a 
specified tapping temperature range than is other- 
wise possible. 

The charges were calculated with a special pur- 
pose, slide rule type of computer designed from the 
mathematical model. However, it was decided that 
an electronic computer would be better suited for 
use by operations personnel not only because of its 
greater accuracy but also because it would be easier 
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Table IV. Causes of Off-Temperature Heats 


1) Erroneous Iron Temperature Measurements (Caused by smoke) 
2) Non-Representative Chemical Analyses 

3) Excessive Slag Volume Caused by Erratic Lancing Conditions 
4) Excess Oxygen or Lance Time 

5) Use of Pit Scrap 

6) Long Delays 

7) New Furnace Lining 

8) Computational Error 

9) Error in the Mathematical Model 
10) Error in Weighing Additions 
11) Unmelted Scrap at Completion of the Heat 


to operate than would the slide rule. Such a device 
is now on order, and installation will be made within 


a few months. It is expected that the reduced number 
of off-temperature heats that will result from the use 


of this instrument will be accompanied by significant 
financial returns. 

Much effort must be expended before work in this 
area can be considered as completed. In fact, the 
application of computer techniques to the control 
of the process has only begun, and the future can 
well be expected to see the computer being used for 
the calculation of blowing times and, consequently, 
the control of steel chemistry, as well as for tem- 
perature control. 
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APPENDIX I 


Derivation of the End- Point Temperature Equation 


and the Equations for Computing Charge Additions— 
Both the end-point temperature and the scrap equa- 
tions are to be derived from Eq. [2]. By substituting 
symbolic notation into this expression and utilizing 
the assumptions listed in Table II, the following dif- 
ferential equation is obtained. (Also see the nomen- 
clature in Table I.) 


Rate of Heat Gained by Hot Metal 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Fe,C +5 0, = CO+ 3Fe 


2700° 
M W, dC 

Rate of Heat oan by the Enthalpy Change for 
the Reaction: 
Fe,C + O, = CO, + 3Fe 

2700° 

id Mcoz dC 

J Ch, a) (-°-°8 ar) 


77° 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Fe,Si + O2 + 2CaO = Ca,SiO, + 3Fe 


tT Mca,SiO Wim) (_ 


Fig. 7—Slide rule performance. 
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Fig. 8—Composite of melters’ per- 
formance. 
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Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Mn +5 O, = MnO 


y 
Myno Wum)\ /_@Mn 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


2Fe,P +2 0, + 4Ca0 = Ca,P,0, + 6Fe 


T Mca,P.0, ‘ WHM dP 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Ti + O, = TiO, 
T f i 
+ ATi aT 100 dt 


2260 2670 2820 2800 2°10 2930 2640 2950 270 


Temperature (°F 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Fe +5 O, = FeO 


- =" f Cp ar) (“eo ) 
FeO dt 


Rate of Heat Lost by Generation of Fumes 


Rate of Heat Radiated from the Flame to the Bath 


+ oSgF + 460)* — (T + 460)*] 


Rate of Heat Lost through the Lining 


coco 


7CO00 


Se) 


Fig. 9—Final FeO vs scrap with lance 
height as a parameter. 
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Rate of Heat Absorbed by Dissociating Mill Scale and 
Ore Pellets: 

3 
2 
Fe ,O, = 3Fe + 2 


Fe,0, = 2Fe + O, 


dWys 
(0.475 AA + 9-475 SH (OME + 


Rate of Heat Absorbed by Melting Scrap 


(Ge) 


Rate of Heat Absorbed by Uncombined Lime 


Solving the Thermal Balance for the Temperature 
at Turn- Down—Multiplying both sides of Eq. [1A] by 
dt and integrating with respect to time and tempera- 
ture gives 


QF — = 


E H(CO») 476 
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-|o 475 AH(Fe,03) 0. 475 AH(Fe30,), MS, Ws.) 


- Tr -77°)| [(Woaop- Wea0,) 


P, -Pr) 
[2A] 

The integration of the radiation term was made by 
using the following approximation: 

First, let AT = Tf — T, which upon rvarrangement 
gives T = Tr — AT. Then substitute this relationship 
for T into the expression 

tre 

oSgF + 460)*— (T + 460)*] at 

to 

This yields upon expansion, the term 

tr 

f oSpF AT [4T¢°— 677? AT + 4T¢ AT? - 
ts 
+ 4(460)° + 12(460) Ty? — 12(460) Ty AT + 12(460)° Ty 


[3A| 


+ 4(460) AT? — 6(460)? AT] dt [4A] 
As a first approximation, replace the term in the 
brackets by a constant K, AT by Tf —T, and T by the 
average value (T, + 7/2. This leads to the integrated 
radiation term of Eq. [2A] 


oSp FK [ry - 


The heat lost through the lining term of Eq. [2A] 
has also been approximated by letting T =(T, + Tp)/2 
so that 


[5A 


tp 
f (T-Ts) at =h = 
to 


(tr ~ to). 
[6A] 
The following expressions are used to evaluate 
Qo and QF. 


Qo = (To- 77°) 
F = (Wim) (Ch.) (Tp 77) * 


*Cp for blown metal is the same as the Cp for scrap, and therefore, 
Cp, has been used for blown metal. 


[7A] 
[8A] 


where 


+ (P, — Pr) + (Mn, — Mnf) + (Tio -Tip)]| 


WH M, = [(Co + (Si, — Sip) 
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= te) [ 2AFe 3A Fe 


(ius, * [9A] 


The carbon content of blast furnace iron is not 
normally measured, but with the expression, ° 


C.= 1.94 + 1.4 10° [10A] 


this value can be estimated very closely. 
The FeO in the slag at the end of the heat can be 
predicted from the equation 


Wreo,= 7000 — (75,000 — We,)(— 93 x L. H. + 0.165) 


+ 1400 (V, V. 2.8) + 0.5 (Wys, + Wp, — 1400). [114] 
(See Appendix II.) 


The temperature of blast furnace iron is meas- 
ured with a two-color pyrometer sighted on the 
metal streaming from the mixer ladle to the iron 
transfer ladle. Due to heat losses incurred during 
the transfer from the reladling pit to the furnace, the 
measured value is always higher than when the iron 
is poured into the furnace. To correct for this loss, 
the following empirical relationship is used 


Ty = 0.95 (Ty) + 100(°F). [12A] 
The end-point steel analysis is considered to be 
Cr =0.05 pct 

Sir = 0.01 pct 

= 0.12 pct 

Pr = 0.015 pct 

Tir = 0.01 pet [13A] 


Because phosphorus and titanium in the iron are 
not measured regularly, it is necessary to estimate 
these quantities at 


P, = 0.11 pet and 
Ti, = 0.11 pet [14A] 


Now solving Eqs. [2A], [7A], [8A], [9A], [10A], [114], 
and [12A] simultaneously; inserting the conditions im- 
posed by [13A] and [14A]; and using the coefficients of 
Table V yields the expression for predicting basic 
oxygen furnace end-point temperatures, Eq.[3]. A 
sample calculation is presented in Table VI. 

Solving the Thermal Balance for the Required 
Charge Additions of Hot Metal, Lime, and Scrap— 
The weight of hot metal is obtained directly from 
the definition of the weight of charge, and the ex- 
pression that results is given by Eq. [4]. Lime is 
computed from the stoichiometric relationship, Eq. 
[5]. The required scrap equation is derived by 
specifying that the turn-down temperature be 2900°F, 
employing all the relationships and conditions used 
to derive the end-point temperature equation, and 
replacing the weights of hot metal and lime in Eq. 
[2A] by their equivalent forms, Eq.[4] and [5]. This 
leads to the desired expression, Eq. [6]. A sample 
calculation appears in Table VII. 
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Table V. Evaluation of Coefficients Used in the Heat Balance 


Reaction Heat of Reaction* at 77°F 
1 Btu 
Fe,C + 40, = 3Fe + CO AHco = ~4708 Fa 
Btu 
Fe,C + O, = 3Fe + CO, AHco, = ~14850 7 
Btu 
Fe,Si + O, + 2CaO = 3Fe + Ca,SiO, AHca,SiO, * ~14129 Ts 
2Fe,P + 4,0, + 4Ca0 - 6Fe + Ca,P,0,  Alca,p,0, = 12929 
Btu 
Mn + 40, = MnO AHvno = 73015 Tb Ma 
Btu 
Ti + oO, = Tio, AHzio, = -8230 ib Ti 
Btu 
Fe +O = FeO AHFeo = ~1618 Teo 
Fe,0, = 2Fe + 40 AH = 
Fe,05 lb Fe,0, 
Btu 
Fe,0, = 3Fe + 20, = +2076 ib Fe,0, 
Ref. 
6a 
Coco,” 9-287 CO, 6a 
_ Btu 
6b 
Btu 
“prio, ~ 9-222 oF Tid, 
— 
Btu 
Cog 0.214 °F Ib Steel 
Btu 
6c 
Btu 
6a 
— 
o = 2.808 x 107 min ft? °R* 7 
Sp = 314 ft? 
F =0.2 7 
K = 176 x 10° °9F® 
Btu 
h = 0.022 min ft? OF 
Sr = 225 ft? 
Ty = 3500°F 2b 
T, = 250°F 


tr = 20.5 min (for an O, rate of 6500 ft/min) 


Determining the Average Temperature, Silicon, 
and Manganese for Drain Outs— Frequently the re- 
quired hot metal addition is composed of a drain 
out from one ladle and the balance from another of 
different temperature and composition. Under those 
conditions it is necessary to ascertain the average 
temperature and composition of the mixture. With 
the use of the lever law, these quantities can be 
readily evaluated as follows:° first, consider that for 
silicon the simultaneous solution of the expressions 


Wr = Woot Wg yields [16A] 
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Table Vil. Sample Calculation of a Heat with an Intermediate Scrap 


Table VI. Sample Calculation of a Heat with a High Turn-Down 
Requirement 


Temperature 


Heat 584288 


Heat 575155 
Temperature at turn-down = 2900°F 


Temperature at turn-down = 3020°F 


Ty = 2600°F Si, =1.50 pct Mn, = 0.55 pet Ty = 2415°F Si, = 1.07 pet Mn, = 0.49 pct 
Ws = 58,000 Ib. Yoao= 13,000 Ib Wyy = 128,000 Ib Ws = 54,000 Ib Tym = 132,000 Ib Wp = None 
Wys = 1400 Ib. VV =2.9 Lance Height = 84 in. Toao = 10,200 Ib Wys = 1400 Ib VV =3.1 
ctn ¢ =-93 x 107° L.H. + 0.165 = 0.087 Lance Height = 81 in. ctn d = -93 x 10° L.H. + 0.165 = 0.09 
Total Charge = 186,000 Ib 
87.35 = 87.35 = 87.35 
0.255 Ty = 0.255 x 2600 = 663.00 (117.93 - 25.3 VV)Si, = (117.93 — 25.3 x 3.1)(1.07) = 42.27 
131.4 Si, = 131.4x 1.5 = 197.00 29.41 Mn, = 29.41 x 0.49 = 14.41 
30.34 Mn, = 30.34 x 0.55 = 16.65 0.257 Ty = 0.257 x 2415 = 620.66 
128,000 x 964.00 = 123.39 x 10° -502. 19 = -502. 19 = -—502.19 
16.47 Ws = 16.47x58,000 = 0.96 x 10° 
29.57 Weao = 29.57 x 13,000 = 0.38 x 10° 1.8 x 10° VV = 1.8 x 10° x 3.1 = 5.58 x 10° 
2.26 x 10° VV = 2.26x10°x2.9 = 6.55 x 10° 16.22 x 10° = 16.22 x 10° = 16.22 x 10° 
19.93 x 10 = 19,93 x 10° = 19,93 x 10° ~3125 Ty = ~3125 x 2415 = -7.55 x 10° 
-3125 Ty = -3125 x 2600 = -8.13 x 10° —96.3 x 10° ctn d = —96.3 x 10° x 0.09 = -8.67 x 10° 
(121.4 x 10° - 1618 Ws)ctnd = -27.4 x 10° x 0.087 = -2.40 x 10° ~1808 Vys = —1808 x 1400 = -2.53 x 10° 
~1225 Wys = ~1225 x 1400 = ~1.72 x 10° Numerator = 35.63 x 10° 
Numerator = 138.96 x 10° (117.93 - 25.3 VV)Si, = (117.93 — 25.3 x 3.1)(1.07) = 42.27 
0.211 = 0.211 = 0.211 29.41 Mn, = 29.41 x 0.49 = 14.41 
0.0041 Si, = 0.0041 x 1.5 = 0.0061 0.257 Ty = 0.257 x 2415 = 620.66 
0.00025 Mn, = 0.00025x0.55 = 0.0001 93.82 = 93.82 = 93.82 
-285 x 10-° Ty = —285 x 10~* x 2600 = -0.0074 ~1285 ctn d = —1285 x 0.09 = -115.65 
128,000 x 0.2098 = 26.854 Denominator = 655.51 
26,850 = 26,850 = 26,854 35.63 x 10° 
0.214 Ws = 0.214 x 58,000 = 12,412 a 
0.384 W = 0.384 x 13,000 = 4,992 
Hot Metal = 186,000 54,354 = 131,646 Ib 
0.19 Wys = 0.19x 1400 = 266 2.14 Si,% 
1225 = 1225 = 1,225 Vv) um) = \ 9-93) (480 (131,646) 
-—(7500 — 0.1 Ws) ctnd = -1700 x 0.087 = -148 = 10,156 Ib 
Denominator = 46,007 
138.96 x 10° 
Tcalculated = 46,007 = 3020°F 
’ will serve as a reasonably good approximation, and 
the error introduced as a result of this simplifica- 
Woo tion is of little consequence. With the substitution 
Si, = Sigt+ Po) (Sino —Sig). [17A] of this value for Wy, Eq. [7] was derived. 
T By a similar procedure expressions were obtained 
‘ It is noted that until the average composition and for computing the average iron temperature and the 
temperature are determined, Wy remains as anun- _ average iron manganese, Eqs. [8] and [9]. 


known. However, letting Wy be equal to 130,000 lb Delays—Occasionally, after a heat is tapped, there 


Fig. 10—Ctn ¢ vs lance height. 
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Fig. 11—Variation of final FeO with V-value. 


is a delay in charging the next heat with the result 
that the furnace cools to a greater extent than is 
normal, Unless a compensation is made, the fol- 
lowing charge will lose an abnormal amount of heat 
to the cooled lining, thereby resulting in a low turn- 
down temperature. As a compensation for this 
anomaly, it has been determined empirically that 
for every minute of delay 67 lb of scrap should be 
subtracted from the scrap charge. This factor can 
be introduced into the scrap equation by appending 
to it the term, —67¢tp, where tp is the time of the 
delay expressed in minutes. Experience has shown 
that this relationship holds for delays of less than 

1 hr. 


APPENDIX II 


Development of an Equation for Predicting Total 
Slag FeO at Turn-down—An analysis reveals that 
for low-carbon heats the total FeO in the slag at 
turn-down is a function of lance height, basicity 
ratio, weight of scrap, weight of mill scale, and 
weight of ore pellets in the charge. It may appear 
that blowing time should also be considered as a 
pertinent variable, but for a given oxygen flow rate 
and constant finished carbon, blowing times are 
relatively constant. 
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Fig. 12—Variation of final FeO with ore and scale additions. 


To relate the above quantities to total FeO, the 
following expression is used 


AFeOr = AFeO(ry w,) + 4FeOyy + AFeO(y, .. w,), 


[1B] 
where AFeO(zy 4 w;), 4FeOyy, and + Wp) 


are the contributions of lance height plus scrap 
weight, basicity ratio, and mill scale plus ore pel- 
lets, respectively, to the formation of AFeO7, total 
FeO. 

In Fig. 9 AFeO is plotted against weight of scrap 
with lance height as a parameter, V. V. held at 2.8, 
mill scale equal to 1400 lb, and no ore additions. 
From this plot the following relationship is readily 
deduced 


A +Ws = 7000 — (75,000 —Ws) ctn@, (1b) [2B] 


Here (¢) is the angle between the vertical line at 
75,000 lb of scrap and the straight line plot of AFeO 
vs scrap. 

Fig. 10 reveals that ctn@d is a linear function of 
lance height and is of the form 


ctnd = — 0.00093 (L.H.) + 0.165. [ 3B] 


In Fig. 11 AFeO is plotted againt V. V. Here the 
FeO is the amount greater or less than that deter- 
mined from Eq. [2B]. The following equation is de- 
rived from this graph 


A FeOyy =1,400 (VV — 2.8). (Ib) [4B] 


The effect of mill scale and ore additions on total 
FeO is plotted in Fig. 12. Here again the value of 
AFeO isthe amount greater or less than that 
determined from Eq.[2B]. From this figure 
AFeO(y,, + Wp ) is found to be related to mill scale 


and ore additions by the expression 


AFeO(w,, + W,) = 0-5 (Wys + Wp — 1400). (Ib) [5B] 
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Substituting Eqs. [2B], [3B], [4B], and [5B] into 

Eq. [1B] gives 

AFeOr = 7000 (75,000 — Ws)(—93 x 10° L.H, 

+ 0.165) + 0.5 + Wp - 1400) + 1400(V.V. 


[6B] 
And since 


AFeOr = WFeOr WFeO, where WFeO, = 0, 
Eq. [6B| takes the form 


WFeo, = 7000 — (75,000 — Ws)(— 93 x 10°° L.H, + 0.165) 


+ 0.5 (Wus + Wp — 1,400) + 1,400 (V. V. — 2.8)(Ib) 
[7B] 
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A Study on the Texture Formation in Rolled 


and Annealed Crystals of Silicon-lron 


Three single crystal strips of a 3 pct Si-Fe alloy with approxi- 
mately (110) [001], (210) [001], and (100) [001] orientations were 
rolled at room temperature to 30, 50, and 70 pct reductions in 
thickness. Their deformation and annealing textures were studied. 
In most cases, the change in texture upon recrystallization and 
subsequent growth can be described as rotations around the <110> 


axes. A<100> rotational relationship was also observed. The 
temperature dependence of recrystallization textures was discussed. 


WAiLe considerable data have been published on 
the rolling and annealing textures in silicon-iron 
crystals, very little study has been made on the tex- 
ture formation at various stages of rolling deforma- 
tion, and during the process of recrystallization. 
Dunn’ in some of his early works had studied the ori- 
entation of recrystallized grains in crystals cut out 
from lightly rolled (10 to 20 pct reduction) large 
grained sheets. He found that in most cases a third- 
order twin relationship exists between the crystal 
and the recrystallized grains. This orientation rela- 
tionship actually corresponds to rotations around the 
<110> axes. The more recent studies of Dunn”* 
and of Dunn and Koh*’® on the rolling and annealing 
textures in various silicon-iron crystals were con- 
cerned mostly with a cold-rolling reduction of 70 pct 
and annealing at 980°C for recrystallization. Reduc- 
tions of similar magnitude were also employed by 
Walter and Hibbard in rolling columnar crystal 
aggregates of a silicon-iron ingot. A systematic 
study of the effect of rolling reduction on the deforma- 
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tion and annealing textures is still lacking. Regarding 
the effect of annealing temperature on the texture 
formation, Dunn* has observed a change in the recrys- 
tallization texture by annealing a 70 pct rolled (110) 
[001] crystal first at a low temperature then at ahigh 
temperature. But the details of texture formation 
during the annealing treatments were not thoroughly 
investigated. The present investigation was under- 
taken to study the texture developments at various 
stages of rolling deformation and of the recrystalliza- 
tion process, so that a better understanding on the 
texture formation in silicon-iron crystals may be 
obtained. 


EXPERIMENTAL PROCEDURE 


The three single crystals used in the present in- 
vestigation were selected from the group of single 
crystal strips previously prepared’ from a high grade 
commercial Si-Fe alloy with 3 pct Si. The thickness 
of these single crystal strips was 0.040 in. The ori- 
entations of the three crystals as determined by the 
X-ray back-reflection Laue technique are shown in 
Table I. 

Each of the three crystals was rolled at room tem- 
perature along the strip direction to 30, 50, and 70 
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Table |. Initial Orientations of the Single Crystal Strips 


Crystal Strip Plane Strip Direction 
No. 16 6° (110) 9 [001] 
No. 3 <1° (210) 0° [001] 
No. 7 3° (100) ¥ [001] 


pet reductions in thickness in a 5 in. diam rolling 
mill. Both sides of the crystal were lubricated with 
Vaseline during rolling. Enough length of the rolled 
strip for making 4 or 5 specimens was cut off when 
desired reduction was reached, and the remainder 
was further rolled to the next higher reductions. A 
jeweler’s saw was used for cutting the rolled crystal 
strips into specimens. For specimens to be annealed, 
the material on the surface layer and at the edges 
was etched off before annealing treatments. All an- 
neals were carried out by introducing the specimen 
into a tube furnace at a constant temperature with a 
purified hydrogen atmosphere. After the specimen 
was held at that temperature for a specified length 
of time, the specimen was then cooled to room tem- 
perature by removing it to the cold zone inside the 
furnace tube. 

The microstructure of each specimen was always 


examined before the specimen was prepared for X-ray 


pole-figure determinations. For X-ray analysis the 


sample was etched in a mixture of 10 to 1 phosphoric- 


nitric acid solution to a very thin thickness. For the 
originally thick specimens, such as the 30 and 50 pct 
rolled series, the specimen was first ground evenly 
on both sides on emery papers to about 0.010 in. 
thick and then etched to a uniform thickness of ap- 
proximately 0.0015 in. 


Q Neor (110) [00% (io) 
O Neor (it) [i12] 
Neor (111) [112] 
Near (100) 


Fig. 1(b)—(110) pole figure of the cold-rolled (110) [001] 
crystal. 50 pct rolled. 0 initial orientation of crystal. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


(110) (io) 
Neor (111) [ii2] 
Neor (111) [112] 
Neor (100) 


Fig. 1(a)—(110) pole figure of the cold-rolled (110) [001] 
crystal. 30 pct rolled. 0 initial orientation of crystal. 


Texture determinations were made by obtaining the 
{110} reflections from a Norelco X-ray Geiger coun- 
ter spectrometer with zirconium -filtered molybdenum 
radiation. An integrating transmission specimen 


Neor (110) (io) 
O Neor (111) [112] 
Neor (ii) [112] 


x Neor (100) [O11] 


Fig. 1(c)—(110) pole figure of the cold-rolled (110) [001] 
crystal. 70 pct rolled. 0 initial orientation of crystal. 
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Fig. 2—Microstructure of the cold-rolled (110) [001] crys- 
tal. 70 pet rolled, showing the Neumann bands are severely 
distorted, and the banded structure in the matrix. Nital 
etch. X100. Reduced approximately 26 pct for reproduc- 
tion. 


holder was used. Intensity contours were plotted on 

the pole figure in multiples of the random intensity Q Near (110) fof} 
measured from a carbonyl iron powder specimen Fig. 3(a)—(110) pole figure of the cold-rolled and annealed 
after appropriate corrections for absorption and back- (110) [001] crystal. 30 pct rolled and annealed 800°C—15 
ground intensities were made. Because of the con- min. 0 mean orientation of the deformation texture. Ar- 
struction of the transmission specimen holder, in- rows indicate rotations of 25 deg around the correspond- 
tensity measurements within the circle of a 30-deg ingly numbered {110} poles of the deformation texture. 
radius at the center of the pole figure could not be 
obtained. No special effort was made in obtaining the 
intensity data within that central circle either by using 
a reflection specimen holder or by recording the dif- 
fractions from the family of planes of higher indices, 


RD. 


O Neor (tt) [i12] 
Neor (111) 


Q Neor (110) (i.o.) 


Q Neor (110) [00] Fig. 3(¢)—(110) pole figure of the cold-rolled and annealed 
(110) [001] crystal. 70 pct rolled and annealed 800°C—15 


Fig. 3(6)—(110) pole figure of the cold-rolled and annealed min. 0 initial orientation of crystal as well as the mean 


(110) [001] crystal. 50 pct rolled and annealed 800°C—15 orientation of the recrystallization texture. 0 and @ mean 
min. 0 mean orientation of the deformation texture. Ar- orientations of the deformation texture. Arrows indicate 
rows indicate rotations of 25 deg around the correspond- rotations of 35 deg around the (110) pole A of the defor- 
ingly numbered {110} poles of the deformation texture. mation texture. 
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such as those suggested by some workers.” It is 
felt that for the purpose of orientation analysis of the 
texture, the present pole figures suffice. 


EXPERIMENTAL RESULTS 


The (110)[001] Crystals— Figs. 1(a) to 1(c) are the 
(110) pole figures obtained respectively from the 30, 
50, and 70 pct rolled crystal, No. 16. The initial ori- 
entation of the crystal is indicated in all the pole fig- 
ures by the open lens-shaped symbols. The rolling 
texture of this (110)[001] crystal after 70 pct reduction 
is in general agreement with the results reported by 
Dunn. It consists of a pair of twin-related compo- 
nents of the (111)[112] and (111)[112] type (with the 
former as the stronger one) as indicated by the open 
and filled rectangles respectively, plus another weak 
component of the (100)[011] type, as shown by the 
crosses, Fig. 1(c). The orientations of all these com- 
ponents were similarly indicated in Figs. 1(a) and 
1(b) for easy visualizing as to how these orientations 
were developed as the amount of reduction increases. 
As shown by these pole figures, the orientation 
spread at each original (110) pole (except the one 
near C.D.) increases as the amount of deformation 
increases, with the (110) pole near C.D. as the axis 
of rotation. It is also clearly shown that the (100) 
[011]-type component was developed the earliest dur- 
ing the rolling process (see Fig. 1(a), 30 pct reduc- 
tion), then the (111)[112]-type components, which 
were formed after higher reductions [see Figs. 1(b) 
and 1(c)]. The (111)[112]- and (111)[112]-type orienta- 
tions were reached when the amount of rotation from 
the (110)[001] initial orientation of the crystal was 
35 deg in both clockwise and counterclockwise direc- 
tions, using the (110) pole near C.D. as a rotation 
axis; and they were considered being the stable end 
orientations. ° As Dunn’ pointed out, the (100)[011]- 
type component was developed from the mechanical 
twins (Neumann bands) formed during the early stage 
of deformation. The microstructures of these speci- 
mens correlated very well with their corresponding 
textures. At 30 pct reduction, the Neumann bands 
formed during the early stage of deformation had 
largely kept their overall straightness with slightly 
corrugated boundaries. These correspond to the very 
low intensity and small orientation spread of the (100) 
[011]-type component in the texture, Fig. 1(a). At 50 
pct reduction, more Neumann bands were produced, 
and they were more severely distorted, corresponding 
to the increase in intensity and in orientation spread 
of the (100)[011]-type component in the texture, Fig. 
1(b). At 70 pet reduction, there was no further in- 
crease in the number of Neumann bands, but the dis- 
tortion of the Neumann bands was much more severe, 
as shown in Fig. 2. Also, the matrix appeared to 
have shown a banded structure, which may well ex- 
plain the double (111)[112]-type components in the 
texture, Fig. 1(c). 

Figs. 3(a) to 3(c) are the (110) pole figures obtained 
from the annealed specimens (800°C—15 min). Micro- 
scopic examination of these specimens indicated that 
recryStallization was complete only in the 70 pct 
rolled specimen. The average grain size was 0.02 
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mm. The recrystallization texture of the 70 pct rolled 
specimen, as shown in Fig. 3(c), is in good agreement 
with the results reported by Dunn,’ i.e., asingle (110) 
[001]-type orientation which can be derived from the 
(111)[112]- and (111)[112]-type components of the de- 
formation texture by rotations of 35 deg about the 
[110] axis near C.D. (marked A). Such rotations are 
indicated by the arrows in the pole figure. The micro- 
structures of the other annealed specimens, which 
were rolled 30 and 50 pct, were polygonized and par- 
tially recrystallized. The recrystallized grains in 
the 30 pct rolled specimen were large, and most of 
them were not equiaxed in shape as a result of aniso- 
tropic growth in the polygonized matrix. In the 50 pct 
rolled specimen, the recrystallized grains were more 
regular in shape and numerous. They had an average 
diameter of 0.09 mm. The evidence of polygonization, 
as observed microscopically in these two specimens, 
also explains the considerable retainment of their 
deformation textures, Figs. 3(a) and 3(b). If we take 
the initial orientation of the crystal as the mean 
orientation of their deformation textures, it is seen 
that the new orientations formed upon recrystalli- 
zation can be mostly accounted for by rotations 
around <110> axes. Arrows in these pole figures 
indicate rotations of 25 deg. Both the arrows and the 
<110> axes are numbered correspondingly. 

Fig. 4 is the pole figure of another 70 pct rolled 
specimen, which was annealed at 550°C for 24 hr. 
The specimen was completely recrystallized, and 
the grains were not quite uniform in size. The aver- 
age grain diameter was 0.03 mm. As indicated by 
the filled lens-shaped figures, the texture was of the 
(210)[001] type rather than the (110)[001] type. 


The (210)[001] Crystal—The behavior of the (210) 


R.D. 


@ Neor (210) 


Fig. 4—(110) pole figure of the 70 pct rolled (110) [001] 
crystal, after annealed 550°C—24 hr. 0 mean orientation 
of the recrystallization texture. 
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Fig. 5—(110) pole figure of the cold-rolled (210) [001] 
crystal. 30 pct rolled. 0 initial orientation of crystal. 


[001] crystal (No. 3) upon rolling deformation is, in 
general, very much similar to that of the (110)[001] 
crystal. The deformation textures of the 30 and 70 
pct rolled specimens are shown in Figs. 5 and 6, 
respectively. The lens-shaped symbols indicate the 
initial orientation of the crystal. The open and filled 
rectangles indicate the (132)[112] and (132)[112] ori- 
entations, respectively. These two orientations, 
corresponding to the (111)[112] and (111)[112] in the 
rolled (110)[001] crystal, are also twin-related to 
each other. The amount of rotation as these stable 
end orientations were reached is 35 deg. At 70 pct 
reduction the texture consists of a strong (132)[112] 
component and a weak (132)[112] component, Fig. 6. 
This is in general agreement with the results obtained 
by Walter and Hibbard® in two of their approximately 
(210)[001] crystals. As seen from these pole figures, 
there is no texture component in the rolled (210)[001] 
crystal corresponding to the (100)[011]-type compon- 
ent in a rolled (110)[001] crystal. This again corre- 
lates very well with the absence of Neumann bands in 
the deformed specimens. 

The rolled specimens were similarly heat treated 
by annealing at 800°C for 15 min. The 30 pct rolled 
sample was recrystallized only to about 20 pct by 
this anneal with mostly coarse grains of 1 to 2mm 
in diam. The orientations of these recrystallized 
grains and of the matrix were determined by anoptical 
goniometer after the specimen was etched in a solu- 
tion of 10 cc HNO, + 10 cc H,SO, + 5 cc HF + 75 cc 
H,O. Fig. 7(a) shows the orientation relationship be- 
tween the recrystallized grains and the unrecrystal- 
lized matrix. The arrows indicate rotation of 25 deg 
around the correspondingly numbered {110} poles of 
the matrix. It is seen that the <110> rotational re- 
lationship holds fairly well for the new orientations 
produced by recrystallization. For two of the three 
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0 (210) [00] (io) 
O Neor (132) [i12] 
@ Neor (132) [112] 


Fig. 6—(110) pole figure of the cold-rolled (210) [001] 
crystal. 70 pct rolled. 0 initial orientation of crystal. 


grains of nearly cube orientation, a rotation of about 
25 deg around the [001] axis at R.D. appears to be a 
better description for the resulting change in ori- 
entation. 

In the 50 pct rolled specimen, recrystallization 
was almost complete after a similar anneal. The 
average grain diameter was 0.09 mm. The (110) pole 
figure obtained from this specimen is shown in Fig. 
7(b). It is again clear that most of the newly appeared 
orientations produced by recrystallization can be 
related to the mean orientation of the deformation 
texture by <110> rotations. There also seem to be 
indications that a weak component was derived from 
a rotation around the [001] axis at the R.D. rather 
than from any of the <110> rotations. This is par- 
ticularly obvious in the orientation spread near C.D. 
along the equator of the pole figure. 

Fig. 7(c) is the pole figure obtained from the 70 
pet rolled specimen after annealing at 800°C for 15 
min. The similarity in behavior of the (210)[001] 
crystal and the (110)[001] crystal is more clearly 
shown in the pole figure [compare Fig. 7(c) with Fig. 
3(c)]. The main orientation change upon recrystal- 
lization in both of these two crystals is a rotation of 
35 deg in both clockwise and counterclockwise direct- 
ions around the [110] axis near C.D. These are indi- 
cated by the unnumbered arrows in the pole figure. 
The component A in Fig. 7(c), as indicated by the 
crosses, has an orientation of (410)[001] and it can 
be described as a result of an [001]-type rotation of 
approximately 12 deg around the (001) pole at R.D. 
Such rotation is shown by the dash-lined arrows. As 
seen from Fig. 7(c) there are also other weak com- 
ponents present, probably resulted from growth after 
recrystallization was complete. They are related to 
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0,0 (210) 


Fig. 7(a)—(100) pole figure of the cold-rolled and annealed 
(210) [001] crystal. 30 pct rolled and annealed 800°C—15 
min. 0 and 0 are the {100} and {110} poles respectively 

of the matrix orientation. The black dots and small open 
circles are the {100} poles of the recrystallized grains. 
(Small open circles are used here to distinguish those 
grains having near cube orientations from the others). 
Arrows indicate rotations of 25 deg around the correspond- 
ingly numbered {110} poles of the deformation texture. 


the (210)[001] recrystallization texture by <110> 
rotations around some of the {110} poles as indicated 
by the correspondingly numbered arrows. The aver- 
age grain diameter was 0.04 mm, which is twice as 
large as the grains in the correspondingly rolled 
(110)[001] crystal after the same annealing treatment. 
But in the 50 pct rolled and annealed specimens of 
the (210)[001] and (110)[001] crystals, the resulting 
grain size in both cases was about the same (0.09 
mm). This suggests that the 70 pct rolled (210)[001] 
crystal responds to the annealing treatment more 
sensitively than does a similarly reduced (110)[001] 
crystal. 

When the same specimen was further annealed at 
1200°C for 15 min., the (410)[001] component, as 
designated by the crosses, had grown at the expense 
of the other texture components; and it thus became 
the main texture. The average grain diameter had 
increased from 0.04 mm to 0.13 mm as a result of 
this annealing treatment at 1200°C. 

The (100)[001] Crystal—The deformation textures 
of the 30 and 70 pct rolled specimens of crystal No. 
7 are shown in Figs. 8 and 9, respectively. In contrast 
to the previous two crystals, the present crystal of 
a nearly cube orientation rotates about the rolling 
plane normal as the deformation increases. The di- 
rection of such rotation is mainly counterclockwise. 
Other investigators® have observed such rotations in 
both clockwise and counterclockwise directions. The 
mean orientation of the deformation texture is marked 
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0 (210) 


Fig. 7(6)—(110) pole figure of the cold-rolled and annealed 
(210) [001] crystal. 50 pct rolled and annealed 800°C—15 
min. 0 mean orientation of the deformation texture. Ar- 
rows indicate rotations of 25 deg around the correspond- 
ingly numbered {110} poles of the deformation texture. 


O Neor (132) [iIZ] 
@ Neor (132) 
0 (210) fol] 
x A, (410) 


Fig. 7(c)—(110) pole figure of the cold-rolled and annealed 
(210) [001] crystal. 70 pct rolled and annealed 800°C—15 
min. X (410) [001], the component A, which can be derived 
from the deformation texture by a rotation of approximately 
12 deg around the (001) pole at R.D. as indicated by the 
dash-lined arrows. Other symbols are the same as in Fig. 
6. Numbered arrows indicate rotations of 25 deg around 

the corresponding {110} poles of the recrystallization tex- 
ture, which has the same orientation of the virgin crystal. 
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Fig. 8—(110) pole figure of the cold-rolled (100) [001] 
crystal. 30 pct rolled. 0 initial orientation of crystal. X 
mean orientation of the deformation texture, correspond- 
ing to a counterclockwise rotation of approximately 6 deg 
from the initial orientation of the crystal around the roll- 
ing plane normal. 


by the crosses. The amount of rotation after 30 pct 
reduction was approximately 6 deg, and that after 50 
and 70 pct reductions was approximately 12 and 25 
deg, respectively. The tendency for the deformed 
crystal to approach the end orientation of (100)[011] 
was obvious. In the 30 pct rolled crystal, there were 
two or three Neumann bands formed in one corner of 
the specimen. The one low intensity area located 
between eight and nine o’clock positions in Fig. 8 was 
probably from these Neumann bands. However, no 
Neumann bands were observed in the 50 and 70 pct 
rolled specimens. 

These rolled specimens were annealed at 900°C 
for 15 min. In the 30 pct rolled specimen, recrystal- 
lization was about 60 pct complete. The recrystal- 
lized grains had very nonuniform sizes. Some large 
ones were elongated in shape. The orientations of 
these large grains were determined by optica’ gonio- 
meter, and their corresponding {110} poles were 
superimposed on the pole figure normally obtained 
from the mostly small-grained areas of the specimen. 
This is shown in Fig. 10(a). As seen from this figure, 
there is considerable retention of the deformation 
texture, while the new orientations are fairly well 
related to the mean orientation of the deformation 
texture by <110> rotations as shown by the arrows. 

In the 50 pct rolled specimen, recrystallization 
was almost complete. The recrystallized grains 
were slightly more uniform in size than that in the 
30 pct rolled specimen, but a few grains were as 
large as 1 mm in diameter. The recrystallized tex- 
ture had rather scattered orientations as shown by 
the pole figure in Fig. 10(b). However, as indicated 
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Fig. 9—(110) pole figure of the cold-rolled (100) [ 001) 
crystal. 70 pct rolled. 0 initial orientation of crystal. X 
mean orientation of the deformation texture, correspond- 
ing to a counterclockwise rotation of approximately 25 deg 
from the initial orientation of the crystal around the roll- 
ing plane normal. 


by the arrows, most of the relatively high intensity 
areas can be accounted for by <110> rotations from 
the deformation texture. 

The 70 pct rolled specimen was completely recrys- 
tallized with a fairly uniform grain size of 0.18 mm. 
The texture obtained from this specimen, Fig. 10(c), 
was considerably sharper than thatof the 50 pctrolled 
specimen. As shown by this pole figure, a prominent 
component A has a nearly cube orientation. This 
component is related to the deformation texture by a 
clockwise rotation of 45 deg around the rolling plane 
normal of the specimen, which is close to a [100] 
axis. Such rotation is shown by the unnumbered 
arrows. There were also other orientations present 
in the texture. As indicated by the numbered arrows, 
these orientations can be largely derived from the 
deformation texture by rotations around the corres- 
spondingly numbered {110} poles. 


DISCUSSION OF RESULTS 


The (110)[001] Crystal—As shown in the previous 
section, there is much similarity in the behavior of 
a (110)[001] crystal and that of a (210)[001] crystal. 
From their rolling textures at different reductions, 
a measurement of the orientation spread along the 
longitudinal direction at an intensity level of 1 X ran- 
dom for each of the original {110} poles gives the 
results in Table II. 

The rapid increase in the longitudinal orientation 
spread of all the {110} poles but the one near C.D. 
indicates that the latter acted as an axis of rotation 
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Table II. Longitudinal Orientation Spread of the Rolling Textures 


Average Spread 
at the Other 
Four (110) Poles 


Spread at 
Pct the (110) Pole 
Crystal Reduction Near C.D. 


(110) [001] 


(210) [001] 


during the deformation process. Such rotations had 
started quite early, probably before a 30 pct reduc- 
tion was reached, and continued to operate until the 
end orientations were developed at a reduction some- 
where close to 70 pct. Thus, the manner of flow of 
the crystal showed practically no difference for the 
whole range of rolling reductions studied. However, 
the annealing textures of the 30 and 50 pct rolled 
specimens appear to be quite different from that of 
the 70 pct rolled specimens, Figs. 3(a) to 3(c). For 
the 70 pct rolled and annealed specimen, a simple 
rotational relationship using the (110) pole near C.D. 
as the rotational axis explains very well for the re- 
crystallization texture, Fig. 3(c); whereas, rotations 
around most of the {110} poles are needed for the 30 
and 50 pet rolled and annealed specimens, Figs. 3(a) 
and 3(d). 

These results indicate that the axes of rotation 
relating the deformation and recrystallization tex- 
tures are not necessarily the poles of active slip 
planes during deformation, as some investigators 
suggested.° It is also very obvious that slip can 
hardly take place on the plane represented by the 
(110) pole near C.D., yet it is the only axis of rota- 
tion relating the deformation and the recrystalliza- 
tion textures in a 70 pct rolled specimen. 

It is interesting to note that the recrystallization 
texture of a 70 pct rolled specimen can be either a 
simple (110)[001] or a simple (210)[001], depending 
on the temperature of anneal. As shown in Fig. 4 
when the specimen is completely recrystallized at a 
low temperature (550°C—24 hr), a (210)[001]-type 
texture is produced. In a previous note” it was shown 
that after a 70 pct rolled specimen was annealed at 
550°C for 2 hr, a slight reorientation was noted in 
the pole figure, which may be described as a shift in 
the orientation spread from the (110)[001] orientation 
to the (210)[001] orientation (see Fig. 3 in Ref. 11), 
involving a rotation around the [001] axis at R.D. 
This reorientation corresponded microscopically 
with the appearance of a number of recrystallized 
grains in the regions between deformation bands, 
and at the strain makings within the bands (see Fig. 
4 of Ref. 11). These regions are doubtlessly more 
severely strained than the rest of the deformed ma- 
trix. As a consequense, recrystallization takes place 
in those regions earlier. Other parts of the deformed 
metal, which are represented predominantly by the 
(111)[112]-type texture, probably require a higher 
temperature for recrystallization to start. Thus, 
when a low annealing temperature is employed, com- 
plete recrystallization of the specimen is probably 
achieved mainly by the growth of those early recrys- 
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Fig. 10(a)—(110) pole figure of the cold-rolled and an- 
nealed (100) [001] crystal. 30 pct rolled and annealed 
900°C—15 min. X mean orientation of the deformation 
texture. Black dots are the {110} poles of the coarse 
grains, whose orientations were determined by an optical 
goniometer. They are superimposed on the pole figure ob- 
tained from the fine grained area of the specimen. Arrows 
indicate rotations of 25 deg around the correspondingly 
numbered {110} poles of the deformation texture. 


x (dt) 


Fig. 10(6)—(110) pole figure of the cold-rolled and an- 
nealed (100) [001] crystal. 50 pct rolled and annealed 
900°C—15 min. X mean orientation of the deformation tex- 
ture. Arrows indicate rotations of 25 deg around the cor- 
respondingly numbered { 110} poles of the deformation 
texture. 
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Fig. 10(¢)—(110) pole figure of the cold-rolled and an- 
nealed (100) [001] crystal. 70 pct rolled and annealed 
900°C—15 min. X mean orientation of the deformation 
texture. O mean orientation of the recrystallization tex- 
ture component A, which is related to the deformation 
texture by a rotation of approximately 45 deg around the 
(100) pole normal to the rolling plane, as indicated by the 
unnumbered arrows. Numbered arrows indicate rotations 
of 25 deg around the corresponding {110} poles of the de- 
formation texture. 


tallized grains. The resulting texture is, therefore, 
of the (210)[001] type. On the other hand, if a high 
annealing temperature is used, recrystallization 
probably takes place almost simultaneously in the 
various texture components of the deformed specimen. 
And, since the majority part of the deformed crystal 
has the (111)[112]-type texture, nuclei of the (110) 
[001] orientation will have the highest rate of growth. 
The recrystallization texture will then be of the (110) 
[001] type. 

The (100)[011]-type component in the deformation 
texture, corresponding to the Neumann bands in the 
microstructure, apparently plays a very inactive role 
in the formation of recrystallization textures. This 
is perhaps not at all surprisin , Since it was observed 
by various investigators””’’*-™* that different texture 
components may require different temperatures for 
recrystallization, and that the recrystallization tend- 
ency of a (100)[011] texture is very weak. 

Regarding the origin of recrystallization texture, 
Walter and Hibbard’ have rationalized that the minor 
component of the deformation texture, which has the 
orientation of the original crystal, may have provided 
nuclei for the recrystallization texture. It was 
shown," however, that after the specimen was par- 
tially recrystallized by annealing at 550°C for 2 hr 
so that the orientation scatter around the (110)[001] 
was eliminated, a sharp (110)[001] recrystallization 
texture was still obtained by a subsequent anneal at 
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Fig. 11—(110) pole figure of a hot-rolled (110) [001] crys- 
tal after reduced from 0.040 to 0.012 in. thick. The crys- 
tal was enclosed ina steel block and rolled at 1000°C. 

0 initial orientation of crystal. @ hot-rolling texture. 


950°C for 1 min. Thus, the presence of a detectable 
minor (110)[001] component before the final recrys- 
tallization anneal does not appear to be a necessary 
condition for the formation of the (110)[001] recrys- 
tallization texture. 

These results imply that a (110)[001]-type texture 
can be obtained by recrystallizing a rolled crystal 
with a deformation texture of the (111)[112] type, 
whether being of asingle (111)[112], or a single (111) 
[112], or a combination of both. Examples for the 
last case are, of course, the rolling textures of the 
(110)[001] crystals. In the former two cases, there 
is generally much less orientation spread around the 
(110)[001] orientation. These may be represented by 
the single (111)[112] or (111)[112] texture obtained by 
rolling a crystal of the same orientation. In each 
case, the recrystallization texture is mainly of the 
(110)[001] type, as shown by some of the results of 
Dunn,” and of Dunn and Koh.* 

However Dunn and Koh’ have also obtained different 
recrystallization textures among crystals of different 
thicknesses. For example, in their thicker specimens 
(D-1 and D-2, cold-rolled 70 pct from 0.050 in. thick), 
the recrystallization texture is mainly (110)[001]; 
whereas in the thinner specimens (A-1 and B-1, cold 
rolled also 70 pct, but from 0.025 in. thick), the re- 
crystallization texture is mainly (210)[001] plus (320) 
[001]. In contrast to their findings, the results of the 
following experiment indicate that a (110)[001] re- 
crystallization texture can be obtained by cold rolling 
from a (111)[112] orientation at 0.012 in. thick, 
followed by annealing at 850°C for recrystallization. 

A single crystal with an initial orientation of (110) 
[001] (as indicated by the lens-shaped symbols in 
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Fig. 12—Texture of a specimen as that used in Fig. 11 after 
subsequently cold-rolled from 0.012 to 0.006 in. thick. 0 
initial orientation of crystal. @ hot-rolling texture. 

O cold-rolling texture. 


Fig. 11) was hot rolled at 1000°C from 0.040 to 0.012 
in. thick. The crystal was enclosed in a 1/2-in. thick 
steel block, and hot rolled the block in order to keep 


the temperature from falling by contact with the rolls. 
The texture after hot rolling was a very sharp (111) 
[112], as shown in Fig. 11. This hot-rolled crystal 
showed essentially no recrystallization upon anneal- 
ing at 1100°C. Thus, subsequent cold rolling of this 
hot-rolled crystal would be practically equivalent to 
cold rolling a single crystal with the (111)[112] ori- 
entation. After cold rolling from 0.012 to 0.006 in. 
thick, the texture is shown in Fig. 12, which is again 
(111113]. This is in confirmation with the finding of 
Koh and Dunn’® that (111)[112] is a stable end orienta- 
tion. This cold-rolled specimen was then completely 
recrystallized by annealing at 850°C for 15 min. As 
shown in Fig. 13, the recrystallization texture is a 
simple (110){001]. 

The (210)[001] Crystal—Since there is much simi- 
larity in the behavior of a (210)[001] crystal and that 
of a (110)[001] crystal, the discussion of the (210)[001] 
crystal will be given only briefly. In the 70 pct rolled 
specimens, there is an orientation spread around the 
(210)[001] orientation (see Fig. 6), whichis equivalent 
to the (110)[001] orientation spread in a 70 pct rolled 
(110)[001] crystal. By a similar reasoning, it repre- 
sents the most severely strained material, hence, 
recrystallizes the earliest during annealing to be- 
come the (410)[001]-type grains. The main deforma- 
tion texture of the (132)[112] orientations recrystal- 
lizes to a (210)[001]-type primary texture, involving 
a reorientation of 35 deg rotations around the (110) 
pole near C.D., Fig. 7(c). Further annealing at a 
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Fig 13—Texture of the specimen used in Fig. 12 after 
completely recrystallized by annealing at 850°C for 15 
min. 0 initial orientation of crystal and the recrystallized 
texture. @ hot-rolling texture. O cold-rolling texture. 
Arrows indicate a rotation of 35 deg around the [110] axis 
at C.D. 


higher temperature, such as 1200°C, will cause sec- 
ondary recrystallization and change the texture to a 
(410)[001] type. Dunn”’* has studied the orientation 

of the secondary grains in a (110)[001] crystal and 
found the majority to be of the (210)[001] type. The 
formation of (210)[001]-type grains from a (110)[001] 
primary matrix involves rotation of approximately 
19 deg around the [001] axis at the R.D. In the case 
of a (210)[001] crystal, the formation of (410)[001] 
grains from a (210)[001] primary matrix involves a 
similar rotation of approximately 12 deg. The [100] 
rotational relationship has been observed in the reori- 
entation during recrystallization in iron, mild steel, 
and other Fe-Si alloys.’° In the lightly rolled speci- 
mens, such orientation changes are also noticeable, 
Figs. 7(a) and 7(b). They are, however, not as clearly 
shown as in the 70 pct rolled and annealed specimen, 
Fig. 7(c). 

The (100)[001] Crystal—As mentioned previously, 
the orientation of the rolled crystal rotates around 
the sheet plane normal as the deformation proceeds, 
Figs. 8 and 9. Walter and Hibbard® have obtained 
rotations in both clockwise and counterclockwise di- 
rections about the rolling plane normal. However, in 
the present work, only counterclockwise rotations 
were observed. This may be a result of the slight 
asymmetry in the initial orientation of the present 
crystal. 

As seen from Figs. 10(a) to 10(c), the annealing 
textures of the 30, 50, and 70 pct rolled specimens 
can be related to their corresponding deformation 
textures by <110> rotations. Of particular interest 
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is the near cube texture component that recrystallized 
in the 70 pct rolled specimen (A in Fig. 10c). This 
near cube texture component cannot be related to the 
deformation texture by <110> rotations. It may best 
be described as a rotation of 45 deg around the roll- 
ing plane normal, which is close to a [100] axis. 
Further annealing will cause this near cube texture 
component to grow at the expense of other orientations 
in the texture, and thus to become the predominant 
texture. It can be shown that most of the recrystal- 
lized texture components are related to the near cube 
component by <110> rotations. 

The origin of the cube component in the recrystal- 
lized texture, again, cannot be related to the cube 
component in the deformation texture, since no such 
cube component was detected in the present case, 
Fig. 9. The specimen was also microscopically ex- 
amined at high magnifications for the etch-pits, and 
no detectable cube elements were found. Yet, a prom- 
inent cube texture component was developed in the 
specimen upon annealing for recrystallization. This 
implies that recrystallization nuclei actually consti- 
tute a very small volume fraction of the specimen 
which is not larger than the volume fraction of almost 
any other orientation. The selection of a particular 
orientation for recrystallization texture is governed 
by oriented growth. 


SUMMARY AND CONCLUSIONS 


1) The deformation and annealing textures of three 
single crystals of a 3 pct Si- Fe alloy, with approxi- 
mately (110)[001], (210)[001], and (100)[001] orienta- 
tions were studied after each was cold rolled to 30, 
50, and 70 pct reductions in thickness. 

2) The orientation relationship between the rolling 
and annealing textures can be described as <110> 
rotations in most cases. A <100> rotationalrelation- 
ship was also observed in some of the annealing tex- 
ture components, particularly in the specimens of 
heavy reductions. 


Reduction Kinetics of Magnetite in H.-H,O-N, Mixtures 


3) The recrystallization texture of a 70 pct rolled 
(110)[001] crystal can be mainly either a (110)[001] 
or a (210)[001], depending upon the temperature of 
anneal. A mechanism for the formation of these re- 
crystallization textures was presented. 

4) The behavior of a (210)[001] crystal appears to 
be very similar to that of a (110)[001] crystal. 

5) The orientation of the original crystal may not 
be present as a very weak component in the deforma- 
tion texture. In the 70 pct rolled (100)[001] crystal, 
no such component was detected. Yet, a prominent 
component of the recrystallization texture was (100) 
[001]. These results are in agreement with the con- 
clusion drawn previously” that the presence of a 
measurable minor component in the deformation tex- 
ture, which has the orientation of the original crystal, 
is not a necessary condition for the formation of a 
recrystallization texture of that orientation. 
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Dense magnetite pellets were reduced in hydrogen-water vapor- 
nitrogen mixtures over a temperature range of 400° to 500°C ata 
pressure of 0.97 atm. The rate of reduction per unit area was ‘ 
found to be constant with time and directly proportional to the par- t 
tial pressure of hydrogen at a constant ratio of water vapor to hy- t 
drogen. Water vapor poisoned the oxide surface by an oxidizing 
reaction and markedly slowed the reduction. The enthalpy of acti- : 


vation was found to be +13,600 cal per mole. 
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Tue investigation of the reduction of iron oxides : 
has been the subject of numerous papers. Most of Fe 
these papers have dealt with the evaluation of vari- al 
ous ores, both magnetite and hematite. There have “ 
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been few attempts to investigate possible mecha- 
nisms for the reduction process. It was decided to 
investigate more fully the effects of temperature, 
pressure, and gas composition on the kinetics of 
magnetite reduction with the hope of gaining infor- 
mation as to the actual mechanism controlling the 
reaction. The low-temperature region of 400° to 
500° C was_picked because magnetite and iron would 
be the only thermodynamically stable solid phases 
during reduction. 

However, some investigators have reported the 
presence of wistite, FeO, at temperatures below 
560° C during both oxidation and reduction reactions. 
Gulbransen and Hickman’ using electron diffraction 
found FeO in a thin oxide film on iron at a tempera- 
ture of 450° C. Mosesman’ placed samples in an 
X-ray beam during both oxidation and reduction. He 
found the presence of FeO at a temperature of 413° C 
during reduction and at a temperature of 343° C dur- 
ing oxidation. 

The present work and the above-mentioned inves- 
tigations indicate that FeO exists kinetically as a 
metastable phase. During reduction it is probably 
necessary for Fe304 to reduce to FeO before it can 
proceed to iron. This would be true even at temper- 
atures below 560° C where FeO is not thermodynam- 
ically stable. 

It was found in a previous investigation® that the 
reduction of hematite is controlled at the oxide-metal 
interface. Under fixed conditions of temperature, 
pressure, and gas composition, the reduction rate is 
constant with time per unit surface area of residual 
oxide, and is directly proportional to the hydrogen 
pressure. The enthalpy of activation for the temper- 
ature region 400° to 550° C is 14,900 cal per mole 
and for the temperature region 600° to 1050° C is 
15,300 cal per mole. Metallographic examination of 
partially reduced pellets in the low-temperature re- 
gion showed a thin layer of magnetite between the 
hematite and iron during reduction. It would be ex- 
pected that magnetite would behave similarly to 
hematite at these temperatures. 

The reduction rate of a sphere of iron oxide can be 
described‘ by the following equation: 


rodg[1 — (1- R)¥*]=Kt [1] 


where 7 and d, are the initial radius and density of 
the sphere, ¢ is time, R is the fractional reduction, 
and K is the reduction rate constant. The reduction 
rate constant K has the units mass per unit area per 
unit time. The quantity [1 (1— R)?/*] is actually 
the fractional thickness of the reduced layer in 
terms of fractional reduction, R. 


EXPERIMENTAL PROCEDURE 


The dense magnetite pellets used in these ex- 
periments were made in the following manner. 
Reagent grade ferric oxide was moistened with 
water and hand-rolled into pellets. The pellets 
were heated slowly to 1370°C in an atmosphere 
of 5 pct H, and 95 pct CO,, then cooled slowly. The 
sintered pellets were crystalline magnetite with an 
apparent density of about 4.9 g per cm’, the true den- 
sity being 5.2 g per cm’®; they were about 0.9 cm in 
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Fig. 1—Reduction of magnetite pellet at 470°C in 
hydrogen. 


diam. The porosity of the pellets, which was discon- 
tinuous in nature, was about 6 pct. 

The pellets were suspended from an automatic 
recording balance in a vertical tube furnace. The 
equipment was described in a previous publica- 
tion.” The weight loss was measured continuously 
in mixtures of hydrogen, water vapor, and nitrogen. 
The water vapor was formed by burning hydrogen 
with oxygen at the bottom of the furnace tube. 


RESULTS 


Dense magnetite pellets were reduced in various 
mixtures of hydrogen, water vapor, and nitrogen at 
temperatures of 400° to 500°C. A typical result is 
shown in Fig. 1 for a magnetite pellet reduced in 
hydrogen at 470°C. The percent reduction curve 
is shown for comparison with the straight line ob- 
tained by plotting r,d,[1— (1— R)7/*] against 
time. The slope of this line gives the reduction 
rate in mg of oxygen lost per sq cm per min. 

Effect of Hydrogen Partial Pressure—Peilets 
were reduced at 500°C at a constant ratio of water 
vapor to hydrogen while the amount of nitrogen in 
the atmosphere was varied. This would vary the 
hydrogen partial pressure. The reduction rate was 
found to be directly proportional to the hydrogen 
partial pressure at a constant ratio of water vapor 
to hydrogen. The nitrogen does not enter into the 
reaction. The results are shown in Fig. 2. 

Effect of Water Vapor Partial Pressure—The ef- 
fect of varying the water vapor partial pressure on 
reduction rates of magnetite pellets was determined 
in hydrogen-water vapor mixtures for a tempera- 
ture range of 400° to 500°C. The results are shown 
in Fig. 3. The points represent experimental re- 
sults and the curves are drawn to fit the following 
equation: 
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is rearranged to: 
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intercept of the straight line is 1/K,. 
determined for K, and 1/K, are shown in Table I. 
When reaction rate R, is equal to zero the term 


where R, is the reduction rate in mg cm™ min™ 
K, is a constant equal to the reduction rate in 
100 pct H at 1 atm pressure and has the units 
mg cm™ atm™’; K, and Ky are equilibrium 


It can be seen in Fig. 4 that if the left side of 
Eq. [3] is plotted against (Ro /KoPx,) a straight 


line results. The slope of this line isK,. The 


Fig. 2—Effect of hydrogen pressure on reduction rates 
at 500° C at a constant ratio of water vapor to hydrogen. 


1, 


Constants K, and K, are calculated from the ex- 
perimental results in the following manner. Eq.[2] 


[3] 


e values 
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PH120/ Ke 
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0.3 


Ro/Ko Py, 


Fig. 4—Calculation of constants K, and 1/K,. 


0.6 


Ro mg/cm2/min 


Ro/Ko Pu, in Eq. [3] is also zero. Consequently, 


_KolPHig PHz0/Ke) 
Kp Pu20/PH, 


0.04 0.08 
PHe0/( PH, + 


0.02 


Fig. 3—Effect of water vapor on reduction rates of 
magnetite pellets in hydrogen-water vapor mixtures, 
+ Constant at 0.97 atm. 


Eq. [3] reduces to: 


Thus the equilibrium constant K, is the ratio of the 
water vapor partial pressure to the hydrogen partial 
pressure at the extrapolated zero rate indicated by 
the data in Fig. 4. It is of interest to compare the 
values of the water vapor partial pressure at the 
extrapolated zero rate determined experimentally 
with values calculated from thermodynamic data 


for the following reactions: 
Fe,0, + 4H, = 3Fe + 4H,O 
Fe,0, + He = 3FeO + H,O 


The values for the equilibrium water vapor partial 
pressure in mixtures of water vapor and hydrogen 
at 1 atm total pressure are shown in Table II. 

The experimental water vapor partial pressures 
are very close to the equilibrium water vapor par- 
tial pressures calculated from thermodynamic data 
for Eq.[7]. This indicates that FeO is being 
formed during the reduction of Fe,O, to Fe. The 
FeO formed is not stable at these temperatures and 
probably exists only as a very thin metastable phase 


[4] 


[5] 


[6] 
[7] 


Table I. 


1/Ke 


Temp. Kp 
400°C 111 
450°C 81 
500°C 64 


30.7 
17.0 
8.6 
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Fig. 5—Effect of 
temperature on 


=-5.6 Kcal/mol the constant | 


1.3 1.4 1.5 


1/T°Kx 103 


during the course of reduction. The FeO phase 
could not be found by metallographic examination 
of partially reduced pellets. It should be noted that 
there is some reduction beyond the zero reduction 
point indicated by the curves in Fig. 3. This re- 
duction is extremely slow, but probably occurs all 
the way to the Fe,O,/Fe equilibrium point. Since 
the gas composition is such that FeO cannot form, 
even in a metastable state, the Fe,0, would, only 
with great difficulty, reduce directly to Fe. 

The effect of water vapor is to decrease the re- 
duction rate much more rapidly than normally would 
be expected, as shown in Fig. 3. Physically, water 
vapor appears to poison or block the available sur- 
face sites by oxidizing these sites. The constant 
Ky is the equilibrium constant for water vapor 
poisoning of the reacting interface. If log K p is 
plotted against 1/T°K as is shown in Fig. 5, a 
straight line is obtained. The slope of this straight 
line is equal to the enthalpy of the poisoning re- 
action, AH». The value of AH», was found to be 
—5600 cal per mole. The negative value for AH, 
indicates that as the temperature increases the 
poisoning effect of the water vapor lessens. 

The enthalpy of activation, AH?*; is determined 
by plotting log K, against 1/T°K, as shown in Fig. 6. 
AH* is thus found to be 13,600 cal per mole. This 
compares with the value of 14,900 cal per mole 
previously reported® for hematite reduction at 
temperatures of 400° to 550°C. 

Theory—The general case of a reaction occurring 
at an interface can be discussed in terms of abso- 
lute reaction rate theory.° The gas diffuses to the 
surface, adsorbs, and reacts. The reaction product 
desorbs and diffuses away from the surface. For 
the case of hydrogen reduction of an iron oxide, the 
reaction is controlled at the oxide/metal interface. 

The forward reaction would be hydrogen reacting 
with an available surface site, S, to form an activated 


complex. 

H, +S = |H,:S\* [8] 
The equilibrium constant K* for the above reaction 
can be written in terms of the concentration of 
activated complexes, C*. 


_ AF* 


[9] 
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Table Il. Partial Pressure of Water Vapor at Equilibrium 


Thermodynamic Data® Experimental 


Fe,0,/Fe Fe,0,/FeO 


0.026 
0.058 
0.112 


Intercept from Fig. 4 


Py,0 
0.032 
0.056 
0.104 


Temp. 


0.087 
0.123 
0.162 


400°C 
450°C 
500°C 


where C, is the concentration of available surface 
sites and A F* is the free energy of activation. 
From absolute reaction rate theory® it can be 
shown that the number of forward reactions, nf y 
occurring per sq cm per sec would be: 


at h 


where k and # are the Boltzmann and Planck con- 
stants, respectively. From Eq. [9] 


_ 
C¥ =Cy Cy RT 


Then 


omy k 
ar = 


c* [10] 


[11] 


AFF 


ai [12] 


The specific reaction rate constant K’ is defined: 
[13] 
Therefore the forward reaction rate would be: 


[14] 


dn 
Cy,C,K' 


at 


After the water molecule formed by the reaction has 
desorbed from the reacted site, the reverse re- 
action can take place. Water vapor reacts with a 
reacted site, S, to form an activated complex. 

[15] 


H,O +S, = | H,O: S,|* 
It can be shown in the same manner as above that 


the number of reactions, ,, occurring in the re- 
verse direction is: 


dny 
at = Cu,0 Ky 


a. 
where K, is the specific reaction rate constant for 


[16] 


4 400 °C 
$0 


AH* = +13.6 Kcal /mol 


Fig. 6—Effect of 
temperature on 
reduction rates of 
magnetite pellets. 


1.4 
1/T°K x 10° 
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d 

= Cy, C.K’ - Cy,0 Cs Ky [17] 

At equilibrium the net reaction rate is zero and 

C, K, (C 0} =C,K' (Cx) [18] 

Yr 2” eq 

The equilibrium constant K, is defined as 

Solving for K,. 
CsK' 

K, = [20] 


Substituting the value for K,. into Eq. [17] 
dn 1 
a =K'C, (Cu, - Cao) [21] 


Eq. [21] is the general reaction rate equation for 
reduction of iron oxide by hydrogen/water vapor 
mixtures. 


DISCUSSION 


From consideration of the experimental results it 
would appear that the most probable controlling 
mechanism would be a reaction at the oxide/metal 
interface controlled by hydrogen reacting on a 
sparsely occupied surface with water vapor poison- 
ing some of the available sites by an oxidizing 
reaction. 

The concentration of available sites, C,, in 
Eq. [21] is not constant as the gas composition 
varies, since water vapor poisons some of the 
available sites. The total number of sites, L, on 
the surface is then equal to sum of the reacting 
sites plus available sites plus poisoned sites. 


L=C,+C,+Cy [22] 
where C, is the concentration of reacting sites, 

C, is the concentration of available sites, and C, 

is the concentration of poisoned sites. Since C, is 


considered to be very much less than L, Eq. [22] 
can be written as an approximation: 


L=CytCy [23] 


Water will poison the surface in an oxidizing 
reaction, 


H.O +S = |0:S|+Hp [24] 


This is equivalent to oxygen adsorbing on a surface 
site and blocking it from reaction with hydrogen. 
Then the equilibrium constant, K,, for the poisoning 
reaction would be 


K its 25 
[25] 

Substituting the value for Cy from Eq. [23] 

| 26 
Cy,0 [ ] 
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the reverse direction. Then the net reaction rate is: 


Cs = [27] 
1 +Ky 
Substituting the value for C, into Eq. [21] 
1 
=K'L = [28] 
1 


Eq. [28] can be converted to Eq. [2] by assuming the 
gas law to hold and using the proper conversion 
terms. 


Pu, Pu,o 12) 


Puro 
2 


Pure 


Here R, has the units gm cm™ sec" and K, has the 
units gm cm™~” sec™’ atm™*. K, is equal to 


1 +Ky 


ast 
[29] 


where M is the atomic weight of oxygen; N is 
Avogadro’s number; & is Boltzmann’s constant; 
h is Planck’s constant; R is the gas constant; and 
L is the total number of surface sites per sq cm. 


All of the terms in Eq. [30] are known but Le “>. 


At a temperature of 450°C, K, has the value 

1.96 x 107° gm cm™~ sec™* atm™* and AH7™, the 
enthalpy of activation is 13.6 kcal per mol. The 
number of surface sites L can be assumed to 
equal the number of oxygens present on a smooth 
surface. If all oxygen sites are equally active and 
surface roughness is ignored, the number of sur- 
face sites can be assumed to equal 10” sites per 
sqcm. From this the entropy of activation, AS*, 
is calculated to be — 26.5 e.u. 


K 


SUMMARY 


1) During the reduction of magnetite by H, -H,O-N, 
mixtures in the temperature range 400° to 500°C, it 
is found that the reduction rate per unit area of 
oxide/metal interface is constant with time. The 
enthalpy of activation for this reaction is 13,600 cal 
per mole. 

2) In the absence of water vapor, or at a constant 
ratio of water vapor to hydrogen, the reduction rate 
is directly proportional to the partial pressure of 
hydrogen. Water vapor drastically slows the re- 
action. A mechanism is proposed; this involves 
poisoning of the reacting surface by oxygen from 
water vapor. A rate equation is derived that fits 
all of the experimental data. 

3) On increasing the water vapor content of the 
reducing gas, the reduction rate approaches zero 
at a percentage corresponding to the magnetite/ 
wustite equilibrium, not to the magnetite/iron 
equilibrium. This strongly suggests the presence 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Pp 


Solving for C, 

m 
m 
us 
m 
ti 
le 
a 
se 
a 
ro 
ly 
U 
A 
if 
T 


of a thin film of wustite between magnetite and 
iron during the reduction process. 
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Recovery of the Platinum Metals in Ores 


and Concentrates 


Prior researches have shown that the iron-copper-nickel 
content of platinum concentrates may be reduced by carbon to 
form a collecting alloy for the platinum metals in a manner ex- 
actly analogous to the formation of the lead fire assay button. The 
nature of the iron-copper-nickel alloys with the platinum metals 


M. E. V. Plummer 


J. M. Kavanagh 
J.C. Hole 


has been investigated. Palladium and probably some of the other 


One of the greatest known reserves of the platinum 
metals is to be found in the nickel, copper, iron sul- 
phide deposits of Northern Ontario. The very large 
tonnage of copper-nickel ore processed makes the 
Sudbury district a significant world source of the 
platinum metals, the latter being recovered as by- 
products in the electrolytic refining process for 
copper and nickel. Chalcopyrite, pentlandite, and 
pyrrhotite are carriers of the platinum metals;’ these 
minerals contain from 0.03 to 2.0 ppm of the noble 
metals. 

The analysis of the above ores for the platinum 
metals necessitates an initial concentration of the 
minute quantities present in the ore. The method 
usually employed involves the extraction of the noble 
metals by molten lead with or without small propor- 
tions of silver. The lead is then separated from the 
precious metals by cupellation, a process which 
involves absorption by the cupel and volatilization of 
lead oxide, leaving the precious metals collected in 
a silver bead on the surface of the cupel. 

The collection by lead is probably achieved by a 
process of dissolution followed by some degree of 
segregation in the lead alloy since the cold button is 
seldom uniform in composition. With silver-lead 
alloys this process of liquation has been used to re- 
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platinum metals form solid solutions with this alloy. 


F. E. Beamish 


cover pure lead since, during the cooling period, 
crystals of pure lead separate and silver becomes 
concentrated toward the center of the solid.” Plati- 
num and gold liquate in a manner similar to silver 
which may account for the successful recovery of 
platinum by fire assay even though it is considered 
insoluble in a solid lead medium.” In the case of 
iridium the liquation process may be a disadvantage 
in that the iridium may appear in the outer areas of 
the button and thus be lost mechanically during the 
handling processes. 

In any case the deficient alloying characteristics 
of lead for the platinum metals encouraged attempts 
to find an improved collecting alloy, and by analogy 
with aqueous extractions, preferably one in which 
solid solutions would be readily formed. Since, beyond 
a certain minimum solute to solvent ratio, the forma- 
tion of a solid solution is accompanied by a lattice 
distortion, one would expect some relationship be- 
tween the atomic diameters of any two metals and 
their tendency to form a solid solution. In one sur- 
vey’ the hypothesis was put forward that when the 
atomic diameter of the solute differs by more than 
about 15 pct from the solvent, the ‘‘size factor’’ is 
unfavorable and the formation of a solid solution is 
restricted. On the other hand, when the atomic diam- 
eters are within this limit the size factor is favorable 
and solid solutions are readily formed, e.g. the tran- 
sition metals of Group VIII having similar radii form 
solid solutions over wide ranges of composition. 
Even with a favorable size factor, elements having 
different crystal structures cannot form a continuous 
series of solid solutions. Cell dimensions alter as 
the concentration of the solute increases, causing a 
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Fig. 1—Relationship between size factor and solubility. 


distortion of the lattice. To a first approximation, 
according to Vegard’s law, the cell dimensions vary 
linearly with the atomic percentage of the solute. 

According to Hume-Rothery,’ the formation of solid 


solutions is influenced by the ‘‘valency factor’’, which 


operates to encourage the solubility of a higher 
valency metal by a low valency metal, but not the 
reverse process, é.g. zinc is much more Soluble in 
copper than copper is in zinc. By analogy one might 
expect that lead, with a valency of four, would dis- 
solve relatively little of the Group VIII elements to 
which zero valencies are ascribed. 

Fig. 1 represents the interatomic distances of 
ruthenium, rhodium, palladium, osmium, iridium, 
and platinum—ruthenium and osmium, being hexa- 


gonal closed packed, are represented by dotted lines.® 


The favorable size factors for the following metals 
are also included: @ iron (i.e. ferrite which is body- 
centered cubic), y iron (i.e. austenite which is face- 
centered cubic), nickel, copper, silver, gold, and 
lead—the latter five metals having face-centered 
cubic lattices. 

Considering the size factor alone, the data in Fig. 
1 indicate that only copper, nickel, and iron should 
be good solvents for platinum and palladium, for 
example copper having an interatomic distance of 
2.55A will dissolve metals having an interatomic 
distance lying between 2.17 and 2.93A. The change 
in crystal structure which would be required for the 
dissolution of osmium and ruthenium may cause 
these metals to be less soluble in copper, nickel, and 
iron. However, Zvyagintsev’ has shown, by means of 
X-ray diffraction, that osmium revealed two distinct 
crystal structures: hexagonal in an osmiridium which 
contained more than 35 pct of osmium and face-cen- 
tered cubic when osmiridium contained less than 31 
pct of osmium. Westland’® who investigated the crys- 
tal symmetry of several iridosmines by X-ray dif- 
fraction, found that an alloy consisting of 65.8 pct of 
iridium, 11.9 pct of osmium, 20.9 pct of ruthenium, 
platinum, palladium, and rhodium and 1.4 pct of base 
metals had a cubic lattice. Natta showed that ruthen- 
ium metal, precipitated by reducing agents, hada 
face-centered cubic lattice." 

According to Fig. 1, lead with a minimum size 
factor of about 3.00A is out of the theoretical range 
required for a good solvent of the precious metals. 
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Fig. 2—Photomicro- | 
graphy of alloys of 
Fe-Cu-Ni with aes = 
nium metals. (a) to 
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reproduction. (e) to 
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Not annealed. 


(d)—Pt, X35. 


Concerning the alloying qualities of iron, copper, 
and nickel with the platinum metals, published liter- 
ature has offered some information. Isaac and Tam- 
mann” stated that iron forms a continuous series of 
solid solutions with platinum at high temperatures: 
at room temperature it is soluble in @iron to the 
extent of nearly 50 pct. A continuous series of solid 
solutions crystallize from Pd-Fe melts.’* Similarly, 
both rhodium and iridium with y Fe form melts which 
crystallize to give a continuous series of solid solu- 
tions.'*’!* It has also been demonstrated that an alloy 
of Pt-Ir can be formed, containing at least up to 20 
wt pet of iridium.’° Osmium and ruthenium are iso- 
morphous with neither @nor y iron but Wever'’ stated 
thet y Fe-Ru forms a stable solid solution down to 
room temperature. There is also the finding that 70 
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| (a)—Blank, X35. 
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(e)—Pd, X35. Not annealed. (f)—Pd, X90. 


at. pct of ruthenium dissolves in platinum to form a 
solid solution.’® Kurnakow and Nemilow, Kussman 
and Nitka’® believed that the system Pt-Ni comprises 
a continuous series of solid solutions above 600°C. 
The system Rh-Ni has not been investigated in detail, 
but is believed to be analogous to the Pt-Ni system.” 
No information is available on the Ir-Ni system. 
Koster and Horn” stated that nickel dissolves about 
15 wt pct of osmium, and osmium dissolves about 

16 wt pct of nickel. The solubility of osmium in nick- 
el increases with temperature and it was found that 

a 25 wt pct osmium alloy, after quenching from 1200°C 
proved to be homogeneous. The steady course of the 
magnetic properties in alloys up to about 20 wt pct 
ruthenium, indicates the existence of a solid solution 
between nickel and ruthenium.”* The system of Pd-Cu 
comprises a continuous series of face-centered cubic 
solid solutions above about 600°C. The Pt-Cu sys- 
tem is similar above about 800°C. Copper and rhod- 


(h)—Pd, X900. Annealed. (j)—Rh, X35. 
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Annealed. 


Not annealed. (g)—Pd, X400. 


ium above 750° to 800°C also form a series of face- 
centered cubic solid solutions with approximately 0 
to 20 and 90 to 100 at. pct Rh.” Electrical conduc- 
tivity measurements in copper-rich alloys indicate 
that at least 0.48 at. pct Ir is soluble in copper, after 
annealing at 800° to 950°C.”° 

Nemilov and Vidusova”’ investigated the system 
Cu-Ni-Pt and found that it consisted of solid solutions 
in both quenched and annealed conditions. No ternary 
compounds were found. Kuznetsov’’ heated this alloy 
to 950°C or higher and found that a continuous series 
of solid solutions with face-centered cubic structures 
were formed. Nemilov and Rudnitskii” and Nemilov 
and Strunina®’ investigated the copper-iron- platinum 
and the copper-nickel-palladium systems. Ina 1:1 
copper-iron ratio it was found that, except in a re- 
gion containing less than 20 at. pct Pt, all alloys are 
solid solutions at high temperatures. The solutions 
break down, however, at lower temperatures and in 


Not annealed. (k)—Rh, X150. Annealed. 
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()—Ir, X35. Not annealed. (m)—Ir, X150. 
addition to the binary compounds PtFe, PtCu, PtCus, 
there appears, at about 1200°C, a ternary compound 
Pt,FeCu. This forms a continuous series of solid 
solutions with both Pt and PtFe; with PtCu it forms 
solid solutions only to a limited extent. The copper- 
nickel-palladium systems consist of a continuous 
series of solid solutions. No data have been found 
concerning ternary alloys of these base metals with 
osmium and ruthenium. 

From the data outlined above concerning the alloy- 
ing qualities of the base metals with either platinum 
or palladium, it is possible that the binary systems 
are all solid solutions. 

The above data suggest a miscibility gap in the 
binary alloys formed between the face-centered cubic 
base metals and the hexagonal noble metals. Raub” 
also recorded evidence to indicate miscibility gaps 
in various base metal alloys with ruthenium. 

No reference has been found to indicate that the 
equilibrium relationships between the platinum met- 
als with copper, nickel and iron have been investiga- 
ted. Since some indication of the efficiency of the 


Annealed. (n)—Os, ‘X90. Not annealed. 
iron-copper-nickel collection of the platinum metals 
can be gained from a knowledge of the character of 
the resulting alloys, these were examined witha view 
to establishing the degree of homogeneity. Obviously 
the collection of a platinum metal as a mechanical 
mixture can not be as effective as a collecting pro- 
cess which involves dissolution. Furthermore, there 
is a good possibility that platinum metals in solution 
with iron-copper-nickel would be readily dissolved 
by appropriate parting acids, thus eliminating the 
process of filtration which, at the parting stage, adds 
considerably to the complexity of an analysis. 


THE NATURE OF THE ALLOYS FORMED BETWEEN 
COPPER, NICKEL AND IRON, AND THE PLATI- 
NUM METALS 


Apparatus 


Fisher- Lindberg gas-air furnace. 
Vickers Projection Microscope with Bausch and 
Lomb Automatic Arc lamp. 


(o)—Ru, X120. Annealed. (p)—Ru, X90. 
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Table |. The Analysis of the Beads 


Pct 
Wt of Precious 
Bead Bead, G PctNi PctFe PctCu Pct SiO, Metal 
Blank 1.80 36.5 20.7 41.7 0.3 NIL 
Palladium 2.00 36.1 15.0 38.3 0:2 9.1 
Rhodium 2.04 41.1 18.7 34.1 0.4 8.1 
Iridium 1.97 38.1 25.0 24.1 1.2 8.2 
Osmium 2.07 39.6 15.9 29.7 1.4 12.1 
Ruthenium 1.96 47.4 7.1 21.2 1.0 10.5 


Experimental—The alloy beads were made as follows: 


0.94 g of copper (II) oxide, 1.20 g of nickel (II) oxide 
and 1.86 g of magnetite were fluxed with 25 gof silica, 
42 g of soda ash, 27 g of borax glass, 2.0 g of lime, 
4.5 g of magnesia, and 5 g of graphite. This mixture 
was used to make the blank button. The precious 
metal buttons were made in exactly the same manner 
as the blank except that approximately 0.2 g of the 
respective platinum metal powder was added. All 
samples were mixed well and fire assayed at 1430°C. 
The weight of the button obtained was 2.0 g. After 

the metallographic studies the buttons were analyzed 
to obtain the correct proportions of the individual 
metals and the compositions are recorded in Table I. 
The buttons were embedded in lucite to facilitate 
polishing and etched with 22:12:66 sulphuric acid- 
hydrogen peroxide-water ,™ and then photographed; 
the photomicrographs are recorded in Fig. 2. 

The blank, platinum, palladium, osmium, and 
ruthenium alloys were subjected to an annealing 
treatment. This consisted of hhmmering at room 
temperature for 15 min and then sealing in a silica 
tube in an atmosphere of argon maintained ata slight- 
ly reduced pressure. The tube was placed in a muffle 
furnace at 880°C for 17 hr, and then cooled over a 
period of 3hr. These buttons were mounted, polished, 
and etched as described above. X-ray powder photo- 
graphs were taken, the values of 6 measured from 
the film, and the corresponding ‘‘d’’ spacings in Ang- 
strom units were obtained from tables** and recorded 
in Table II. 

The blank button, Fig. 2(a),(b), appeared to be the 
only nonhomogeneous alloy. The platinum D, pallad- 
ium E,F, rhodium J, iridium L, osmium N, and ru- 
theniumP alloys all appeared to be essentially two- 


Table Ill. Analysis of Ore Concentrate for Platinum and Palladium 
by Three Methods 34 


Ounces per Ton 


Iron Button Collection Lead Button Collection 


Chromatographic Spectrographic 
Pt Pd Pt Pd Pt Pd 
0.0184 0.0152 0.0180 0.0133 0.0170 0.0138 
0.0178 0.0140 0.0173 0.0135 0.0169 0.0140 
0.0162 0.0152 0.0133 0.0135 0.0132 0.0134 
0.0162 0.0152 0.0183 0.0157 0.0168 0.0137 
0.0232 0.0167 0.0160 0.0164 0.0188 0.0144 
0.0232 0.0167 0.9182 0.0168 0.0090 0.00787 
0.0304 0.0194 0.0182 0.0135 0.0153 0.0145 
Av. 0.0169 0.0141 0.0171 0.0151 0.0163 0.0140 


*eliminated from average. 


Table Il. ‘‘d’’ Spacings from X-Ray Photographs, Angstroms 


Radiation: Iron Copper Iron Iron 

Filter Manganese Nickel Manganese Manganese 

Alloy Sample: Blank Platinum Palladium Platinum Osmium Ruthenium 
2.06 2.07 2.07 2.08 2.06 2.06 
1.78 1.80 1.80 1.80 1.79 1.79 
1.26 1.27 1.27 1.28 1.27 1.27 
1.08 1.08 1.08 1.08 1.08 1.08 
1.04 1.03 1.03 1.04 1.04 1.036 
~ 0.80 0.80 - - 


The following ‘‘d’’ spacing figures are 
reproduced from available data:*° 


FeC 2.08 1.80 1.27 

Cu 2.09 1.81 1.28 1.09 1.04 0.90 
1:1 FeNi 2.08 1.80 1.27 1.09 1.05 

1:9 FeNi 2.08 1.80 1.27 1.07 

Pt 2.27 1.95 1.38 

Pd 2.23 1.93 1.16 


phase systems consisting of a primary solid solution 
together with a second solid solution or an eutectic. 

After annealing, the blank alloy C appeared to be 
a Single phase. The thin grain boundaries contained 
small inclusions which were probably silica and are 
not inconsistent with the silica content recorded in 
Table I. 

The data in Table II indicate the existence of single- 
phase systems having almost identical cell dimen- 
sions. All of the alloys have face-centered cubic 
lattices. The inclusion of from 4 to 8 at. pct of plati- 
num metals, which have larger cell dimensions than 
the base metals, seems to have had little or no effect 
on the size of the lattice of the three-component 
blank. 

After the annealing process, the palladium sample 


Table IV. Iron Button Analyses 


Metal Taken, Metal Recovered, 


Sample Metal Mg Mg 
1 Os §.32 5.29 
2 Os 5.32 
3 Os 5.32 5.25 
4 Os 5.32 5.33 
5 Os 5.32 5.26 
6 Os 5.32 5.24 
7 Os 243 2.10 
8 Os 2.43 2.10 
9 Os 10.56 10.57 

10 Os 2.13 2.55 
11 Os 3.18 3.18 

Ru 5.40 5.34 
12 Os 3.18 3.18 

Ru 2.70 2.70 
13 Os 3.18 3.22 

Ru 2.70 2.70 
14 Ru 2.70 2.67 
15 Ru 5.40 5.42 
16 Ru 5.40 5.41 
17 Ru 5.40 5.34 
18 Ru 5.40 5.47 
19 Ru 5.40 5.37 
20 Ru 8.10 8.05 
21 Ru 8.10 8.12 
22 Ru 8.10 8.24 
ye Ru 2.70 2.79 
24 Ru 2.70 2.52 
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still retained its dendritic structure, indicating that 

the processes of diffusion and grain recrystallization, 
which operate in the direction of producing a single- 
phased alloy, had proceeded to a very limited extent. 


Therefore the bead was broken from its lucite mount- 


ing and again cold-worked and heated in argon, this 
time at 1035°C for 17 hr. The button was polished 
and etched, but still showed the dendritic structure 
and was therefore annealed once more. At this point 
the etching solution had no visible effect on the alloy, 


nor did a 4 pct solution of nitric acid in ethanol. Con- 


centrated nitric acid, however, caused etching within 
seconds. The photomicrographs G and H of these 


etched buttons show the palladium-nickel-iron-copper 


alloy to be essentially one phase. The formations 
inside the large grain are dislocations or geometrical 
faults in the lattice. Fig. 2() shows the subgrains in 
the process of formation. 

The rhodium and iridium alloys were subjected to 
two annealing processes as described above; they 
were heated first for 48 hr and then for 13 hr at 
1035°C. The photomicrographs () and (m) show that 
the alloys still retained their dendritic structure, 
indicating at least two phases. However in the case 
of rhodium and to a lesser extent the iridium alloy, 
a grain structure was also visible, indicating that 
the processes of diffusion and grain recrystallization 
were operating to produce a single-phased alloy. It 
was thought likely that further annealing treatments 
would produce a one-phased alloy as in the case of 
the palladium alloy described above. These suggest- 
ions were supported by the ease of parting of these 
alloys, which was accomplished with concentrated 
hydrochloric acid and finally with aqua regia. The 
rhodium alloy parted quickly and completely, while 
the iridium alloy parted more slowly leaving some 
black residue, probably iridium metal, which was 
soluble only after dry chlorination. 

After two annealing treatments, one for 24 hr and 
the other for 36 hr at 1035°C, the ruthenium alloy O, 
like the rhodium and iridium alloys, exhibited both a 
dendritic and a grain structure, and was likely also 
on the way to becoming a single phase. However, 
parting with perchloric acid left a sizeable black 
residue which, after fusion with sodium peroxide and 
treatment with hypochlorite, revealed a considerable 
amount of ruthenium. This indicated that the ruthen- 
ium might have been present as amechanically mixed 
constituent or a highly insoluble metallic compound. 

The osmium alloy was found difficult to polish and 
showed a tendency to form pits, a characteristic 
probably due to the readily formed volatile tetroxide. 
After two annealing processes similar to the case of 
ruthenium, the osmium alloy Q appeared to be a 
‘‘cored’’ structure with several phases present. 
Obviously the two annealings were insufficient to 
produce a single-phased solid solution. The ease of 
parting of this alloy with perchloric acid indicates a 
mixture of homogeneous solid solutions. 

Quantitative Recovery of the Platinum Metals— 
Previous investigators in this laboratory have ex- 
amined the recoveries of platinum and palladium *”* 
and of osmium and ruthenium™ in a fire assay involv- 
ing collection by an iron-copper-nickel alloy. Some 
of their published findings are recorded in Tables III 
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and IV. ie 
This alloy has been shown” to yield a recovery of 


99.3 pct of the platinum and 98.2 pct of the palladium. 
Thus the collection was at least equally efficient to 
that from the classical fire assay, which on previous 
investigation®’™ showed a recovery of 98.8 pct of 
the platinum and 98.1 pct of the palladium. 

The effectiveness of the base metal recoveries for 
rhodium and iridium is being investigated. 


SUMMARY 


The data obtained indicate that a 10 pct alloy of 
palladium with the base metals iron, copper, and 
nickel produced under fire assay conditions is a 
single-phase solid solution. 


There is good evidence that platinum, rhodium, 
and osmium also form solid solutions with iron-cop- 
per-nickel. The black residues recovered from the 
iridium and ruthenium parting solutions indicate 
that the collection of these metals might be mechani- 
cal or as insoluble metallic compounds, depending on 
the amount of the metals involved. However, the fact 
that alloys are formed showing at least partial solu- 
bility suggests that iron, copper, and nickel will ex- 
tract the platinum metals in the assay of ores and 
concentrates, and furthermore, one may expect that 
in most cases the resulting button would be complete- 
ly soluble in mineral acids. The researches already 
completed for platinum and palladium” and for osmi- 
um and ruthenium: and other researches now in 
progress, fully support the above conclusions. 
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Phase Relations in the Titanium-Aluminum System 


The titanium-aluminum system has been investigated in the 
composition region 0 to 34 pct Al in the temperature range 800° 
to 1450°C. The phases encountered in this region were: a, B, Yri AP 


ay» 2nd The reactions observed are as follows: 

B+ L ay B(15 pet Al) + 6 (18 pct Al) = Yq, 4, (16.5 pet Al) at 
~1170°C and B (7 pct Al) + y (9.2 pct Al) + a (9 pct Al) at ~ 1060°C. 
y~a+6 below 700°C is postulated. 


A eutectoid reaction: 


Te Ti-Al system has been the subject of a number 
of investigations. Several of these’~” have indicated 
extensive solubility of Al in both o and 8 titanium. 
Ence and Margolin, as a result of work on the Ti-Al- 
O system}’* have shown that the @ solubility of alumi- 
num is considerably restricted, and found that a com- 
pound, Ti,Al° existed in the region formerly desig- 
nated as a.’ This structure was identified as hex- 
agonal with c/a = 0.803. Pietrokowsky confirmed the 
existence of this phase’ and pointed out that the struc- 
ture was isomorphous with Ti,Sn.° Although the ex- 
istence of Ti,Al has been confirmed by others,’~*” 
there has been considerable disagreement regarding 
the composition and mode of formation. 

A detailed reinvestigation of the Ti-Al system has 
been published by Sagel et al.'* The tentative diagram 
indicated two phases, a, and €, occurring in the for- 
mer all @ region. The a, phase has the same struc- 
ture as Ti,Al and was indicated as having a broad 
region of solubility. Epsilon, a tetragonal phase, was 
shown to form within the @, solubility region. 

As a result of unpublished work,“ Ence and Marg- 
olin disagreed with the interpretation of Sagel et al.,° 
although some common features existed. The pres- 
ent study was conducted in an attempt to clarify pre- 
vailing uncertainties. 


EXPERIMENTAL PROCEDURE 


Alloy Preparation—Alloys were prepared from 
iodide titanium (99.9 pct Ti with less than 0.01 pct 
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Zr) or Bureau of Mines electrolytic titanium (BHN- 
73) and high purity aluminum (99.99 pct). Alloys 
were arc-melted in argon or helium atmosphere as 
15-g buttons in the composition range up to 34 pct Al. 
Depending on need, alloys were made in increments 
varying from 0.25 to 2 pct Al. Up to five 15-g buttons 
of some compositions were made. Weight losses 
during melting did not exceed about 1 pct of the 
charge and chemical analysis revealed that both ti- 
tanium and aluminum were evaporated. In general, 
nominal and analyzed compositions agreed within 0.5 
pct and therefore nominal compositions were used in 
plotting the data. Unavoidably, some overlap of com- 
position occurred, particularly where small incre- 
ments of Al were used. The small increments were 
primarily used to obtain alloys which would fall into 
the narrow @ + y region and this purpose was achieved. 
In general, the data obtained from Bureau of Mines 
base titanium and iodide titanium alloys were in 
agreement. 

Forging— Both as-cast and forged samples were 
employed. Samples were heated for hand forging by 
an oxygen-hydrogen torch to the region 1200° to 
1300°C. A titanium anvil and cover plate were used 
to prevent any iron pick-up and consequent formation 
of a low melting point compound. Frequent reheating 
kept the temperature in the desired range. Under 
these conditions, alloys containing up to 15.5 pct 
could be successfully forged. 

To check on the depth of contamination, forged 
alloys were heated slightly below the £8 transformation 
temperature. Metal was removed to a depth below 
the contaminated surface so revealed, and the subse- 
quent results obtained from these samples agreed 
closely with those secured from as-cast material. 

Heat Treatment—Prior to heat treatment, all alloys 
were vacuum annealed to remove hydrogen. Samples 
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were annealed at 900°C until a vacuum of 10°° mm H 
was established. Samples were then wrapped in mo- 
lybdenum or titanium sheets, and heat treatments 
were carried out in argon filled quartz capsules, 
which were broken under water at the conclusion of 
the heat treatment. The annealing times employed 
varied from 1 hr at 1450°C to 2 months at 800°C. 

Equilibrium was established in the temperature 
range 900° to 1450°C. The times necessary to elimi- 
nate the complex as-forged structure were used as 
the criterion to achieve equilibrium. The structures 
obtained were equiaxed or readily recognized two- 
phase structures. It is possible that the times used 
were longer than those necessary to achieve equilib- 
brium, but the procedure was necessary in order to 
produce identifiable structures. At 800°C and below 
for the times used, it was not possible to determine 
whether equilibrium had been established, because 
the starting structures were not altered. 

In order to be able to correlate microstructure 
changes without the intrusion of small composition 
changes, groups of alloys containing 8 to 18.5 pct Al 
were heated at a series of successively higher tem- 
peratures in intervals of 25° to 100°C. This proced- 
ure was particularly helpful in delineating the a + y 
and y + 6 phase fields. 

It has been found that on elevated temperature an- 
nealing, aluminum evaporates from the surface. Alu- 
minum poor surfaces of up to 1 mm in depth have 
been observed after annealing at 1200°C. This was 
taken into consideration for studies subsequent to 
heat treatment. 

Metallography and X-ray Diffraction—For metallo- 
graphic examination, specimens were usually electro- 
polished and etched with a reagent specifically devel- 
oped for Ti-Al alloys. This solution is designated 
‘‘R-etch’’ and consists of the following: 


18.5 g Benzalkonium chloride 

35 ml Ethanol 

40 ml Glycerin 

25 ml HF (50 pct) 

Etching time 30 to 90 sec, specimen agitated during 
immersion. 

Debye-Scherrer photograms were obtained ina 
114.6-mm diam. camera. CuKa radiation and expo- 
sure times of 20 to 40 hr were used. Powder samples 
of 270 mesh size were prepared by crushing brittle 
alloys (above 18 pct Al) in a titanium mortar. 

Rod samples were used for compositions which 
could not be crushed, i.e. below 15 pct Al. These 
were prepared by forging, as indicated earlier, which 
served to produce grain sizes suitable for diffraction. 
The as-forged rods, originally 6 mm sq, were 
ground to 2 mm sq to remove contamination, dehy- 
drogenated and capsule annealed at the desired tem- 
perature. The heat-treated samples after quenching 
were ground to needle-like samples of 0.1-0.2 mm 
diam. 

Both powders and the needle-like rods were wrap- 
ped in molybdenum and capsule reannealed in argon 
for 3 to 30 min at the original heat-treatment tem- 
perature to relieve stresses. Specimens were capsule 
cooled in iced brine since water-quenching produced 
contamination readily detected in the X-ray pattern. 
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Fig. 1—Partial titanium-aluminum phase diagram. 


After X-ray exposure, a number of needle samples 
were examined metallographically for proper inter- 
pretation of X-ray results. 

As an adjunct to phase identification, microhardness 
was determined on individual grains for alloys in the 
range 7.5 to 20 pct Al. A 200-g load was applied by 
a Bergsman hardness tester for a period of 30 sec. 
A minimum of 10 to 12 grains with 1 to 3 indentations 
per grain was used to obtain representative hardness 
data. 


RESULTS 


The phase relations of the Ti-Al system in the 
titanium rich region shown in Fig. 1. The following 
phases have been encountered: 


a 5 Ti,Al 
B TiAl 


The phases have been relabeled to conform with 
the usual convention. In addition, subscripts have 
been introduced to include a possible chemical for- 
mula included within the homogeneity range of the 
intermediate phase. 
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Fig. 2—Ti-10.5 pct Al alloy, 24 hr at 
1080°C. W.Q.; R-etch. y’ + Trans- 
formed X175. 


A) y TisAl—The y phase forms peritectoidally by 
the reaction 6 (15 pct Al) + 5 (18 pet Al) ~ y (16.5 pet 
Al) between 1165° and 1180°C. Microstructures 
illustrating the 8 + y and y + 6 phase fields are shown 
in Figs. 2 and 3. 

The y phase at lower Al contents transforms dur- 
ing quenching to reveal a transformation structure 
with varying morphology, with some similarities to 
martensite, and can be retained inincreasing amounts 
as the Al content increases. This is illustrated in 
Figs. 4 to 7. The transformation structure of Fig. 5 
is also evident in Fig: 2, showing transformed £ and Y. 

Attempts were made to develop a peritectoid ring 
of y around 5. However, no unambiguous structures 
could be developed, because it was found that when- 
ever a second phase existed together with f, trans- 
formation of 8 started preferentially around the sec- 
ond phase, thereby producing a ring structure. 

Fig. 6 also reveals, in addition to the transforma- 
tion markings, a maze-like structure which appears 
after etching. It is possible to observe the growth of 


Fig. 3—Ti-14.5 pet Al alloy. 48 hr at 
1050°C, W.Q.; R-etch. y + 6. X475. 


Fig. 4—Ti-10 pct Al alloy, 24 hr at 
1050°C, W.Q.; R-etch. y’. X350. 


this structure under the microscope and the detailed 
observations have been reported.” The formation of 
the maze-like structure is confined to the y phase 
and is independent of the presence of transformation. 
It is believed that hydrogen introduced by etching is 
associated with the formation of the structure. 

The d-values of retained y obtained from a 14.5 
pet Al rod sample quenched from 1115°C are shown 
in Table I. The pattern can be indexed as hexagonal 
with lattice parameters a = 11.52A, c = 4.65Aand 
c/a = 0.404. Because the c/a ratio is close to a sub- 
multiple of both a and 6Ti,Al, the pattern also con- 
tains lines characteristic of both structures but 
shifted in positions. It should be pointed out, however, 
that the fit is not entirely satisfactory. 

Rod samples, which reveal retained and transform- 
ed y in the microstructure, produce an X-ray pattern 
which contains an overlapping double set of lines cor- 
responding to retained and transformed y. The extra 
lines are clearly revealed in the back-refiection 
region shown in Fig. 8. As the amount of retained y 
increases, there is a corresponding increase in inten- 


Fig. 5—Ti-11.5 pet Al alloy. 48 hr at 
1050°C, W.Q.; R-etch. y’. X175. 


Fig. 6—Ti-12.5 pet Al alloy. 48 hr at 
1050°C, W.Q.; R-etch. y’ + y; only 


Fig. 7—Ti-14.5 pet Al alloy. 24 hr at 
1108°C, W.Q.; R-etch. y + possible 


dark grain shows striated transforma- transformation of y induced by polish- 


tion structure. X175. 
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Table |. X-Ray Diffraction Data of the Gamma Phase* 


Observed d, Estimated Calculated d,** 
hkl A Relative Intensity A 
110 5.85 w 5.76 
200 5.01 w 4.98 
101 4.16 w 4.21 
210 3.89 vw 3:77 
201 3,37 m 3.40 
-202 2.88 vw 2.88 
400 2.472 m 2.493 
311 2372 w 2.378 
002 2.306 vs 2.325 
401 2.184 vs 2.197 
420 1.888 vw 1.885 
222 1.810 w 1.809 
421 1.750 w 1.748 
402 1.690 s 1.700 
521 1.510 vw 1,511 
203 1.483 vw 1.480 
440 1.443 m 1.440 
403 1.312 vs 1.316 
800 1.248 m 1.247 
442 1.225 vs 1.224 
801 1.206 s 1.205 
004 1.158 m 1.163 
802 1.100 m 1.099 
404 1.052 s 1.054 
803 0.974 s 0.972 
840 0.942 vw 0.942 
841 0.929 s 0.924 
444 0.906 s 0.905 
842 0.878 m 0.874 
405 0.872 s 0.872 
804 0.853 m 0.850 
425 0.834 
843 0.809 vs 0.805 
1202 0.787 vs 0.783 
006 0.776 s 0.775 


vs — very strong; s—strong; m—medium; w—weak; vw—very weak. 
*As obtained from a Ti-14.5 pct Al Alloy annealed at 1115°C and 


water quenched. CuK, —radiation. 
**Based on a = 11.52A, c = 4.65A and c/a = 0.404. 


sity of y lines. The microstructure of two of the rod 
samples of Fig. 8 are shown in Figs. 5 and 6.* 


*It has been observed that when a transformed or partially trans- 
formed y structure is etched, extra lines can be detected in a diffraction 
pattern.’* This tends to support the belief that hydrogen is responsible 
for the maze-like structure. When the sample is vacuum annealed after 
etching, the extra lines disappear. Since the rod samples used for 
X-ray were vacuum annealed, the maze-like structure of Fig. 6 can be 
disregarded. 


The transformation structure of y, i.e. y’, fits a 
hexagonal type structure similar to @. It is import- 
ant to note that the fit of y’ is not as good as that of 
an @ alloy containing 4 pct Al. Since the lines of y’ 
are rather sharp, it implies that some slight distort- 
ion of the hexagonal structure exists, The lattice of 
y’ appears to contract with increasing Al content. 

Support for the suggestion that a andy’ are differ- 
ent is obtained from the microhardness data of Table 
II, discussed in a later section. 

B) Alpha—Alpha forms peritectoidally by the reac- 
tion B(7pct Al) + y (9.2 pet Al) ~ a (9 pct Al) at about 
1060°C. The solubility of aluminum in o diminished 
with decreasing temperature. To determine the solu- 
bility limits, it was necessary to take advantage of 
the optical activity of @ which increased markedly 
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Fig. 8—Back-reflection portions of X-ray diffraction pat- 
terns of Ti-Al alloys heat treated in the y field. 


with increasing Al content and the fact that y trans- 
formed whereas © did not. Also, the optical activity 
of y’ is considerably lower than that of a. 

An unusual feature of the a + y field was the fact 
that no normal two-phase distribution of the phases 
was observed. The © and y in the temperature range 
from 800° to 1060°C existed as individual equiaxed 
grains. Because the transformation was wholly con- 
fined to individual grains and because the number of 
grains which revealed the y’ transformation product 
increased with Al content, these structures were 
interpreted as two phases. Corresponding with the 
increase of y’ was a decrease of optical activity 
within the two phase field. Presumably a@ + y existed 
in equiaxed dispersion because the a/a, y/y and a@/y 
interfacial energies are very nearly the same. 

It was also observed that a containing more than 
5 pet Al, on quenching from the @ phase field, revealed 
a dotted or mottled structure, the intensity of which 
increased with aluminum content in the a field. This 
observation will be referred to in the discussion. 

Microstructures showing the dotted a and a +’ 
structures are shown in Figs. 9 and 10. 

C) 5 Ti,Al—It is proposed that 5 forms peritecti- 
cally by the reaction 8 + L ~ 6. The basis for this 
suggestion is the observation that the 8 + 5 and 6 
phase fields were observed up to 1450°C and at this 
temperature the 6 field broadens toward higher Al 
contents. 

The identification. of 56 was made by powder photo- 
grams and the structure was shown to be that of 
Ti,Al.’ 

The 6 phase of the lower Al contents exhibits trans- 
formation markings as shown in Fig. 11. At still 
higher Al contents, between 18 to 20 pct, peculiar 
veining was observed. The veining could be eliminated 
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Table Il. Vickers Microhardness Data of Alloys in the @, @+y, y and 5 Phase Fields 
(Bergsman Hardness Tester, 200 g load, time 30 seconds) 


Vickers Microhardness of Constituents 


Constitution Nominal Comp. and Heat Treatment 5 
a Ti-7.5 pct Al — 72 hr at 1000°C, W.Q. 260 + 60 
Ti—8.0 pct Al — 72 hr at 1000°C, W.9. 280 + 100 
a+y’ Ti-—8.75 pct Al — 41 days at 800°C, W.Q. 397 + 15 283 + 15 
Ti-9 pct Al — 72 hr at 1000°C, W. 9. 363 + 15 254 + 15 
Ti-9.25 pct Al — 72 hr at 1000°C, W.9. 379 + 15 2732415 
y+y Ti-12 pct Al — 96 hr at 1000°C, W.9Q. 300 + 10 348 + 10 
Ti-14.5 pet Al — 24 hr at 1100°C, W.Q. 300 + 10 336 + 10 
+6 Ti—15.5 pct Al — 72 hr at 1000°C, W. Q. 245 + 15 290 + 10 
Ti-15.5 pet Al — 5 weeks at 900°C, W.Q. 202 + 15 292 + 10 
if heat treatments were carried out just below the DISCUSSION 


8B + 5 field and the specimens were water-quenched. 
Figs. 12 and 13 illustrate the observed microstruc- 
tures. 

D) Beta—The maximum solubility of Al in 8 occurs 
at the peritectic reaction 8 + L ~ 6 and is estimated 
as ~ 31 pet Al. 

Beta cannot be retained and different transforma- 
tion structures are produced as f transforms to dif- 
ferent phases. Figs. 14 and 15 show the variation of 
microstructures encountered. 

E) Microhardness—Data are given in Table II. It 
will be noted that considerable hardness scatter is 
present in alloys in the a field. A maximum spread 
of about 170 Vhn is observed. In the two phase a + y’ 
alloys, the hardness of the individual phases is, by 
comparison, remarkably consistent. 

Inallcases y’ showed typical transformation mark- 
ings and the hardness was within the 10 to 15 Vhn 
variation regardless of orientation of the individual 
grains. Alpha exhibited similar behavior. 

The variation in hardness of the alloys in the @ 
field can possibly be explained in terms of the pos- 
tulated diagram (see discussion). 

The hardness of retained y is seen to be somewhat 
higher than that of y’. Similarly the hardness of re- 
tained 5 is found to be greater than that of 6’, its 
transformation product. 


Fig. 9—Ti-8 pct Al alloy, 30 days at 
900°C, W.Q.; R-etch. a + precipitate. 
X350. 
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Fig. 10—Ti-8.75 pct Al alloy. 41 days 
at 800°C, W.Q.; R-etch. a + y’. X350. 


The construction of the diagram, Fig. 1, to show 
the peritectoid reaction 8 + y~ a is not based on di- 
rect evidence of a peritectoid reaction, but follows 
from the evidence that Y exists. The peritectoid tem- 
perature is determined by the temperature at which 
y’ first appears together with 8. The temperature so 
determined lies between 1050° to 1065°C. 

The peritectoid formation of @ has also been put 
forward by Sagel et al.,'* who indicate that the react- 
ion is 8 + @, ~ @, where Q2 is considered to have the 
hexagonal structure of 6 in Fig. 1. Sagel et al. have 
not detected y or the transformation of y and, because 
of the similarity in structure of y and 6, have not 
detected the difference by X-ray. 

Additional evidence for the phase configuration is 
seen in the microhardness data for the a + y’ and y’ 
structures. Bumps e¢ al.’ and Dickinson’’ have shown 
that a hardness drop occurs in the composition region 
encompassed by y. These observations are consistent 
with those of this investigation. 

The y + 6 region was also not detected by Sagel 
et al. because insufficient annealing times were used. 
For example, at 1000°C, 7 hr were used, whereas in 
the present work 72 hr were used. In the present 
work, experiments to determine the minimum time 


Fig. 11—Ti-15.5 pct Al alloy. 48 hr at 
1050°C, W.Q.;R-etch. 6 + 6’. X175. 
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Fig. 12—Ti-22 pct Al alloy. 24 hr at 
1175°C, A.C.; R-etch Veined 6. X175. 


to establish equilibrium in a 14.5 pct Al alloy at 1050°C 
revealed that 36 hr were required. 

There are several attractive features for postula- 
ting that y decomposes eutectoidally into a and 6. 
First, the y/y + 5 boundary slopes toward the y/a +7 
boundary. Secondly, the transformation of y to a 
hexagonal structure quite similar to @ would fit such 
a construction. Third, the mottled structure of @ at 
the higher aluminum contents in the @ field could be 
explained as a result of initial precipitation of 5 dur- 
ing quenching, as @ passes into the @+ 6 phase field. 
Such precipitation is not likely to be detected by 
Debye-Scherrer techniques, but variation in the ex- 
tent of precipitation would be more likely in the lower 
Al content alloys and this could account for the wide 
spread of hardness in these alloys. 

In considering the transformation of y, the possi- 
bility of ordering comes to mind. No direct evidence 
to support this possibility has been obtained. On the 
basis of the eutectoid decomposition of y , brittleness 
in Ti-Al alloys in the composition region 8 to 14 pct 
Al could be associated with the precipitation of 6 
from y, y’ or @. Retained y and y’ are not brittle.’® 

At compositions of 5 near the 6/y + 6 boundary, 
transformation markings are observed. These mark- 
ings disappear at about 18 to 22 pct Al and the veins 
which appear instead are considerably harder than 
the surrounding 5. These observations are generally 
not inconsistent with the formation of an ordered 
structure, €, suggested by Sagel ef al.’* as occurring 
at 18 pct Al. These authors show microstructure, 
hardness and X-ray evidence to support their inter- 
pretation. In the present work, however, no X-ray 
evidence could be obtained for the € phase of Sagel 
and coworkers. 


SUMMARY 


Phase relationship of the titanium-rich portion of 
the Ti-Al phase diagram up to 34 pct Al are governed 
by the phases @, £, YTi,Al» 6 Ti,Al » and € TiAl* 

The 67j,a1- phase is hexagonal with lattice para- 
meters a = 5.775A, c = 4.638A and c/a = 0.803. The 
5ri,a1 is apparently formed by the peritectic reaction 
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Fig. 13—Same as Fig. 12. X475. 


Fig. 14—Ti-14.5 pct Al alloy. As- 
forged in the 8 region 1200° to 1300°C; 
R-etch transformation structure: 
X175. 


B+ Similarly the € 7j4;-phase is formed 
by the reaction L TiAl 

The ¥ Ti, AI- phase is formed by the peritectoid re- 
action B + 6 ~ y7i,a1 at about 16.5 pct Al at 1170°C. 
The crystal structure of the y7;,a1-phase can be inter- 
preted as hexagonal with the lattice parameters 
a = 11.52A, c = 4.65A and c/a = 0.404. The y-phase 
is not stable but transforms on cooling. The transfor- 
mation product of the y phase—y’ appears to be hexa- 
gonal and similar to @ titanium. Increase of aluminum 
additions stabilize y and this phase can be retained 
on quenching. 

The a@-phase is also formed by a peritectoid re- 
action B + y ~ @ at 9 pct Al and1060°C. The solubility 
of aluminum in @ titanium decreases to about 8 pct 
Al at 800°C. 

The possibility of an eutectoid reaction y ~ @ + 6 
occurring below 700°C is indicated. 
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in the Liquid-to-Solid 


The undercooling associated with the nucleation of the secondary 
phase from the liquid by the solid primary phase was studied in 
sixty binary alloys by means of a hot-stage microscope. It was 
found that ina system of aand B, a usually nucleates B at low 
undercoolings, but B does not nucleate a, except possibly at un- 
dercoolings approaching homogeneous nucleation. This behavior 
can be explained in terms of relative interfacial energies and 
shows that crystallographic disregistry is only a minor factor 


B. E. Sundquist 


in heterogeneous nucleation from metallic liquids. 


Previous experimental work’~° on nucleation of 
solids from liquids has shown that normally nuclea- 
tion is heterogeneous, and that small solid particles 
present in the liquid are responsible for the nuclea- 
tion. These experiments and the theory that has 
evolved from them have made apparent that there is 
a ‘“‘characteristic undercooling’’ associated with the 
nucleation of the solid from a given liquid by a given 
impurity. 

Little is known, however, about the chemical and 
structural relationships between the nucleating agent 
and nucleated solid that control the effectiveness of 
the nucleating agent in catalyzing the nucleation, as 
measured by the required undercooling. A review of 
the literature has yielded seventeen undercoolings*° 
for the nucleation of solid from liquid metals by 
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‘‘known’’ nucleating agents. All values come from 
experiments in which the metal studied was divided 
into a number of particles (10 to 300 u in diam.) much 
larger than the number of extraneous impurity par- 
ticles so as to obtain a large number of particles 
free of foreign nucleating catalysts. Known nucleat- 
ing agents are then introduced by coating the drop- 
lets with particles or a thin film of the catalyst. Six 
of the seventeen undercooling values referred to 
cases where, for various reasons, the identity of the 
nucleating species was not at all certain. Another 
six cases involved nucleating agents with a crystal 
structure that was not known. Four other cases in- 
volved undercoolings listed as greater than or equal 
to undercoolings which were very likely those for 
homogeneous nucleation. One investigation’ involved 
adding to droplets powdered oxides, carbides, and so 
forth that were doubtlessly covered with adsorbed 
oxide or nitride films. The highly variable nature 
of these films resulted in highly variable undercool- 
ing (as was also found in preliminary work in this 
investigation). It is apparent that the information on 
heterogeneous nucleation in liquid metals is too 
limited to give rise to any definite conclusions on 
the nature of the catalytic process. 

With these problems in mind a new method was 
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developed to study the undercooling for the nuclea- 
tion of the solid from liquid metals by known addi- 
tions. This method involves the use of alloys in 
which the nucleating species is ‘‘formed’’ within the 
droplet. In alloys in which the solidification pro- 
ceeds from liquid to an @ + 8 mixture with an in- 
termediate stage of L + a, the @ phase is formed 
within the liquid by cooling. These primary @ par- 
ticles can then serve as nucleating agent for the 8 
phase on cooling below the invariant temperature. 
This method eliminates, to a large extent, the dif- 
ficulties described above. Although a quantitative 
interpretation of the results in this type of work is 
more difficult because alloys have to be used in- 
stead of pure metals, the advantage of greater cer- 
tainty as to what the nucleating agent is more than 
overcomes this drawback. 


EXPERIMENTAL PROCEDURE 


The hot-stage microscope used for the work is 
described elsewhere,’ so only the salient points 
need to be mentioned here. Melting and freezing of 
the droplets was done in microfurnaces each con- 
sisting primarily of a Nichrome ‘‘V’’ heating foil 
wrapped around an alundum tube. Quartz or pyrex 
crucibles held within the tube were used and were 
replaced after each run to avoid contamination. The 
furnaces were designed to permit accurate deter- 
mination and control of specimen temperature. It 
was found that even with heating and cooling rates 


Xx ¥ 
D 
L+o 
y 
x 
Es 
atB 
A 
I 
D 
fo ~AG 
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-F \ 
a+B 
A B A 


Fig. 1—The three types of binary systems studied. 
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as high as 30°C per min the melting and freezing 
temperature of the drops remained constant to 

+ 0.25°C. A purified hydrogen atmosphere or a high 
vacuum were used in the stage for most alloys. A 
X50 stereomicroscope was used to view the droplets. 
The melting and freezing of the droplets was de- 
tected by observing the (sudden) change of shape and 
surface features that occur on melting and freezing. 
The drops were situated in tiny quartz or pyrex 
crucibles, the bottoms of which were ground thin so 
as to permit the thermocouple bead to be well within 
1 mm of the droplets. Thus the thermocouple bead 
was always essentially at the droplet temperature 
so that the melting and freezing points could be ac- 
curately determined. In no case did the droplets wet 
the crucible noticeably. Upon standardization of the 
thermocouples, all droplets melted very close to the 
melting points recorded in the literature so that it is 
doubtful that any serious interaction between crucible 
and melt ever took place. As will be evident shortly, 
it is impossible for any possible nucleating effect of 
the crucible on the droplets to give rise to erroneous 


results in this work. 
Alloys were prepared from metals of four to five 


nines purity and were melted in zirconia crucibles 
under vacuum or hydrogen atmosphere. All alloys 
were quenched from the liquid and the microstruc- 
tures examined to insure that the alloys used had 
sufficient dispersion of primary crystals. In this 
way it was made certain that the composition of the 
100 to 300 , diam sample differed little from that 
intended. These chips were cut from the bulk ma- 
terial with a glass chip or a steel knife. 

In Fig. 1 are shown the three types of binary sys- 
tems studied. The undercooling for nucleation of a 
phase § is defined as the difference between the 
temperature of the liquidus on the primary f side 
of an alloy of the composition of the undercooled 
liquid when § precipitates and the actual tempera- 
ture at which 8 precipitates from the liquid. Ina 
binary system of Type I the procedure used in de- 
termining the undercooling for the nucleation of £ 
by @ is as follows. Drops of alloy Y are heated to 
above the liquidus temperature, D, and cooled. The 
lowest temperature, E, to which the drops can be 
consistently undercooled is found. The distance DE 
then is the undercooling for the nucleation of £ in 
absence of @. Drops of alloy X are then heated to 
a temperature in the liquid plus a region and slowly 
cooled. The © primary crystals grow and the liquid 
changes in composition along the @ liquidus. The 
lowest freezing temperature, F, of the liquid is found. 
If GF is significantly less than DE, the undercooling 
for the nucleation of B by a (denoted by AT(g by a)) is 
GF. Otherwise all that can be said is that ATg 5, a) 

> GF. The same procedure is used to determine 
AT by 8): In a diagram of Type III the same prin- 
ciples apply but only AT g py a) can be determined. 

In a system of Type II the equivalent of alloy Y is 
pure B and the equivalent of alloy X is prepared 
by adding a chip of pure A toa drop of pure B whose 
undercooling DE has already been established. Only 
AT(g by a) can be determined. If @ is a particle of 
oxide, carbide or other compound or of some ma- 
terial with a very stable oxide or nitride, little or 
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Fig. 2—The lead-tin system showing the maximum obtained 
undercooling before nucleation of the primary phase and for 
nucleating the secondary phase in the presence of the prim- 
ary phase. 


no wetting is observed and the undercoolings then 
vary widely and are not reproducible. If the oxide 
film on @ is reduced by the hydrogen atmosphere 

of the stage, wetting results and reproducible re- 
sults can be obtained. In experiments involving 
Type II systems one cannot be certain that pure A 
rather than some impurity in A is doing the nu- 
cleating. The addition of A to B usually also in- 
volves putting the oxide of A in contact with B. 
However, other work,” and initial experiments in 
this investigation indicate that the undercoolings for 
the nucleation of metals by oxides are usually high. 
On this basis it will be stated that there is a high 
probability that the undercoolings determined in this 
type of system refer to nucleation by the given nu- 
cleating agent. Studies now in progress on orienta- 
tion relationships between nucleating agent and nu- 
Cleated solid in this type of system are giving proof 
that the determined undercoolings refer to the in- 
tended nucleating agent. 

For each undercooling forty to eighty determina- 
tions were made (ten to 20 on each of at least four 
droplets studied one or two at a time). For systems 
where the primary phase showed a definite nucleating 
effect on the secondary phase, the maximum under- 
coolings were reproducible within a few degrees for 
each drop and from drop to drop. 


EXPERIMENTAL RESULTS 


In the interest of brevity the study of only one 
alloy system, the lead-tin system, is described in 
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(b) 
Fig. 3—Undercooling in Pb-Sn alloy droplets as a function 
of the temperature to which drops were heated and held be- 
fore cooling. 


any detail. Only the final results on the remaining 
systems are given. The lead-tin system shown in 
Fig. 2 is taken from Hansen.* Also shown are the 
results obtained by Hollomon and Turnbull ° on the 
maximum undercooling in Pb-Sn droplets, and the 
results of this investigation. 

Hollomon and Turnbull found that the drops cooled 
from above the liquidus on the Sn side of the diagram 
froze all at once at a maximum undercooling cor- 
responding to line III. On the Pb side of the diagram 
they found that some of the alloys froze partially at 
a temperature given by line I and then froze com- 
pletely some 25°C below the invariant temperature 
(line II). Line I is interpreted as referring to the 
undercooling at which lead solidifies as primary 
particles from the liquid. Below line I for a given 
alloy the liquid changes in composition along the 
Pb liquidus line. At the temperature of line II the 
Sn phase is nucleated, so the liquid freezes as 
eutectic. Along line II all the alloys have the same 
liquid composition, B, which gives the constant 
undercooling AB for the nucleation of the Sn phase. 
Since point B is above line III, the Hollomon- Turnbull 
results imply that Pb nucleates Sn at an undercooling 
AB = 34°C. The maximum undercooling of the Pb 
phase in the presence of Sn primaries was not de- 
termined in the Hollomon- Turnbull investigation. 

In this investigation alloys X, Y, and Z in Fig. 2 
were prepared containing 54, 66, and 77 pct Sn re- 
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Fig. 4(a)—(left) Pb-66 wt pct Sn alloy showing eutectic radi- 
ating from Sn primaries suggesting nucleation of Pb by pri- 


mary Sn. X100. Reduced approximately 41 pct for reproduc- 


tion 

Fig. 4(6)—(right) Pb-54 wt pct Sn alloy showing no epitaxial 
relation between the Pb primaries and the eutectic. Both 
mixed acids etch. X250. Reduced approximately 41 pct for 
reproduction. 


spectively. (In all other systems of this type only 
alloys X and Y were prepared.) Drops of each alloy 
were cooled from above and below the liquidus tem- 
perature as described. The results are shown in 
Fig. 3. In Fig. 3(a) it can be seen that drops of alloy 
X, heated above the Pb liquidus, can be readily un- 
dercooled up to 54°C below the eutectic temperature. 
Since the Pb liquidus is 19°C above the eutectic tem- 
perature for alloy X, the maximum obtained under- 
cooling for nucleation of the Pb phase is 73°C. This 
is shown in Fig. 2 as point E (EP = 73°C). The maxi- 
mum undercooling of the Pb phase obtained by 
Hollomon- Turnbull as given by line I is about 51°C, 
thus it appears that their maximum undercooling 
does not refer to homogeneous nucleation but to nu- 
cleation by some impurity (as may well be the case 
in this investigation also). When drops of alloys on 
the Sn side of the eutectic are cooled from the liquid 
plus Sn region, Sn is already present and the only 
barrier to the freezing of the liquid below the eutectic 
temperature is the nucleation of the Pb phase. In 
Figs. 3(b) and 3(c), it can be seen that drops cooled 
from below the liquidus line show virtually no under- 
cooling. This means that, although Pb requires an 
undercooling of about 73°C for nucleation from the 
‘‘pure’’ liquid, the Pb phase requires no undercooling 
if solid Sn is present in the liquid, ¢.e., Sn nucleates 
Pb at somewhere between 0° and 0.5°C undercooling 
(G and J in Fig. 2). In Fig. 4(@) is shown the struc- 
ture of an alloy in which Sn has nucleated the Pb. As 
it can be seen the eutectic radiates from the Sn 
primary crystals. In an alloy containing only Pb 
primary crystals, very little lamellar eutectic was 
found, Fig. 4(d). 

To the right of the liquidus temperature in Figs. 
3(b) and 3(c) it can be seen that the ‘‘pure’’ liquid. 
can be undercooled about 57° and 35°C, respectively, 
with respect to the eutectic temperature or about 
64° and 51°C, respectively, with respect to the Sn 
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Fig. 5—Nucleation of the solid phase (5S) on a flat surface of 
a nucleating catalyst (X) in the liquid (L). 


liquidus (points H and K in Fig. 2). Both points H and 
K fall close to line III and thus agree with the results 
of Hollomon and Turnbull. To the left of the liquidus 
temperature in Fig. 3(a), the data indicate the under- 
cooling at which Sn is nucleated from the liquid in 
the presence of Pb primary crystals. It can be seen 
that a maximum undercooling of about 40°C below 
the eutectic temperature is required for this (Point 
D of Fig. 2). The undercooling below the Sn liquidus 
is obtained by extending a horizontal line through D 
to the extended Pb liquidus line and reading the ver- 
tical distance, 55°C, between this intersection and 
the Sn liquidus. It can also be seen in Fig. 2, how- 
ever, that this intersection occurs almost exactly on 
line III and gives virtually the same undercooling as 
shown by point K for nucleation of Sn in absence of 
Pb primaries. In other words, Pb has no apparent 
nucleating effect on Sn so that all that can be said is: 
AT(sn by Pb) 2 55°C. 

In Tables I and II are given the results for all the 
systems studied in this work. A few points of in- 
terest should be mentioned in connection with some 
of the systems studied. It will be noted that for nu- 
cleation of Bi in the presence of Co, the undercooling 
of Bi is greater than in the absence of Co. This is 
due to only one Bi-Co sample that showed an ab- 
normally high undercooling. It should not be inferred 
that Co increases the undercooling of Bi in general. 
The same is true for several other systems. In the 
Al-Sn system it was necessary to insure that Al 
rather than Al,O, was nucleating the tin at 19°C un- 
dercooling. A Sn-Al alloy containing Sn primary 
cyrstals was prepared and, although Al,0; was cer- 
tainly present on the surface of the drops, under- 
coolings of 33° to 42°C could readily be obtained. The 
19°C undercooling is thus attributed to the nuclea- 
tion of Sn by Al. In Tl systems the bcc to hep trans- 
formation could be observed at about 20°C under- 
cooling. The suddenness of the surface wrinkling 
suggested a martensitic type of transformation. In 
alloys of type II, chips cut from large samples were 
used as nucleating agents in most cases. Practically 
the same undercoolings were measured when as-cut, 
annealed, or single crystal nucleating particles were 
used. Thus it appears that lattice strains and grain 
boundaries have no decided effect on the results of 
this investigation. 


DISCUSSION OF RESULTS 


In Table I the difference in behavior of Pb and Tl 
as opposed to Bi and Sn is readily apparent. Every 
metal tried as a nucleating agent on Pb or Tl pro- 
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Table |. Undercooling Required for the Nucleation of A by B 
in Systems of Type II and III. 


Table II. Undercooling for the Nucleation of the Secondary Phase 
by the Primary Phase in Eutectic Systems of Type I. 


AT (aby 8) AT (aby 8) 
Nucleated Nucleating by B) System Below Eutectic Below Liq- 
Solid Max AT of A Agent bal a—B Max. AT of @ Temp., °C uidus, °C 

Pb i CaPb, 3.5 +0.5 Pb-Sn 73°C 0.25 + 0.25 0.25 + 0.25 
Pb 27 Fe 11.0 + ue Sn—Pb 52 240.0 255.0 
Pb 27 Co 0.25 Pb-A 24 1.5 + 0.25 1.0 +0.25 
Pb 27 Ni 2.25 + 0.25 
Pb 27 Cu 2.0 + 0.25 
Pb 27 Zn 2.5 + 1.0 Pb-Sb 25 6.0 +1 10.0 + 2.0* 
Pb 27 Ge 11.5 + 1.0 Sb-Pb 48 221.0 244.0 
Pb 27 TePb sent OS Pb—AuPb, 30 2.5 +05 5.5 +1.0 
Pb,Bi AuPb,—Pb 40 254.0 281.0 
Bi—Au,Bi 60 250.0 257.0 
Bi 60 Co 281.0 Pi 
Bi 60 Cu >59.0 Au, Bi—Bi 60 19.0 + 6.0* 
Bi 60 Ge 256.0 Bi-Ag 55 259.0 266.0 
Tl 15 Fe Rs. + i Ag-Bi 50 4.5 +1.0 28.0 +7.0* 
Tl 15 Co > > 
Tl 15 Ni 1.0 + 0.25 50 263.0 265.0 
a" 15 Ce 0.25 +. 0.25 Zn-Bi ? 0.25 + 0.25 0.25 + 0.25 
Tl 15 Ge 3.0 +0.5 Bi-Sn 35 217.5 231.0 
Tl 15 (Pb-T1) 1.5 +1.0 Sn-Bi 6.0 +1. 0 +2. 
Sn 50 Cu,Sn, 245.0 Sn—Zn 23 3.5 +0.5 4.5 +0.5 
Sn Zn—Sn 9 25.0 215.0 
Ag-Cu 70 29.0 +1.0 53.0 + 5.0* 
Sn 50 Al 19.0 +1.0 Cu—Ag 55 253.0 2108.0 
Ag-Ge 60 16.0 + 1.0 + 2.0* 
Ge—Ag 30 217.0 5.0 
duced nucleation at low undercooling (undercooling + 0.75 
small compared to the undercooling required for 233.0 
Pb, Bi-Bi 45 4.5 +1.0 8.5 + 3.0* 
homogeneous nucleation.) In the case of Bi, every- Bi_Pb.Bi 30 >30.0 
thing tried as a possible nucleating agent showed no Ti- Po B 25 +1.0 25 +10 
nucleating effect in the observable undercooling Ag—Tl ? 215.0 260.0 
range (about half way to the undercooling for homo- Tl-Au 11 >9.0 >12.0 
geneous nucleation). In the case of Sn, only the SbSn Au-Tl ? 27.0 231.0 
compound gave low undercooling. This behavior T1-Sn 10 ‘ 0.25 + 0.25 . 0.25 + 0.25 
correlates with the common experience that even Sn—Tl 
bulk samples of Bi and Sn can sometimes be under- 
cooled about 20°C, whereas bulk samples of metais 
of simple structure such as Pb can rarely be under- “Sb—Ag,Sb 30 >48.0 362:0 


cooled more than a few degrees. 

In the eutectic systems shown in Table II, it can be 
seen that in all but two, (in which no nucleating effect 
could be detected) one of the solid phases nucleates 
the other at low undercooling while for the reverse 
case, no nucleating effect is observed. It can also 
be seen that the metals investigated can be placed in 
a series having the property that a metal, A, in the 
series nucleates (in all cases tested) any metals B 
above it (or an A-B compound) at low undercooling 
but has no observable nucleating effect on any metal 
C (or any A-C compound) below it. This series is 
shown in Table III. 

The division of metals into three groups is defi- 
nite; the relative place of each metal within the 
group is not as definitely ascertained, especially 
for the metals of the second group, in which only the 
relative positions of Ag and Cu are known. 

This series shows that the metals with ‘‘complex’’ 
structures are difficult to nucleate and are good nu- 
cleating agents whereas the metals of simple struc- 
ture are readily nucleated and are poor nucleating 
agents. Also shown in Table III are the entropies of 
fusion for the metals listed. It can be seen that they 
are in approximate increasing order down the series 
and therefore might be used to predict the ‘‘nucleat- 
ing power’’ of a metal. 

In depositing various metals from the vapor on 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


*Note — The measurements of undercooling were accurate to +1°C. 
The larger ranges shown are caused by uncertainty of the liquidus tem- 
perature. 


Ag,Newman’”’ found that Pb, Tl, and Ag show epi- 
taxial growth on Ag; Au and Ni show formation of 
disoriented crystals; Sn and Sb form amorphous 
layers up to 8Athick. This behavior correlates well 
with the results of this investigation (Table II) if it 
is assumed that heterogeneous nucleation from vapor 


Table Ill. ‘‘Nucleation’’ Series 


og o,/T° AS (Fusion) 
Metal Cal per Mole Cal per Moleper°K Cal per Mole per°K 
(512) (0.80) 1.78 
Pb 479 0.80 1.81 
Ag 1,240 1.00 2.18 
Au 1,320 0.99 2.28 
Cu 1,360 1.01 2.09 Il 
Ni 1,860 1.08 2.44 
Co 1,800 1.02 2:42 
Fe 1,580 1.01 2.01 
Ge 2,120 71 5.93 
Sn 720 1.47 3.32 
Zn (870) (1.26) 2.51 Il 
Bi 875 1.52 4.83 
Sb 1,430 1.59 5.25 
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Table IV. Calculated (0x, -ay5)/os, in Systems Where a Definite 
Nucleating Effect was Observed 


Cos Cos 

Nucleated Nucleating |Nucleated Nucleating 2XL ~OXS 
Solid Agent OSL Solid Agent OSL 
Pb CaPb, 0.96 Sn Al 0.84 
Pb Fe 0.87 Pb Sn 21.0 
Pb Co 21.00 Pb Ag 0.99 
Pb Ni 0.97 Pb Sb 0.89 
Pb Cu 0.97 Pb AuPb, 0.94 
Pb Zn 0.97 | Au,Bi Bi 0.78 
Pb Ge 0.88 Ag Bi 0.38 
Pb TePb 0.998 Zn Bi 21.0 
Pb,Bi Bi 0.92 Sn Bi 0.89 
Tl Fe 0.91 Sn Zn 0.95 
cul Co 0.89 Ag Cu 0.46 
71 Ni 0.99 Ag Ge 0.75 
Tl Cu 21.00 Au AuSb, 0.98 
a4 Ge 0.97 Tl Ag 0.97 
a1 (Pb-T1) 0.99 iu Sn 71.0 
Sn SbSn 0.98 


and from liquid are similar processes. Pb and Tl 
(as well as Ag) are nucleated by Ag and epitaxial 
growth takes places. Au and Ni are not nucleated by 
Ag but by some impurity and there is no epitaxy with 
Ag. Sn and Sb, which are hardest to nucleate are 
not nucleated by Ag, nor by the impurities present, 
and deposit as amorphous layers. 
Most of the current interpretations of experi- 
ments on nucleation in liquid metals are based on 
the theory that lattice misfit between the nucleated 
metal and the nucleating catalyst determines to a 
large part the undercooling for nucleation. A close 
fit between the lattice parameters of the catalyst and 
solid is believed necessary for low undercooling. 
The results of this investigation are not compatible 
with this theory. Since the same misfit is involved, 
the lattice misfit theory requires about the same un- 
dercooling for nucleation of A by B as for nucleation 
of B by A. This was found not to be true in all the 
cases where a nucleating effect was detected. (In the 
Ag-Sn and Ag-Sb systems no nucleation effect was 
observed on either side of the eutectic.) Thus it ap- 
pears that lattice misfit is not the controlling factor 
in heterogeneous nucleation from metallic liquids. 
Volmer,** Turnbull,** and Fisher’® have developed 
theory of heterogeneous nucleation based on an in- 
terfacial energy barrier to nucleation. According to 
this theory, the nucleus of the solid, S, forms from 
the liquid, L, as a sector of a sphere on the flat sur- 
face of the nucleation catalyst, X, as shown in Fig. 5. 
When @ is less than 180° the interfacial energy bar- 
rier for the heterogeneous nucleation is less than 
that for homogeneous nucleation. The angle @ is as- 
sumed to satisfy the equilibrium relation: 
Cos 6 = [1] 


where oy, is the interfacial free energy between the 
X and L phases, and so forth. The nucleation rate is 
given by: 


I = A exp [-(AF*f(0)+ AF4)/kT] [2] 


where / is the number of critical nuclei forming per 
second per sq cm of liquid-catalyst interface, AF*f(6) 
is the free energy of formation of a critical nucleus, 
Fig. 5 and A is a constant (~ 10°). AF,4, where a 


11-13 
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change of composition is involved in the nucleation, 
is the activation energy of diffusionacross the liquid- 
solid interface or the activation energy for diffusion 
through the liquid. Both these quantities are about 
1kT. AF*and are given by: 


AF*= (1617/3) (og, T3/AH? AT?) 
and 
f(0) = (2 + cos 6) (1 -—cos [3a] 


where AHy is the volume heat of fusion, 7) is the 
liquidus temperature of the alloy of the composition 
of the liquid just before freezing, and AT is the un- 
dercooling below the liquidus. The volume heat of 
fusion of a solid metal phase in an alloy is given to 
a close approximation by: 
AHy = AH? + [4] 
and is a partial volume quantity. AH? is the volume 
heat of fusion of the pure metal. AHpix is the partial 
volume heat of mixing of the pure nucleated metal 
into the liquid alloy. Data of this type have been 
tabulated by Kubaschewski and Catterall.’” The im- 
plicit assumption is made, both in the statement of 
the validity of Eq. [4] and in using the above AH¢ 
in Eq. [3], that the critical nucleus is pure metal 
rather than a solid solution. 

Eq. [2] can be solved for f(@) using relations [3] 
and [4] giving: 
fl) = 3 AT?[AHf + AHmix|’ [RT In (A/I) — 

167 o& T? 

I can be taken as corresponding to 107*nuclei per 
sec. for a 100-u-diam nucleating agent. To obtain 
Osr, the assumption must be made, for complete lack 
of data, that os; is the same in the pure metal as in 
the alloy. The maximum undercooling in the Pb-Sn 
system and inthe Ni-Cu system™ indicates that this 
may be a good assumption in many cases. In any 
case, if it is assumed that og, is not raised dras- 
tically in going from a pure metal to an alloy, the 
conclusions of this work are not dependent on the 
assumption of constant osy. The values of os; for 
a number of pure metals have been determined by 
Turnbull.** For materials not listed and for Pb the 
empirical relation found by Turnbull that the molar 
solid-liquid interfacial energy is about 0.45 times 
the molar heat of fusion was used to determine og_.- 
Using Eq. [5], Eq. [3a], and the undercoolings listed 
in Tables I and II as definite values, it is thus pos- 
sible to compute (oxz—05x)/osz for a majority of 
the systems studied. The final results are shown in 
Table IV. It will be noted that in all but a few sys- 
tems, the relation between the three interfacial 
energies is: 
= Osx + OSL 
This relationship was found to hold for nearly all 
the systems in which the two sides were investigated 
and in over half of the systems in which only one side 
was investigated. This arises because, in virtually 
all cases, one of the two phases of the system nucle- 
ates the other at undercoolings well below those re- 


quired for homogeneous nucleation. 
It is known that typical solid-solid interfacial 
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energies (such as large-angle grain boundary ener- 
gies) are about two times the corresponding liquid- 
solid interfacial energies.’*™ If the solid-solid in- 
terfacial energies were twice as large as the average 
liquid-solid interfacial energies values of cos 9<-1 
would result in formula [1], which would mean no 
contact between the nucleating agent and the nucle- 
ated solid. Obviously this means that heterogeneous 
nucleation would never occur. 

However, is it also known that small angle bound- 
aries or twin boundaries, in which a certain amount 
of registry exists between the two crystals (or parts 
of the crystal) have relatively low interfacial ener- 
gies. Since heterogeneous nucleation takes place, 
and often with very low undercoolings, a certain co- 
herency between the two solid phases is necessary 
to reduce the solid-solid interfacial energies to 
reasonable values. However, a dilemma arises at 
this point. The results of this investigation require 
that oxs be small—but just small enough to make 
oxy Slightly less than oys + ogz and no smaller. 
Otherwise cases of no interfacial energy barrier 
to nucleation would be very frequent making under- 
coolings of 0°C about as common as finite under- 
coolings. The results of this investigation indicate 
that this is not so. This difficulty can be avoided, 
however, if it is assumed that in many cases the 
interfacial energy barrier to nucleation is very small 
or negative and that a new barrier becomes impor- 
tant. One model for this barrier that fits the other 
results of this investigation can be described as 
follows. Consider the eutectic system between the 
solid phases X and S and let oxy > ogy (which, for 
the nucleation of § by X, is necessary in order that 
the interface energy barrier to nucleation be very 
small or negative). It is then feasible for the energy 
of the system to be lowered by having the X crystals 
coated with a thin coherent or partially coherent 
layer of solid S at the X-liquid interface. (By a par- 
tially coherent layer is meant one with an interface 
with the substrate in which the disregistry is partially 
taken up by dislocations. ) 

Crystallization in this case is essentially the 
thickening of this layer. However, thickening of this 
layer involves an increase of strain energy and per- 
haps some loss of coherency between the two lattices. 
Accordingly the barrier to solidification is the strain 
energy involved in increasing the thickness of the 
film. Because this strainenergy is presumably small, 
freezing requires only low undercoolings. 

When oxyz is less than ogz, there is an interfacial 
energy barrier to nucleation of S by X regardless of 
the value of oxg and the undercoolings in this case 
are large. This explains the experimental observa- 
tion that, in a binary system, one phase nucleates the 
second at low undercooling while the second has no 
nucleating effect on the first at any but high under- 
coolings. 

The existence of the series in Table III and the dif- 
ference in the behavior of Pb and Tl as opposed to 
Bi and Sn can also be explained. The nucleation be- 
havior can be seen to be controlled by the relative 
magnitude of the solid-liquid interfacial energies in- 
volved. The solid-liquid interfacial energy of the 
nucleation catalyst can be seen to act as a part of the 
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driving force for nucleation, and the solid-liquid in- 
terfacial energy of the nucleated solid appears to act 
as the barrier to nucleation. Thus metals that tend 
to have high interfacial energies with liquids are 
good nucleating agents and are hard to nucleate 
(e.g., Bi and Sb). Those metals that tend to have low 
interfacial energy with liquids are easy to nucleate 
and are poor nucleating agents (e.g., Pb and T1). 

It is to be expected then that the order of metals 
down Table III is that of increasing solid-liquid in- 
terfacial energy. In the second column of Table III 
are shown the gram atomic solid-liquid interfacial 
energies, 0g, as determined by Turnbull.”® 

In the first and second groups,which contain metals 
of simple crystal structure, the experimental results 
indicate that the behavior is as predicted. Since 
liquid-solid interfacial energies are almost directly 
proportional to the melting point for metals of simi- 
lar crystal structures, it can be predicted that, in 
binary alloys of these metals, the higher melting 
point metal should nucleate the lower melting point 
metal at low undercooling while a large undercooling 
should be involved in the reverse nucleation. 

The elements of the third group (all of which have 
complex crystal structures) show interfacial ener- 
gies lower than expected from their behavior in nu- 
Cleation. This can be explained by postulating that 
the solid-liquid interfacial energies are anisotropic. 

If this is true, the interfacial energies listed in 
Table III represent intermediate values, probably 
toward the lower end of the range. For metals of 
simple crystal structure, this anisotropy is relatively 
small. In complex crystals, however, there probably 
exist planes with considerably higher than average 
solid-liquid interfacial energy. These planes can 
thus serve to nucleate other metals. 

Since it appears necessary to postulate that the 
nucleus must be coherent or partially coherent (have 
an interface in which part of the disregistry is taken 
up by dislocations ) with the nucleating agent, the 
abnormal diffusivity of nucleating metals of ‘‘com- 
plex’’ structure seems readily explainable. (All 
structures which apparently involve directional 
bonding are referred to as ‘‘complex’’). In metals 
of ‘‘complex’’ structure the energy of dislocations 
is high. Thus, the energy to form a partially co- 
herent interface should be very high. Thus, the un- 
dercooling for nucleation of ‘‘complex’’ metals 
should be very high (except possibly for nucleating 
agent - metal pairs which have planes that can fit 
together with very low disregistry). 

It is to be noticed that if the og values in Table IV 
are divided by the metling point (column 3), the third 
group falls into line with the other groups. Although 
the implications of this correlation cannot at present 
be explained, its interpretation may give a better in- 
sight into solidification phenomena. 


CONCLUSIONS 


The results of this investigation indicate that in 
heterogeneous nucleation from metallic liquids: 
1) Metals that are difficult to nucleate (.e. those 
for which few potential catalysts have observable 
nucleating effects) are good nucleating agents (?.e. 
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often show catalytic effects in the nucleation of 


other metals). 
2) Metals that are easy to nucleate are poor nu- 


cleating agents. 
3) Lattice misfit between nucleating agent and 
nucleated solid probably is of only minor signific- 


ance. 

4) Metals that are good nucleating agents have 
complex or open structures, and high entropies of 
fusion. The theory of nucleation based on relative 
interfacial energies requires that these metals have 
high solid-liquid interfacial energies. 

5) Similarly, metals that are poor nucleating 
agents have simple structures, low entropies of 
fusion, and should have low interfacial energies 
with metallic liquids. 
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copper, in powder form, were internally oxidized, compacted, and 
extruded, to produce Cu-Alz03 and Cu-SiOz2 alloys with 0.1 to 12 
vol pct of oxide. Room-temperature tensile tests, creep-rupture 
tests from 450° to 850°C, conductivity measurements, and recrys- 
tallization studies were made. Oxide particle size and interparticle 
spacings were determined in an effort to relate the structure to 
measured strength values by means of known dispersion strength- 


ening theories. A new dispersion strengthening theory, based on 
the effect of the dispersed phase on the retention of strain energy 
from the deformation step, is proposed for this type of alloy. 
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Tue study of dispersion strengthening is of par- 
ticular interest in high-temperature materials tech- 
nology in view of the excellent creep-rupture prop- 
erties and thermal stability achieved with SAP.’ 
Considerable effort has been devoted to this study in 


- recent years, and encouraging results have been ob- 


tained in a number of systems.° In general, the most 
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stable structures have been found in systems employ- 
ing an oxide as the dispersed phase. 

The process of internal oxidation’ offers a con- 
venient means of obtaining a highly dispersed phase 
in a pure metal matrix. By this process, appreciable 
hardening was achieved by Meijering and Druyvesteyn® 
in dilute solid solution alloys of Cu and of Ag. Martin 

and Smith reported® a marked increase in the creep 
strength of Cu-0.05 pct Al after internal oxidation at 
850° and 900°C. 

The general problem of the strengthening of metals 
by a highly dispersed minor phase has received a 
considerable amount of attention. By an extension of 
the theory proposed by Mott and Nabarro,*° Orowan”™ 
derived a relationship from which yield strength is 
predicted to be inversely proportional to particle 
spacing. In a study of Fe-C alloys, Gensamer et al.’ 
found yield strength to decrease linearly with in- 
creasing logarithm of the mean free path in the fer- 
rite. A similar investigation by Roberts, Carruthers, 
and Averbach’® confirmed these results, while Shaw,'* 
working with overaged Al-Cu alloys, found better 
agreement using the logarithm of yield strength. 

It is implicit in the above analyses that strength is 
independent of the amount of the dispersed phase in 
the range studied. The theory of Fisher, Hart, and 
Pry’* considers explicitly the amount of the second 
phase. From their analysis, the hardening increment 
after considerable plastic strain is predicted to be 
inversely proportional to particle radius and pro- 
portional to the 3/2 power of volume fraction of the 
dispersed phase. Hibbard and Hart’® reported some 

agreement with this prediction in a study of Cu-Cr 
alloys, although their results showed considerable 
scatter. The results of Gregory” for internally 
oxidized Ag-Al alloys, and of Gregory and Grant?® 
for a series of alloys of the SAP type, tend to sup- 
port the Orowan relationship. Working with alloys 
prepared by the extrusion of mechanically mixed 
nickel and alumina powders, Cremens and Grant™® 
also observed some agreement with Orowan’s model, 
as did Bourdeau’® with a series of silver-alumina 
alloys. On the other hand, the results of Lenel, 
Backensto and Rose” tend to favor the Gensamer 
relationship. 

Keeler” observed a linear relationship between 
flow stress and volume fraction of dispersed phase 
in Zr-Cr alloys, with some deviation towards higher 
flow stresses with the finer particle sizes. Hyam and 
Nutting” also reported a dependence on the amount of 
the dispersed phase, but found no agreement with 
existing dispersion hardening theories. 

The emphasis in the work discussed above has been 
primarily on the effect of dispersions on the room- 
temperature strength. A recent analysis by Weert- 
man” concerns the derivation of creep equations for 
dispersion hardened alloys in the higher temperature 
range, where dislocation climb becomes important. 
In this model the rate-controlling process is as- 
Sumed to be the climb of dislocations over the dis- 
persed particles. Ansell and Weertman™ have since 
reported that creep tests on an alloy of the SAP type 
do not support the model. 

There appears, then, to be general qualitative 
agreement concerning the effect of particle size and 
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spacing on room-temperature strength, while the de- 
pendence on amount of dispersed phase is not well 
established. The role of the dispersion in high-tem- 
perature strength has not been extensively studied. 
The present report covers a study of the room-tem- 
perature and creep-rupture properties of copper 
alloys dispersion strengthened with silica and with 
alumina, produced by hot, high strain rate deforma- 
tion (extrusion) of internally oxidized alloy powders. 


EXPERIMENTAL PROCEDURE 


Preparation of Alloys—A series of four dilute al- 
loys of Cu-Si and three of Cu-Al were obtained in a 
range of compositions to give from 0.1 to 12 vol pct 
oxide after internal oxidation. The vacuum melted 
alloy bars were cold swaged to 50 pct reduction of 
area and annealed in helium for 50 hr at 1000°C for 
homogenization. The homogenized bars were re- 
duced to chips on a milling machine, then treated for 
4 hr in a stainless steel rod mill to give a powder 
which passed through a 20-mesh screen. 

A preliminary study was made of depth of pene- 
tration of internal oxidation as a function of time, 
temperature, and solute content, using solid sam- 
ples embedded in a mixture of Cu and Cu20 powders. 
The results of this preliminary study, which were in 
general agreement with those of Rhines, Johnson, and 
Anderson,~° formed the basis for treatment of the 
powder materials. 

Wood has shown”’ that in an atmosphere produced 
over a Cu-Cu.0O mixture the oxygen is transferred in 
the gas phase as the Cu20O molecule, resulting in the 
formation of a copper surface layer of a thickness 
proportional to the quantity of oxygen used in the 
internal oxidation reaction. Since this would amount 
to approximately 10 pct of the sample volume with 
the alloys of higher solute content, the method could 
not be used for internal oxidation of the present pow- 
der materials. 

Attempts to use CO, or water vapor as the oxidiz- 
ing atmosphere resulted in the formation of surface 
films of the solute oxide, which prevented internal 
oxidation from taking place. This effect was pre- 
sumably due to the decrease in rate of delive.y of 
oxygen as a result of the strong adsorption of CO or 
H,O at the surface. Consequently, the method adopted 
for internal oxidation of the alloy powders involved 
the surface oxidation of the sample to cuprous oxide 
(plus solute oxide) by heating in a measured volume 
of oxygen at 450°C. The oxygen from the surface 
film was then diffused into the sample by heating in 
a sealed container at the desired temperature for 
internal oxidation. While this method resulted in 
some disturbance of the surface layer of the par- 
ticles, the effect was held to less than 3 pct of the 
sample volume by limiting the volume of oxygen 
added in any given step. This required that the 
treatment be accomplished in four steps for the 
higher alloy contents. 

A 500-g batch of alloy powder plus a small solid 
sample were internally oxidized as described above, 
then hydrogen-reduced at 450°C to remove any ex- 
cess oxygen. The solid sample and some of the 
larger powder particles were sectioned for metal- 
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Table 1. Sample Numbering Code of Alloys Produced 


Solute Content Internal Oxidation Temperature °C 


(Wt Pct) 650° 750° 850° 950° 
0.01 Si $10 S11 _ $13 
0.07 Si $20 $21 — $23 
0.25 Si $31 $33 
1.59 Si - S41 S42 - 
0.09 Al B10 B11 - B13 
0.23 Al B20 B21 = B23 
0.77 Al - B31 - B33 


lographic measurement of the depth of penetration 
of internal oxidation. The treated powder was vi- 
brated into a copper container to a packing density 

of approximately 50 pct, evacuated, and sealed for 
extrusion without compacting or sintering. 

The samples were extruded at 760°C with a ram 
speed of 55 ipm at an extrusion ratio of 28 to 1, to 
give a rod approximately 1/4 in. diam, by 48 in. 
long. A list of the alloys produced is givenin Table I. 

Determination of Structure Parameters—A weighed 
sample of each extruded alloy was dissolved in 20 pct 
nitric acid in a dialysis bag, the oxide residue was 
washed by dialysis, dried and weighed. The residue 
weight was compared with the value calculated from 
the analysis of the starting alloy as a check on the 
effectiveness of the oxidation treatment and the ex- 
traction procedure. 

The extracted residues were identified by X-ray 
diffraction. In a number of the alumina alloys both 
@ and y alumina were found, and in such cases the 
composition of the mixture was determined from in- 
tegrated line intensities. A calibration curve for 
this purpose was constructed from a series of stand- 
ard samples by mixing @ and vy alumina of particle 
sizes comparable with those of the extracted samples. 

Oxide particle sizes were calculated from X-ray 
line broadening by the method of Scherrer.” Instru- 
mental broadening was determined with the aid of a 
silicon standard, and further checked against a line 
of the coarse alpha alumina in the standard samples. 

Values of mean free path between oxide particles 
were calculated on the basis of nominal alloy compo- 
sition and oxide particle size measured by X-ray 
line broadening, using the relationships given by 
Fullman.~ The oxide particles were assumed to be 
uniform spheres, on the basis of the work of Martin 


Fig. 1—Solid sample of Cu-0.77 pct Al 
internally oxidized at 950°C. Etchant 
NH,OH-H,0,. X500. Reduced approxi- NH,OH-H,O,. X500. Reduced approxi- Etchant NH,OH-H,O,. X500. Reduced 


mately 41 pct for reproduction. 
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Fig. 2—Powder particle of Cu-0.77 pct 
Al internally oxidized at 950°C. Etchant ternally oxidized at 950°C and extruded. 


mately 41 pct for reproduction. 


Table II. Calculated Values of Structure Parameters for Extruded Alloys 


Alloy Particle Volume fa/ Mean Free 
No. Radius, A Fraction cm=* Path, p 
$10 326 0.001 7 54.3 
S11 417 0.001 5 69.5 
$13 1000 0.001 2 166.5 
$20 254 0.006 174 5.8 
$21 353 0.006 125 8.1 
$23 628 0.006 70 14.4 
$31 261 0.021 1,140 1.65 
$33. 314 0.021 950 1.98 


0.21 


B20 67 0.011 1,720 0.81 
B21 55 0.011 2,100 0.66 
B23 47 0.011 2,460 0.56 
B31 59 0.036 11,500 0.21 
B33 83 0.035 7,860 0.31 
B33(A) 73 0.034 8,730 0.27 


Note: (A) annealed 1 hr at 1080°C. 
*f is volume fraction of oxide; r is radius of oxide particle (average) 


and Smith.*° Where an oxide of two distinct particle 
size groups was found, as in a number of the alumina 
alloys, the reciprocal average radius was used, as 
suggested by Smith and Guttman. 

Densities of the extruded alloys were measured by 
loss of weight in water, and compared with calculated 
values based on nominal composition. 

Mechanical Testing— Threaded tensile test bars 
with gage dimensions of 0.16 in. diam by 1 in. long 
were machined from the extruded rods. Room-tem- 
perature tensile tests were made in the as-extruded 
condition, and on some of the alloys after annealing 
for 1 hr at 1000°C. Creep-rupture tests were con- 
ducted in air at 450° and 650°C and in nitrogen at 
850°C, in the as-extruded condition. 

Annealing Studies--Samples of the extruded rods 
were heated for 1 hr in argon at temperatures up to 
1080°C. The progress of annealing was studied 
mainly by room-temperature hardness measure- 
ments, supplemented by tensile tests, Laue back- 
reflection patterns, and metallography. A brief study 
was made in the electron microscope using the par- 
lodion replica technique; and electrical resistivity 
measurements were made on a number of the alloys. 


Fig. 3—Cu-0.07 pct Si alloy; powder in- 


approximately 41 pct for reproduction. 
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S41 214 0.120 19,500 
S42 174 0.120 23,960 0.17 
B10 101 0.004 278 3.12 
Bll 152 0.004 179 4.81 
. B13 148 0.004 184 4.70 
Th 
Tt 


«= 


Fig. 4—Cu-0.77 pct Al alloy; powder internally oxidized at 
950°C and extruded. Etchant NH,OH-H,O,. X500. Reduced 


approximately 41 pct for reproduction. 


RESULTS 


The results of oxide content determined by extrac- 
tion were in excellent agreement with the calculated 
values in the Cu-Al,O, alloys. The values for the 
Cu-SiO2 alloys were consistently somewhat higher 
than the calculated values, and the residues were 
dark brown in color. This was taken to indicate that 
there was some copper or copper oxide in solution in 
the silica. For the calculation of structure param- 
eters the nominal oxide content determined from the 
chemical analysis of the original alloy was used in 
each case. 

The types of oxide dispersions obtained by the in- 
ternal oxidation of the solid specimens and of the 
powder particles are shown in Figs. 1 and 2, respec- 
tively. The oxide in the Cu-SiO, alloys was identified 
as @ cristobalite. The Cu-Al,O; alloys in general 
contained mixtures of fine y and coarse @ particles. 
The reciprocal average particle size was calculated 


Table Ill. Room-Temperature Tensile Results 


Elonga- Red. Area, 


Alloy Volume Yield, Psi Ultimate 
tion, Pct Pct 


No. Pct, Oxide (0.2 Pct Offset) Psi 


(A) As-extruded condition 

$10 19,900 
S11 17,700 
$13 15,800 
$20 . 29,100 
$21 26,600 
$23 i 20,700 
$31 A 34,400 
$33 27,500 
S41 29,000 
$42 25,000 
B10 i 42,800 
Bll 40,800 
B13 45,200 
B20 55,800 
B21 A 54,500 
B23 58,200 
B31 63,800 
B33 . 65,100 


(B) Annealed 1 hr at 1000°C 


$13 7,400 
$23 9,500 
$33 16,700 
S42 : 16,300 
B13 41,500 
B23 54,200 
B33 : 59,200 


*Broke in threads. 
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Fig. 5—Summary of creep-rupture results for Cu alloy 
powders internally oxidized at 950°C and extruded. 


300 400 


from the amount and particle size of each modifica- 
tion determined by the X-ray analysis. Results of 
alloy composition, oxide particle size, and mean free 
path are given in Table II. 

Typical microstructures of the as-extruded ma- 
terials are shown in Figs. 3 and 4. The stringers of 
coarse @ alumina particles seen in Fig. 4 result 
from the effect of extrusion on the grain boundary 
oxide concentrations shown in Fig. 2. The measured 
density of the extruded materials was greater than 
99.3 pct of the calculated values, except for the al- 


Table IV. Interpolated Values of Creep-Rupture Data 


Values for 100-Hr Rupture Life 
Elong., Pct Red.Area, Pct 


Alloy Volume Oxidation 
No. Pct, Oxide Temp.,°C Stress, Psi 


(A) Tested at 450°C in air 


6,300 

5,200 

2,400 
10,500 

8,800 

4,000 
13,500 
12,000 
15,000 
13,000 
15,500 
15,500 
17,000 
30,000 
27,000 
31,000 
36,500 
38,000 


WO 


(B) Tested at 650°C in air 


$13 0.1 950 700 
$23 0.6 950 730 
$33 950 3,000 
B13 0.4 950 7,500 
B23 1.1 950 16,000 
B33 3.5 950 21,000 


(C) Tested at 850°C in nitrogen 


$13 0.1 950 
S23 0.6 950 
$33 2.1 950 
B13 0.4 950 
B23 1.1 950 
B33 3.5 950 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VOLUME 221, FESRUARY 1961-167 


40 — 

200 700 800 900 
age) 
a 
2d 

$11 0.1 760 
550 
$21 0.6 750 
34,800 33 73 $23 0.6 950 

34,000 40 76 $31 2.1 750 tage 

37,100 41 61 $33 2.1 950 re 

39,800 28 74 S41 12.0 750 
39,300 30 74 $42 12.0 850 
36 ,000 38 63 B10 0.4 650 13 
44,300 16 42 Bll 0.4 750 2 a4, 
41,800 25 59 B13 0.4 950 14 Mec a 
40,000 5 10 B20 1.1 650 11 eee i: 
38,000 9 11 B21 1.1 750 8 Roe a, 
51,100 23 73 B23 1.1 950 6 Pee ae 
49,200 22 67 B31 3.6 750 10 ee ee 
54,700 22 68 B33 3.5 950 10 ee 
65,800 20 52 
63,800 16 43 

68,000 19 54 3 2 

72,700 13 32 2 

76,000 13 31 3 4 
1 4 

31,100* 27* o* 3 8 

34,800 25 40 

31,800 13 13 90 5 0 

52,300 18 44 180 5 0 TR 
65,400 14 30 320 6 0 a a 
71,400 12 13 2,200 1 2 jel se aie 


T 
Rupture 0.26 hr. 
4% 


Internally Oxidized at 950°C 
si Tested at 850°C in Nitrogen 


n 


Rupture 1.05 hr. 
2% 


Creep Strain - % 


Cu-0.77% Al 
12,500 p.s.i. 


0.6 0.8 1.0 
Elapsed Time - Hours 

Fig. 6—Creep curves of internally oxidized and extruded 

Cu powder alloys tested at 850°C in nitrogen. 


loys with higher silica content, which were in the 
range of 95.8 to 98.4 pct of theoretical density. 

Room-temperature tensile data are shown in Table 
III. Creep-rupture results at 450°, 650°, and 850°C 
are summarized in Table IV and Fig. 5. Typical 
creep curves at 850°C for the strongest and weakest 
alloys in the series are shown in Fig. 6. Photo- 
micrographs of the fracture areas of these two spe- 
cimens are given in Figs. 7 and 8. Complete stress- 
rupture curves for these two alloys are shown in 
Figs. 9 and 10, and minimum creep rate data are 
plotted in Fig. 11. 

Results of annealing studies on the six alloys in- 
ternally oxidized at 950°C are presented in Fig. 12. 
Alloy B33, containing 3.5 vol pct Al,0O3, showed un- 
usually high resistance to annealing. Some softening 
was observed, however, after 1 hr at 1080°C, and 
was accompanied by a slight amount of recrystalliza- 
tion, as shown in Fig. 13. A decrease in hardness on 
annealing was in all cases accompanied by an in- 
crease in the fraction recrystallized as determined 
by metallographic examination. These observations 
were supported by the X-ray results, as shown in 
Figs. 14 and 15. There was no detectable shift in the 
Debye rings as a result of annealing, but the hard- 
ness decrease was accompanied by the appearance 
of spots on the Laue photogram. 

The alloys produced by internal oxidation at 950°C 
were examined in the etched condition under the 
electron microscope. No attempt was made to meas- 


oxidized at 950°C and extruded. Rupture life 1.05 hr at” 
12,500 psi; 850°C in nitroge.. Etched, X500. Reduced ap- 
proximately 41 pct for reproduction. 
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Si alloy internally 
oxidized at 950°C and extruded. Rupture life 0.26 hr at 

1000 psi; 850°C in nitrogen. Etched, X500. Reduced ap- 
proximately 41 pct for reproduction. 


ure oxide particle size or spacing by this means. A. 
fine block structure was observed, similar to that 
reported by Heidenreich, Sturkey, and Woods.” 
While there was a slight trend towards smaller block 
size with increasing strength in the alloys, no defin- 
ite correlation could be established. A typical struc- 
ture is presented in Fig. 16. This block structure 
was not observed in the recrystallized areas of the 
alloys annealed at 1000°C, as shown in Fig. 17. 

The electrical resistivities of the six alloys in- 
ternally oxidized at 950°C were approximately 2.7 
micro ohm-cm., were independent of oxide content 
and remained essentially unchanged by the 1000°C 
annealing treatment. 


DISCUSSION OF RESULTS 


Creep-rupture strength and room-temperature 
yield strength increased with decreasing oxide par- 
ticle size, and with increasing oxide content up to 
3.5 vol pct. With the highest oxide content, 12 vol 
pct SiO2, the strength dropped considerably below 
that of the intermediate alloys in the series. This 
strength decrease was accompanied by lower density 
in the extruded product and a much less uniform dis- 
tribution of the oxide. 

In the silica alloys, the oxide particles size de- 
creased sharply with decreasing temperature of in- 
ternal oxidation. A slight and somewhat irregular 
dependence of particle size on internal oxidation 


: 
— 
450°C 
i ~ 
= 
internally Onidized at 950°C 
4 
0.02 0.1 I 10 100 500 


Rupture Life - Hours 
Fig. 9—Stress-rupture results for internally oxidized and 
extruded Cu-0.01 pct Si alloy, tested at 450°, 650°, and 
850°C. 
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Fig. 8—Fracture area of Cu-0.77 pct Al alloy internally | 
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Fig. 10—Stress-rupture results for internally oxidized and 
extruded Cu-0.77 pct Al alloy, tested at 450°, 650°, and 
850°C. 
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Fig. 12—Room-temperature hardness after 1 hr anneal, 
for copper powder alloys internally oxidized at 950°C and 
extruded. 


temperature was observed in the alumina alloys, and 
the alumina particles were much smaller than the 
Silica particles in all cases. This behavior is re- 
flected in the strength data given in Figs. 9, 10, and 
11, and Tables III and IV. 

The strongest alloys exhibited a decreasing creep 
rate over a major portion of the rupture life, even 
in tests conducted at 850°C. Fractures were of the 
shear type, and in some cases were found to initiate 


Fig. 14—Cu-9.25 pet Si powder alloy internally oxidized at 
950°C and extruded. Filtered Cu radiation. (a) As extruded. 
(b) Annealed 1 hr at 600°C. (c) Annealed 1 hr at 1000°C. 

(¢) Annealed 1 hr at 1050°C. 
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Fig. 11—Stress vs minimum creep rate for internally oxi- 
dized and extruded Cu powder alloys, tested at 450°, 650°, 
and 850°C. 


Fig. 13—Cu-0.77 pct Al alloy powder internally oxidized at 
950°C, extruded then annealed 1 hr at 1080°C. Etchant 
NH,OH-H,0,. X500. Reduced approximately 41 pct for re- 
production. 


at small intercrystalline cracks which developed in 
recrystallized areas of the specimen. (See Fig. 8). 
The weakest alloys showed the tertiary creep and 
extensive intercrystalline cracking which are typical 
of high-temperature behavior. 

The most significant microstructural feature of 
these alloys is the retention of the strained matrix 
after extrusion, as shown in Figs. 3 and 4. The lower 


D 


Fig. 15—Cu-0.77 pet Al powder alloy internally oxidized at 
950°C and extruded. Filtered Cu radiation. (a) As extruded. 
(6) Annealed 1 hr at 600°C. (c) Annealed 1 hr at 1000°C. 

(¢) Annealed 1 hr at 1080°C. 
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Fig. 16—Cu-0.77 pct Al alloy internally oxidized at 950°C 
and extruded. Etchant NH,OH-H,O,, Cr shadowed. X10,000. 
Reduced approximately 41 pct for reproduction. 


strength alloys were almost completely recrystal- 
lized in the as-extruded condition, while the strongest 
alloys retained their strained microstructure even 
after one hr at 1000°C. In all cases, higher strength 
was associated with a higher proportion of strained 
matrix, and softening was accompanied by an in- 
crease in the fraction recrystallized, rather thana 
general and homogeneous decrease in the level of 
matrix strain. 

An attempt was made to relate the observed 
strength to the degree of dispersion of the oxide 
through three common dispersion hardening rela- 
tionships. For this purpose the alloys containing 
12 vol pct silica were excluded in view of their low 
density. In Fig. 18, yield strength (0.2 pct offset) is 
plotted against logarithm of mean free path in ac- 
cordance with the empirical relationship observed 
by Gensamer.” The silica and the alumina alloys 
fall into two distinct groups, with rather good corre- 
lation within each group. Similar agreement was ob- 
served by Lenel, Backensto and Rose” in a series of 
alloys of the SAP type. 

The theoretical treatment of Fisher, Hart, and 
Pry’® relates the incremental increase in flow stress 
at high strains to the 3/2 power of volume fraction 
and the reciprocal of the radius of the dispersed 
phase. It was considered to be of interest to attempt 
such a correlation in the present work on the basis 
of yield strength, in view of the highly strained na- 
ture of the alloys in the as-extruded condition. The 
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Fig. 18—Room-temperature yield strength vs log mean free 
path of the oxide for internally oxidized and extruded Cu 
powder alloys. 


170-VOLUME 221, FEBRUARY 1961 


Fig. 17—Cu-0.77 pct Al alloy internally oxidized at 950°C, 
extruded then annealed 1 hr at 1000°C. Field located in a 
recrystallized area. Etchant NH,OH-H,0,, Cr shadowed. 
X10,000. Reduced approximately 41 pct for reproduction. 


results presented in this way in Fig. 19 do not show 
the linear relationship required by their model. The 
same degree of scatter was obtained in a plot of 
yield strength vs the reciprocal of interparticle 


spacing, indicating that the theory of Orowan’’ is al- 
so inapplicable to these alloys. On the other hand 
Gregory and Grant® found agreement with Orowan’s 
model in a series of Al-Al,O, alloys. 

Such lack of agreement with accepted theories of 
dispersion hardening in the present work is not sur- 
prising after consideration of the annealing behavior. 
It is quite apparent that for alloys produced in this 
way, strength cannot be related directly to the degree 
of dispersion of the second phase, but that the dis- 
persed phase must be considered indirectly through 
it effect on the matrix structure. 

Development of a Model— The retention of the 
strain-hardened structure offers an important clue 
in the analysis of the strengthening mechanism, and 
provides evidence in support of the suggestion® that 
the strength of alloys of this type may be a conse- 
quence of the strain energy retained from the defor- 
mation (extrusion) step. The present model is offered 
as anapproximate means of relating the energy stored 
under a given set of conditions to the degree of dis- 
persion of the oxide phase. 

Averbach ef al. have indicated” that most of the 
energy stored in a cold-worked metal is associated 
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Fig. 19—Room-temperature yield strength as a function of 
volume fraction and particle radius of oxide for internally 
oxidized and extruded Cu powder alloys. 
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Fig. 20—Relation- 


ship of subbound- 
r aries to dispersed 
spherical oxide 


particles, as as- 
sumed in the de- 
velopment of the 
model. 
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with the presence of subboundaries. It is suggested 
here that the dispersed particles have the effect of 
pinning the low-angle boundaries in much the same 
way as Zener has observed” in the case of grain 


€ 
boundaries. Examination of the photomicrographs 
presented by Northcott** and by Hyam and Nutting™ 
tends to support such a suggestion. 

In Fig. 20(@) the oxide dispersion is represented 
as uniform spherical particles in a simple cubic 
array. Since subboundaries are not constrained to 
remain plane, this simplification is not necessary 
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Fig. 22—Yield strength and subboundary area parameter vs 
volume fraction of oxide at constant oxide particle size. 
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Fig. 21—Room-temperature yield strength and stress for 
100-hr rupture life at 450° vs subboundary area parameter. 


in the real case. The volume element considered is 
a cube containing one oxide particle. Under the 
extrusion conditions, involving very high plastic 
strain at a temperature high enough to permit dis- 
locations to arrange themselves into low-angle 
boundaries by climb, it is suggested that an approxi- 
mate value of the stored energy may be calculated 
in the following way: 
Let ¥ = particle radius 
f =volume fraction of dispersed phase 
d = distance between particles as shown in 
Fig. 20(a) (not interparticle spacing) 
n = number of subboundary planes passing 
through the particle 
Y = specific subboundary energy. 


Then subboundary area per volume element 
=n(d° 

Number of volume elements per unit volume of alloy 
= 
= 3f/4rr° 


Hence subboundary area per unit volume 
= (d?— nr?), from which 
d 


Energy stored per unit volume of alloy 


For alloy B33, containing 3.5 vol pct Al,03;, a cal- 
culation of stored energy from the above expression, 
using n = 3 for the simple three-dimensional case 
and y = 300 ergs per cm’, gives a value of 0.5 cal 
per g, which is not inconsistent with published values. 

Since yield strength may be related empirically 
to the stored energy, it may then be related to the 
amount and dispersion of the oxide phase through 
the above function. This is shown for room-tempera- 
ture yield strength and the 100-hr rupture stress at 
450°C in Fig. 21. The correlation is considered to 
be satisfactory in view of the assumptions made in 
the development of the model and its ability to repre- 
sent both the SiOz and Al2O; series on the same 
curves. 
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On the basis of this model, the maximum strength 
is to be expected at 15 vol pct oxide, as shown in 
Fig. 22. Since density and dispersion become much 
less ideal at the higher oxide contents, the observed 
values must fall below those predicted by the model. 
The values of observed yield increment (above that 
of pure Cu) shown in Fig. 22 are taken from the silica 
series internally oxidized at 750°C. 

Yield strength increases with decreasing particle 
size of the dispersed phase. If a simplified sub- 
boundary network may be represented as in Fig.20(d), 
then as the particle radius approaches the effective 
thickness of the subboundary, the concept of pinning 
of one subboundary while the particle is contained in 
another must break down. This suggests that while 
the strength increases with decreasing particle size, 
it should pass through a maximum at some particle 
radius greater than. approximately 30A. In this con- 
nection, Livingston” has observed a maximum in the 
yield strength of Cu precipitation hardened with Co at 
a particle radius of 70A, which he explains on the 
basis of coherence with the matrix. On the other 
hand, one of the stronger alloys in the present work, 
alloy B23, shows an average particle radius of 50A. 
There can be no doubt, however, of the validity of 
the concept of a minimum effective particle size for 
strengthening. 

The above model requires that the interface be- 
tween particle and matrix act as a sink for dislo- 
cations, and that the dispersed phase show nil solu- 
bility in the matrix. No other properties of the dis- 
persed phase are involved in the analysis; in par- 
ticular, it is not necessary to consider the shear 
strength of the particle. An interesting observation 
may be made as a consequence of this condition. 
Since a void may be considered as meeting the above 
requirements, at least temporarily, it should be pos- 
sible to achieve strengthening by a suitable disper- 
sion of porosity. Middleton, Pfeil, and Rhodes*’ have 
in fact offered such an explanation for the high re- 
crystallization temperature and improved creep 
strength observed in platinum alloys produced by 
the extrusion of powders. Ina sintering study of 
copper, Alexander and Balluffi*® have shown that 
voids can exert a restraining force on the movement 
of grain boundaries up to temperatures near the 
melting point. However, since a void has in effect 
some solubility in the matrix, such a dispersion 
would be less stable than the inert oxide particles. 


SUMMARY AND CONCLUSIONS 


Dispersion hardened Cu-base alloys with superior 
creep strength and thermal stability were produced 
by the hot-extrusion of internally oxidized Cu-Si 
and Cu-Al alloy powders. The creep-rupture proper- 
ties of alloys B33, containing 3.5 vol. pct Al2O;, are 
summarized in Fig. 23. These alloys exhibit the 
high resistance to annealing and flat log stress-log 
rupture time plots typical of the SAP materials. 

It is quite apparent from the dependence of 
strength on the strained matrix structure, that the 
inclusion of approcessing step involving plastic 
working after the formation of the dispersion is an 
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Fig. 23—Summary of creep-rupture results for alloy B33 
and two common commercial alloys. 


essential feature of the hardening mechanism in 
these alloys. Attempts to relate the strength to the 
degree of dispersion through some of the current dis- 
persion-hardening theories were unsuccessful. 

The dispersion-hardening model suggested in the 
present work relates the strength of the extruded 
alloy to the degree of dispersion of the minor phase 
indirectly through its effect on the ability of the 
structure to retain strain energy from the deforma- 
tion (extrusion) step. Satisfactory correlation is 
shown in this way for both room temperature yield 
and creep rupture strength at 450°C. The model 
predicts that maximum strength is to be expected 
with between 4 and 15 vol. pct of the dispersed phase 
and a particle radius between 30 and 50A. It implies 
that it is not necessary to introduce the concept of 
coherence between matrix and dispersed phase in an 
analysis of strengthening of this type. 
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The Iron-Carbon-Sulfur System from 1149° to 1427°C 


Coils of pure iron and iron-carbon alloy wire (0.05 to 
0.80 pct C) and sufficient sulfur to saturate the solid phase were 


equilibrated in evacuated or argon filled tubes. After rapid cool- 
ing, and removal of the outside nonmetallic layer, the wires were 
analyzed for carbon and sulfur and the data used to construct an 
Fe-S binary and isotherms of the Fe-C-S ternary in the range 


1149° to 1427°C. 


Tue solid solubility of sulfur in steel is of interest 
in connection with such phenomena as hot shortness, 
burning, and so forth. ‘‘Burning,’’ the more or less 
permanent damage that some steels suffer when 
heated for forging or rolling, has been shown to be 
related closely to the behavior of sulfur and less 
closely to carbon and oxygen.’ Attempts to in- 
terpret burning phenomena in steels fail because 

of lack of data on the Fe-C-S and the more complex 
systems in this family. Rosenqvist and Dunicz” and 
Turkdogan, Ignatowicz, and Pearson® have largely 
elucidated the Fe-S diagram in the region of in- 
terest but no information on the Fe-C-S diagram 

in this region appears to be available in the litera- 
ture. This paper deals with the elucidation of the 
Fe-C-S diagram in these interesting ranges. The 
method employed is different from those used by 
previous workers’’* on the Fe-S system. 


EXPERIMENTAL METHOD 


Pure iron wires (Ferrovac E) or iron carbon 
alloy wires of 1 mm in diam were cleaned with 
acid and acetone, coiled, and placed in silica tubes 
(7 mm OD and 5 mm D) previously closed at one 
end. Enough sulfur was added to assure saturation 
of the solid iron phase. The filled tubes were 
either simply evacuated and sealed, or filled with 
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argon at a reduced pressure and sealed. The argon 
was required at the higher temperatures to prevent 
collapse of the tubes. 

The filled and sealed tubes were placed in the 
middle uniform temperature zone of a Globar tube 
furnace and equilibrated at temperatures ranging 
from 2100°F (1149°C) to 2720°F (1493°C). After 
equilibration the tubes were removed from the 
furnace and quenched in air or water, the form of 
quenching being found to have no effect on the re- 
sults. The tubes were broken open and the coils 
were placed in a 1:1 HCl solution to remove the 
sulfide-rich layer. The coils were then cut into 
small pieces and analyzed for sulfur and carbon. 
In the early stages of the investigation different 
equilibration times ranging up to 17 hr were tried 
and the cores of the wires were analyzed to test 
for saturation. One hour appeared to be sufficient 
to reach maximum sulfur content at 1454°C and 
2 hr sufficient at 1149°C. The practice adopted 
was to use at least 3 hr at the higher temperatures 
and at least 5 hr at the lower temperatures. 

The iron-carbon alloy wires used were made by 
carburizing pure iron wire with carbon monoxide 
gas in a one inch diameter ceramic tube at about 
1204°C. Differing carbon contents were obtained 
by allowing fairly large coils to react with the gas 
for varying lengths of time at a flow rate of 800 cc 
per min. The reacting times ranged from 15 min 
to 4 hr depending upon the amount of carbon 
desired. 

The furnaces used were controlled by means of 
Leeds and Northrup Speedomax Type H instruments 
with D.A.T. Control attachment. Thermocouples 
were calibrated against the melting points of gold 
and copper. The temperatures recorded appear to 
be accurate within +2.7°C. 

Starting with run No. 85 and continuing with the 
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Table |. Experimental Data 


2100°F (1149°C) 2500°F (1371°C) 
Run Pct C Pct S Run Pct C Pct S 
123 0.00 0.023 66 0.09 0.047 
124 0.00 0.025 71 0.13 0.044 
125 0.00 0.031 68 0.24 0.045 
93 0.06 0.037. +131 0.25 0.044 
94 0r10 0.032 67 0.30 0.039 
117 0.13 0.031 152 0.36 0.036 
126 0.43 0.025 160 0.40 0.051 
127 0.50 0.023 159 0.41 0.044 
119 0.62 0.034 151 0.41 0.036 
69 0.44 0.038 
2400°F (1316°C) 157 0.52 0.032 
Run Pct C Pct S 
65 0.00 0.046 
65 0.00 0.047 ° 
62 0.12 0.040, Pct § 
62 0.12 0.039 = 
61 0.40 0.037 106 0.07 0.059 


0.73 0.054 
2300°F (1260°C) 
2410°F (1321°C) Run Pct C Pct S 
Run Pct C Pct S 46 0.00 0.031 
9B 0.00 0.035 46 0.00 0.033 
10B 0.00 0.039 51 0.00 0.035 
52 0.00 0.035 
2450°F (1343°C) = 
R Pct C Pct S 7 y .029 
= 38 0.06 0.027 
7B 0.00 0.058 40 0.10 0.029 
8B 0.00 0.052 39 0.11 0.030 
50 0.15 0.032 
2600°F (1427°C) 47 0.26 0.034 
Run Pct C Pct S 44 0.26 0.030 
0.00 : 44 0.26 0.034 
0.00 45 0.43 0.027 
80 0.00 0.108 48 0.43 0.033 
88 0.00 0.110 43 0.45 0.027 
104 0.00 0.111 53 0.68 0.034 
107 0.05 0.057 53 0.68 0.037 
78 0.06 0.045 
2550°F (1399°C) 
2200°F (1204°C) Run Pct C Pct S 
Run Pet C PetS 148 0.00 0.118 
29 0.00 0.022 72 0.00 0.120 
29 0.00 0.023 85 0.00 0.126 
29 0.00 0.023 85 0.00 0.129 
32 0.00 0.022 133 0.00 0.130 
32 0.00 0.022 73 0.07 0.106 
32 0.00 0.023 74 0.14 0.040 
35 0.06 0.021. 164 0.30 0.044 
35 0.06 0.022 75 0.31 0.042 
31 0.10 0.021 76 0.31 0.045 
31 0.10 0.023 163 0.38 0.041 
30 0.24 0.020 77 0.46 0.037 
30 0.24 0.027 
28 0.45 0.023 2650°F (1454°C) 
28 0.45 0.025 Run Pct C Pct S 
34 0.49 0.022 
34 nas nana 11B 0.00 0.098 
12B 0.00 0.093 
27 0.58 0.023 
15B 0.00 0.095 
36 0.58 0.019 16B 0.00 0.097 
36 0.58 0.020 
2720°F (1493°C) 
Run Pet C Pct S 
14B 0.00 0.058 


balance of the runs, the tubes containing the metal 
samples were flame treated to red heat in vacuum 
before sealing, to drive off adsorbed gas. This 
however did not make any difference in the results. 
From runs 145 to 180 the equilibration was done in 
a current of argon to assure that no active gases 
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Fig. 1—The Fe-S equilibrium diagram. 


passed through the walls of the silica tube at the 

higher temperatures. This was a precautionary 

measure despite the fact that no effect on the re- 
sults was observed. 


RESULTS 


All significant data are shown in Table I. The 
data on the Fe-S binary have been summarized in 
Fig. 1. The results on the ternary system are 
shown as a series of isotherms, Figs. 2 to 8. 


THE Fe-S SYSTEM 


The Fe-S diagram shown in Fig. 1 was drawn 
after consideration of the results of other work- 
ers.”’> It shows that agreement is good in the y 
range. In the 6 range the disagreement is only 
considerable at 1399°C where Rosenqvist and 
Dunicz’ found a somewhat higher solid solubility. 
Since their point at 1400°C essentially represents 
only one determination it has been ignored in draw- 
ing the 6 solidus line. 

The position of the ‘‘extectic’’ horizontal (1365°C) 
was determined by applying the following relation to 
the 6 ~ y transformation. 


_ RT?-a[s] 
at 


where T = 1663°K,* AH,, = 280 cal,’ and A[S] is the 
difference in sulfur content of the two coexisting 
phases in atom per cent. Since the value of A[S] 
can be taken by extrapolation anywhere between 
1350° and 1399°C this leads to an uncertainty of 
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Fig. 2—The Fe-C-S system at 1149°C (2100°F). 


about * 10°C in the result. Although the figure of 
1365°C is in perfect agreement with Rosenqvist 
and Dunicz,” who used the same method, and with 
Friedrich,*’® the exact position of this ‘‘extectic’’ 
cannot be regarded as fixed. Our work at 1371°C 
indicated that this temperature was close to the 
extectic because the sulfur solubilities in carbon 
free iron varied between low values to be expected 
for the y range and much higher values to be ex- 
pected for the 6 range. Due to this difficulty no 
significant results were obtained at (1371°C) 
2500°F in the Fe-S system. 

Confirmation of the much greater solubility of 
sulfur in 6 iron than in y iron in the extectic region 
is found by combining the free energy equations for 
H,(g) + S(y ) = H,S(g) and H2(g) + S(65) = H,S(g) from 
Rosenqvist and Dunicz’ and calculating the equilib- 
rium constant of the reaction S(y) = S(5). This 
calculation yields values a little greater than 2 in 
the 1365° to 1390°C range. Since the standard 
states used were such that ag:,) = %S(y) as 
%S(y) 0, and = %S(5) as %S(5) O and 
since Rosenqvist and Dunicz showed that Henry’s 
Law is obeyed by sulfur in these composition ranges 
(within experimental error) it follows that %S in 
the 6 should be roughly twice that found in the y in 
this temperature range. This calculation is based 
on the part of Rosenqvist and Dunicz’s equilibration 
work done below sulfur saturation. As such it is 
essentially independent of all results shown in Fig. 1 
which are based on the chemical analyses of sulfur 
saturated samples. This helps to validate the ex- 
trapolation made at the extectic, Fig. 1, where the 
present 6 iron is shown to be approximately double 
that in the y iron. 

The amount of scatter in the results of this and 
other researches”’® in this field is greater than to 
be expected from the normal errors in the runs and 
analyses. It has been suggested that some of this 
may be due to deposition of the liquid phase in voids 
in the solid phase and that the amount of deposition 
may vary somewhat with the condition of the wire. 
This effect was certainly not large. This was evi- 
denced by the fact that sulfur treated wires quenched 
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ig. 3—The Fe-C-S system at 1204°C (2200°F). 


rapidly from the heating temperature showed about 


the same amount of randomly distributed nonmetallic 


matter under the microscope as sulfur-free wires. 
(Slow cooled sulfur treated wires, of course, re- 
vealed the expected precipitation of the liquid phase 
at the grain boundaries.) In the work of Rosenqvist 
and Dunicz’ and Turkdogan, Ignatowicz, and Pearson, 
where H2-H,S gas mixtures were used, the points of 
first precipitation of sulfide phase were indicated by 
sharp deviations from Henry’s Law. Thus no im- 
portant amount of precipitation could have taken 
place in grain boundaries or voids at sulfur con- 
centrations below their reported saturation points. 
Since our results agree reasonably well with the 
results of these workers the technique reported 
here appears to be sound in this respect. Other 
researches have demonstrated that precipitation 
from the solid phase generally requires at least 

a small amount of supersaturation in order to 
overcome the resistance to the formation of new 
surface and new volume inside the metal. With the 
technique used in our research, there is no op- 
portunity for supersaturation. Even if some sub- 
microscopic absorption of sulfide did take place at 
the grain boundaries the effect could not have been 
large because the wires contained very few grains 
after heating at these high temperatures. Also the 
outer third of the cross section—where the effect 
might be expected to be most severe—had been 
dissolved off before analysis. Thus there is no 
reason to believe that precipitation of liquid phase 
inside the wire has affected the general validity of 
the results. It seems conceivable, however, that it 
may be responsible for some of the scatter 
observed. 


THE BOUNDARIES OF THE y+ 6 REGIONS IN 
THE Fe-C-S SYSTEM AT 1371°, 1399°, AND 
1427°C 


The 1149°, 1204°, 1260°, and 1316°C isotherms 
in the Fe-C-S system, Figs. 2 to 5, have been 
reasonably well elucidated by simply plotting the 
experimental results. The 1371°, 1399°, and 
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Fig. 4—The Fe-C-S system at 1260°C (2300°F). 


1427°C isotherms, Figs. 6 to 8, could be only 
partially developed by experiment. Each must 
contain a y + 6 region, the boundaries of which 
could not be fixed by the experimental techniques 
employed. In fact no consistent results whatever 
could be obtained experimentally in the composi- 
tion ranges where the y + 6 phase regions are 
likely to be found. This has been attributed to 
sluggishness in achieving true equilibrium be- 
tween the two phases. Although the points at which 
the solidi of the two phase (y + 6) regions intersect 
the solidi of the single-phase regions could not be 
determined experimentally it was possible to cal- 
culate the approximate positions of these points and 
from them to infer the approximate boundaries of 
the two-phase regions. These calculations are 
described below. 

This calculation involved first the computation 
of the activity coefficients of carbon and sulfur in 
the y and 6 phases at 1399° and 1427°C, using 
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Fig. 5—The Fe-C-S system at 1316°C (2400°F). 


literature data’’® on the activity coefficients of 
carbon and sulfur in liquid iron. This can be done 
most simply by assuming that Henry’s Law applies 
in the y and 6 single-phase solutions and by as- 
suming the applicability of the expression 
In f =k/T°K, where f is the activity coefficient 
and k is a constant. A more rigorous method was 
used, however, although the final results are 
probably not significantly different in this case. 
This method involved corrections for deviation 
from Henry’s Law by carbon in y iron.*° No such 
correction was deemed necessary for carbon in 6 
iron because the carbon contents involved were 
always low. Rosenqvist’s and Dunicz’ work’ indi- 
cates that sulfur obeys Henry’s Law reasonably 
well in y and 6 iron. The effects of temperature 
on the activity coefficients of carbon and sulfur in 
y and 6 iron were estimated by making use of 
available activity coefficient data on these elements 
in liquid iron.”** 

Phase diagram data not provided by this research 
came from Hansen.‘ 

The activity coefficients of carbon in the solid 
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iron phases were first calculated at the base tem- 
perature of 1450°C because the carbon content of 
5 iron could be read with reasonable accuracy and 
various extrapolations were not unduly long. From 
the Fe-C diagram it can be seen that the 6 phase 
containing 0.04 pct C is in equilibrim with the y 
phase containing 0.07 pct C, and that the y phase 
containing 0.44 pet C and the liquid phase contain- 
ing 1.21 pct C are also in equilibrium. According 
to Rist and Chipman’ the activity coefficient of 
carbon at 1.21 pct C in liquid iron at this tempera- 
ture is 1.74, Fheronine the activity of carbon in 

the liquid iron is %C = 1.74 1.2 = 2.1. This 
is also the activity of carbon in the y phase at 

0.44 pet C and thus the activity coefficient of carbon 
in the y phase at 0.44 pet C is 2.1/0.44 = 4.8. This 
was used as a base for calculating the coefficients 
in y iron, f?,, at other carbon contents and other 
temperatures. Using data from Smith” or Darken 
and Gurry”° to correct for the deviation from 
Henry’s Law the activity coefficient in the y phase 
at 0.07 pet C is 4.25. To find fé ¢ two more steps 

are required: f” at 0.07 pct C is multiplied by 4.25, 
yielding 0.30, the activity of carbon in the two phase, 
y + 6, region. This activity value is divided by 0.04 
to obtain the 7.5, the activity coefficient in the 6 
phase, fé. This was used as a base for calculating 
fé at other temperatures. 

The activity coefficients of sulfur were first cal- 
culated at the base temperature of 1375°C because 
of the facility of reading phase diagram data at this 
temperature. From Fig. 1, at 1375°C, it can be 
seen that the y phase containing 0.039 pct S is in 
equilibrium with the 6 phase containing 0.087 pct S. 
The 6 phase, containing 0.139 pct is in equilibrium 
with the liquid phase containing 10.4 pct S.* EX- 
trapolating Sherman Elvander and Chipman’s’ data 
to 1375°C gives the activity coefficient of sulfur in 
this liquid as 0.63. Now following the same method 
as employed with carbon, the activity of sulfur in 
the 6 + L region is 10.4 x 0. 63 = 6.6, the activity co- 
efficient in the 6 region, f§, is 6. 6/0. 139 = 47, the 
activity of sulfur in the 6 + y region is 47 x 0. 087 = = 
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4.1, and the activity coefficient in the y region, ft, 
is 4.1/0.039 = 105. 
The effects of temperature on these activity co- 
efficients Tis s were found by calculating 
the coefficients in the above manner at several 
temperatures and obtaining the best values of 
temperature coefficients from plots of log f vs 
1/T°K. 

Using these corrections gave the following values 
for the temperatures involved: 


Ft 8 
(at 0.44 pet C) te SS Ts 


1450°C (2642°F) 4.8 7.5 

1427°C (2600°F) 5.0 7.7 105 39 
1399°C (2550°F) 5.3 8.0 105 43 
1375°C (2507°F) 105 47 


(Reference state: a = % and f = 1 as % — 0 in liquid 
iron solution) 


These values were used to determine the points 
of intersection of the solidi of the two single-phase 
regions with the solidus of the y + 6 region as 
follows. The carbon concentrations delineating the 
y solidus at 1427°C, Fig. 8, were multiplied by the 
activity coefficients of carbon in the y phase, f?,, to 
obtain the activities corresponding to these concen- 
trations. (In each case the activity coefficient was 
corrected for deviation from Henry’ s Law using 
factors from Darken and Gurry,’*° using the value 
of fy. at 0.44 pet C as a base). The sulfur concen- 
trations corresponding to these carbon contents 
were multiplied by the activity coefficient in the 

y phase, f%, to obtain the sulfur activities corres- 
ponding to these sulfur concentrations. 

These activities were plotted on a graph of a, vs 
a,, giving the curve shown in Fig. 9. A similar 
procedure was followed with the carbon and sulfur 
concentrations delineating the 5 solidus at this 
temperature, giving another curve in Fig. 9. The 
intersection of these two activity curves indicates 
the point at which the activities of carbon in the y 
phase and the 6 phase are equal and where the 
activities of sulfur in the y phase and 6 phase are 
equal. Dividing this equilibrium carbon activity by 
fit. and Se ¢ and this equilibrium sulfur activity by 
f f and f 2 gave the carbon and sulfur percentages 
at the points where the y and 6 solidi meet the 
solidus of the two-phase, y + 6, region. This whole 
calculation is illustrated below for 1427°C. 


= 5.0 + Correction**™ ft = 105 
= ah. (%S,)*(f%) = at 
(0. 60) (5. 1) = 3.06 (0. 0) (105) =0.0 
(0.37) (4.9) = 1.81 (0.038)(105) = 3.99 
(0.28) (4.7) = 1.32 (0.041)(105) = 30 
(0.26) (4.7) = 1.22 (0.042)(105) = 4.40 
(0.21) (4.6) =0.97 (0.038)(105) = 3.99 
(0.16) (4.6) = 0.74 (0.034)(105) = 3.55 

= = 39 
(0.0) (7.7) = (0.110)(39) = 4.29 
(0.07) (7.7) = (0.057)(39) = 2.30 
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The intersection in Fig. 9 occurs at about a, = 
0.45 and a, = 1.85. Thus the compositions cor- 
responding to the two intersections of the two 
single-phase solidi with the two phase solidus 
could be calculated as follows: 


%Cy = 0.45/4.5 = 0.10 
%C5 = 0.45/7.7 = 0.058 
%Sy = 1.85/105 = 0.018 
%S; = 1.85/39 = 0.047 


These points are shown as small triangles in 
Fig. 8. 

A similar set of calculations were made at 
1399°C using the activity coefficients derived for 
this temperature. The graph in Fig. 9 demonstrates 
the results and shows that the point of intersection 
is at a, = 0.67 and a, = 4.20. The compositions of 
the two intersections of the single-phase solidi and 
the two-phase solidus are found to be 


%C,y = 0.67/4.8 = 0.14 
%C;x = 0.67/8.0 = 0.084 
%Sy = 4.20/105 = 0.040 
®S, = 4.2/43 = 0.098 


These points are shown as small triangles on 
Fig. 7. 

The fixing of these intersection points in the 
1399°C and 1427°C isotherms made it possible to 
sketch with broken lines the probable approximate 
boundaries of the y + 5 regions and to put in the 
likely position of the tie lines. Three dimensional 
straight line interpolation was used between 1399°C 
and the extectic horizontal at 1365°C, Fig. 1, to ob- 
tain a rough representation of the part of the 1371°C 
isotherm not delineated by experiment. This rough 
representation is shown by broken lines. Although 
the assumptions involved in calculating the ap- 
proximate positions of the boundaries of the y + 6 
regions in these isotherms involve considerable 
error these positions appear reasonable and thus 
they may be of considerable assistance to 
metallurgists. 


THE Fe-C-S SYSTEM 


The isotherms illustrated in Figs. 2 to 5 show 
that at and below 1316°C carbon contents up to 
0.80 pct (and probably up to 1 pct) have little ef- 
fect on the solubility of sulfur iny iron. Figs. 6 
to 8 show that, from 1365° to 1427°C, very low 
carbon alloys have very high sulfur solubilities 
which fall very rapidly with increased carbon 
content as the phase changes from 6 toy. When 
the carbon content reaches about 0.15 pct the sulfur 
solubility changes relatively little until about 
0.45 pct where it begins to fall off again more or 
less rapidly as the carbon is increased. 

No significant data on the ternary system were 
obtained above 1427°C. As temperatures are 
raised this method becomes increasingly difficult 
to use due to collapse or distension of tubes, melt- 
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Fig. 9—The activities of C and S in y and d phases at 
1399°C and 1427°C. 


ing of samples, reaction of carbon with the tubes, 
and so forth. Even at 1399° and 1427°C some 
silicon was reduced from the walls of the tubes. 
At 1427°C this ranged from 0.06 to 0.09 pct Si at 
high carbon contents but at low carbon contents it 
was small. At 1399°C it was inconsequential. 
Morris and William’s’” data indicate that the amount 
of Si generally found should not have any important 
effect on the activity or solubility of sulfur. It 
should not affect the carbon activity either within 
experimental error. 

It has been shown in the Purdue laboratories that 
heating Fe-S alloys containing enough sulfur to 
saturate the solid phase, in the 1316° to 1399°C 
range, followed by slow cooling causes precipitation 
of sulfide liquid at the grain boundaries and con- 
sequent loss of good physical properties not re- 
covered by contentional heat treatment. Quenching 
from these high temperatures prevents grain bound- 
ary precipitation, and good physical properties are 
found after conventional normalizing. Similar re- 
sults would be expected with Fe-C-S alloys. From 
the nature of the isotherms above the binary ex- 
tectic one would expect that heating high carbon 
Fe-C-S alloys, with even the moderate sulfur con- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
2:0 
| 
|-O d 
O 
a. 
2-0 


tents common to steel, above 1365°C is likely to 
result in eventual liquid formation which might 
have undesirable effects. However, even plain 
carbon steels contain elements like Mn and O which 
modify these effects hence little quantitative ap- 
plication of this Fe-C-S data to problems of burn- 
ing and hot shortness of steels can be made. For 
this reason work of this kind is being extended to 
other relevant Fe-S-X and to Fe-S-X-Y systems 
in the hopes that more complete interpretations of 
these phenomena in steels may be made. 
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Hypoeutectoid Steels 


The existence of two distinct forms of bainite—upper and 
lower bainite—in hypoeutectoid steels is confirmed by a sys- 
tematic study of the structure of the product resulting from 
this mode of austenite decomposition. The transition between 
these two forms occurs at about 650° F regardless of the alloy 


content of the steel and their structural differences can be 
interpreted in terms of the kinetics of carbide precipitation 


from supersaturated ferrite. 


In the past few years, a renewed interest has been 
displayed in the kinetics and mechanism of the 
bainite reaction in steels. Several rather divergent 
models for the transformation mechanism have 
evolved from these studies,’~® however, it is dif- 
ficult to evaluate these models critically on the basis 
of the existing experimental data. In particular, a 
more detailed knowledge of the structure of bainite 
should be helpful in providing a framework for the 
construction of an appropriate model. 

Metallographic studies’~** have led to a recogni- 
tion of at least two distinct forms of bainite—fre- 
quently termed upper and lower bainite. Although 
the morphology of bainite changes with reaction tem- 
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perature, there appears to be a relatively sharp 
transition between the two forms. This occurs ina 
narrow temperature range near 650°F. Transforma- 
tion at temperatures below about 650°F results in 
the presence within the bainite of small plates of 
carbides oriented at an angle of 60 deg with respect 
to the direction of growth of the plate, while at 
higher temperatures carbides are oriented parallel 
to the growth direction. 

There is no generally accepted view regarding the 
significance of this structural transition. Some 
authors feel that carbides precipitate from austenite 
at all reaction temperatures” while others claim, at 
least for low-temperature bainite, that carbides 
precipitate from supersaturated ferrite.’*’* 

It was recognized many years ago that the nature 
of the carbide in bainite depends on the reaction 
temperature. The carbide phase in upper bainite is 
unmistakenly cementite.*-*® The exact nature of the 
carbide in low-temperature bainite is less certain. 
Magnetic measurements of lower bainite reveal no 
cementite Curie point”’’”” and dilatometric studies”° 
produce total expansions which are larger than those 
predicted on the basis of a ferrite-plus cementite 
structure. These effects have been attributed to the 
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Table |. Analysis of Steels 


Steel C Si Mn Ni Cr Mo ¥ 7? 
B 0.38 0.28 0.74 1.79 0.81 0. 26 - 610 
H 0.69 0.40 0.80 2.39 1.09 0.41 - 360 
L 0.58 0.35 0.78 - 3.90 0.45 0.90 380 
N 0.95 0.22 0.60 3.27 1.23 0.13 ~ 170 
1.00 0.36 0.20 1.41 380 
0.60 2.00 0.86 0.31 480 


precipitation of a carbide different from cementite 
and this, recently, has been identified as € carbide 
in bainite formed at temperatures below 400°F.’° 

Many investigators****»15»?°-*5 have suggested that 
low-temperature bainite forms initially as super- 
saturated ferrite. although other models also have 
been The existence of carbide is 
consistent with this view and suggest that the fer- 
ritic matrix of lower bainite should contain about 
0.3 pct C.”* There is some indirect evidence to in- 
dicate that the carbon content in bainitic ferrite 
formed at 420°F may attain 0.30 pct C.° However, 
other studies” have demonstrated that the matrix 
of bainite formed at 400°F in a 1.43 C high-purity 
iron-carbon alloy had 0.10 pct or less carbon in so- 
lution. This low carbon content sheds considerable 
doubt on a close connection between the bainite and 
martensite reactions and has led to the suggestion 
that bainite bypasses the tetragonal state character- 
istic of martensite to form directly a slightly super- 
saturated cubic ferrite.” 

It is apparent that additional data are needed to 
resolve the structural features of bainite. The pre- 
sent investigation attempts to provide part of this 
information by exploring the influence of time, tem- 
perature and composition on the structure of bainite. 
In general, this study has been restricted to hypo- 
eutectoid steels to avoid the complications associ- 
ated with carbide precipitation which occurs at higher 
temperatures in the bainite range in high carbon 
steels. 


MATERIALS AND PROCEDURE 


Materials—Seven alloys were chosen for this in- 
vestigation. The wide range in composition per- 
mitted a study of the bainite reaction at various 
transformation temperatures. The compositions of 
these steels are given in Table I. 

Steel H was received in the as-cast condition and 
was forged to 1/2 by 1 3/4-in. plate. It was homo- 
genized in vacuum for one week at 2300°F in order 
to minimize segregation. The remaining steels were 
received as hot-rolled bar stock and were employed 
in the as-received condition. 

Experimental Procedure—Carbide Extraction 
Work—A two compartment electrolytic cell, similar 
in principle to one developed by Treje_ and Benedicks”® 
and modified by Blickwede and Cohen,”® was used for 
the isolation of carbides. The specimen dimensions 
were 1/4 by 1/4 by 1 1/2-in. 

Debye-Scherrer patterns were obtained from spec- 
imens of the extracted residues mounted on glass 
fiber with collodion. Filtered CoKa radiation was 
employed. Exposure times were 6 hr. 
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Lattice Parameter Measurements—Specimens of 
the H steel used for lattice parameter determinations 
were 1/8 by 3/4 by 1/8 in. size, while specimens of 
the B, L, and S steels were 1/4-in. thick disks. 
Transverse specimens were employed for all dif- 
fraction studies in order to minimize errors due to 
inhomogeneity resulting from segregation. (The 
size of the X-ray beam was 1/4 by 3/4-in.). 

A General Electric Geiger counter spectrogonio- 
meter was utilized for lattice parameter determina- 
tions. The austenite lattice parameter was obtained 
by scaling the 220 line at 0.2-deg intervals of 26. 
The precision of the lattice parameter measure- 
ments was approximately + 0.001A. Filtered chro- 
mium Ka radiation was employed for all diffraction 
measurements. The carbon content of austenite was 
calculated from the influence of carbon content on 
the lattice parameter of austenite and for each 
steel the carbon content has been adjusted to the 26 
value measured on the water quenched specimen. 

Single-Crystal Work—One-eighth-in. diam speci- 
mens were sealed in an evacuated silica tube and 
austenitized for long periods of time. Details of this 
heat-treatment, which produced large austenite 
grains, are given in Table III. After heat-treatment, 
the specimens were treated with dilute hydrochloric 
acid and fractured along prior austenite grains 
boundaries by tapping with a hammer. Single crys- 
tals about 1 to 3 mm diam were obtained. The crys- 
tals were etched to about 0.5 mm diam and mounted 
in a General Electric single-crystal goniometer. 

Lattice parameter determinations on the marten- 
site were carried out by the technique of Kurdjumov 
and Lysak,”** which permits the separation of the 
(002) and the (200) (020) reflections. Thus, the ‘‘c’’ 
and ‘‘a’’ parameters can be recorded on separate 
films without interference from overlapping reflec- 
tions. The reflections were recorded in a 5-in. diam 
camera using unfiltered chromium Ka radiation. 
The crystals were dusted with platinum powder to 
provide fiducial lines for accurate measurement of 
the displacement of the diffraction spots. The pre- 
cision of the ‘‘c’’ and ‘‘a’’ parameter measurements 
was around + 0.001A. 


RESULTS AND DISCUSSION 


Nature of the Carbide—In order to determine the 
nature of the carbide phase in bainite, carbides were 
extracted electrolytically and their crystallographic 
structure was identified from Debye-Scherrer powder 
patterns. Most of this work was restricted to low- 
temperature bainite since it appears to be well es- 
tablished that cementite precipitates at high tem- 
peratures in this range. 

After essentially complete transformation to lower 
bainite, the carbide phase may be €, cementite or a 
mixture of the two depending on the transformation 
temperature and the composition of the steel (Table 
II). For example, in the L steel, only cementite was 
observed in specimens reacted at 500°F (Item I), 
and only € carbide was present after complete de- 
composition at 365°F (Item 3). Both carbides coex- 
ist in bainite formed at 460°F (Item 2). 

It is apparent that the first carbide to form in low- 
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Table Il. Results on Carbide Extraction 


Item Nature of 
Steel No. Heat Treatment Carbides 
ip 1 15 min 2300°F + 19 hr 500°F + H,O Fe,C 
2 15 min 2300°F + 19 hr 460°F + H,O Fe,C + € 
3 15 min 2300°F + 20 hr 365° F*» H,O € Diffuse 
4 15 min 2300°F + 80 hr 365°F + H,O €+ Fe,C (Tr.) 
N 5 30 min 1700°F + 165 hr 400°F + H,O Fe,C + €(Tr.) 
6 30 min 1900°F + 100 hr 500°F + H,O Fe,C 
P yj 30 min 1900°F + 159 hr 365°F + H,O Fe,C + €(Tr.) 
Ss 8 20 min 1600°F + 3% hr 700°F + H,O ** 
9 20 min 1600°F + 17 min 600°F + H,O € 
10 20 min 1600°F + 24 hr 600° F + H,O € 
11 20 min 1600°F + 52 hr 500°F + H,O € 


*This temperature is slightly below Ms for this steel, approximately 
10 pct martensite formed on cooling to the transformation temperature. 
**No carbides were found. 


temperature bainite is €, however, this is replaced 
by cementite on prolonged holding. This reaction 
sequence is revealed most clearly in the L steel 
where € carbide alone was observed after 20 hr at 
365° F but both carbides were detected after an ad- 
ditional 60 hr (Table II, Items 3 and 4), At higher 
transformation temperatures (such as 500°F) this 
replacement takes place so rapidly that it occurs 
during the time required for the growth of individual 
bainite plates. Thus, only cementite can be detected 
under these conditions (Items 1 and 6, Table II.) 
Clearly, low-temperature bainite passes through a 
succession of states which correspond to the first 
and third stages of the tempering of martensite. 

The high rate at which cementite replaces € car- 
bide at temperatures above 500°F signifies that the 
type of carbide cannot be employed to distinguish 
between upper and lower bainite. As is generally 
recognized*”’** silicon retards significantly the 
third stage in the tempering of martensite. It may 
be expected to exert a similar influence on the car- 
bide reactions involved in the formation of bainite. 
Thus, the isothermal transformation behavior of sil- 
icon steels should be of particular value in clarify- 
ing the difference between upper and lower bainite. 
Table II demonstrates that, as in the tempering of 
martensite, silicon retards significantly the replace- 
ment of € carbide by cementite during the bainite 
transformation. Thus, € persists up to 600°F in the 
Silicon steel (Items 9 and 10); whereas in other 
steels, this transition is complete at 500°F in the 
time required to accomplish the transformation of 
austenite to bainite (Items 1 and 6). 

The sluggish transition of € to FesC in the silicon 
steel is revealed more clearly in Fig. 1. Samples 
which were transformed completely to bainite at 
515°F (only € carbide was present) were tempered 
at higher temperatures. The transition from € car- 
bide to cementite was followed by dilatometric 
measurements combined with analysis of extracted 
carbides. More than 20 hr were required to complete 
the carbide transition at 760°F. Similar studies, 
conducted over a range of temperatures, demon- 
strated that at least one month would be required 
for the initiation of the carbide transition at 600°F. 

The isothermal transformation behavior of the 
Silicon steel at 700°F is of special interest and im- 
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Table Ill. Carbon Content of the Bainitic and Martensitic Matrices 


Nature of Pct Car- 


Item the Initial bon in 
Steel No. Heat Treatment Structure Matrix 
N 1 24 hr 2400°F + H,O + LiQN, +10 days 90 pct Mart. 0.22 
290° F + H,O 10 pct Aust. 
2 24 hr 2400°F +6 months 270°F +H,O 90 pct Bain. 0.10 
10 pct Aust. 
S 3 24hr 2475° F > 6 hr 550°F + H,O 94 pct Bain. 0.13 
6 pct Aust. 
4 24 hr 2475°F + 6 hr 550°F + H,0 > 94 pct Bain. 
6 pct Aust. 
1 hr 950°F + H,O 0.0 


portance. No carbide phase of either type could be 
extracted after 3 1/2 hr at this temperature in spite 
of the fact that the rapid bainite reaction had ter- 
minated (approximately 70 pct decomposition). That 
is, virtually all of the carbon still was in solution in 
either ferrite or austenite. This behavior should be 
contrasted with that at 600° F where large quantities 
of € carbide were detected after only 17 min. The 
discontinuous change in the rate of precipitation of 
carbide is striking and is of fundamental importance 
to the mechanism of the bainite transformation, a 
matter that will be given further consideration 
shortly. It is apparent that the mode of decomposi- 
tion at 700°F and above differs significantly from 
that at 600°F and below. Thus, the transition be- 
tween upper and lower bainite lies between these 
two temperature limits. As will be demonstrated, 
the temperature for this transition is essentially 
independent of the composition of the steel. 

Nature of the Matrix—The presence of € carbide 
in bainite implies a decomposition sequence similar 
to that involved in the formation and tempering of 
martensite. Thus, in the absence of cementite, ¢ 
would be expected to coexist with a low carbon mar- 
tensite containing 0.2 to 0.3 pct C; however, earlier 
studies of the matrix of bainite”’ have failed to re- 
veal clearly this low carbon martensite. This is an 
important question so far as the mechanism of the 
bainite transformation is concerned and, conse- 
quently, was studied further. 

The single-crystal technique of Kurdjumov and 
Lysak was employed to determine the tetragonality 
and thus the carbon content of the ferritic matrix of 
bainite and martensite (Table III). Bainite formed 
at 550°F in steel S and at 270°F in steel N exhibited 
some tetragonality corresponding to a carbon con- 
tent between 0.10 and 0.15 pct. On tempering for 1 
hr at 950°F the carbon content in the bainitic matrix 
of steel S dropped to virtually zero and ¢ had been 
replaced by FesC. The N steel behaved in a similar 
manner. These results confirm the low carbon con- 
tent in the matrix of bainite reported in the earlier 
work, however, it is felt here that the matrix clearly 
was tetragonal. 

The lack of agreement between the matrix com- 
position of bainite and tempered martensite can be 
rationalized in terms of the conditions under which 
tempering takes place in the two structures. 
Supersaturated ferrite may adjust toward equilib- 
rium by several different processes. At low tem- 
peratures, precipitation of ¢ carbide**** and parti- 


VOLUME 221, FEBRUARY 1961-181 


fer 
1 
n 
~ 
iS | 
t, 
Sites. 
m 
Ss 
ler 
: 
> 
: 
BS 
ce 
‘ay 


102 10° 10% 105 
TIME — SECONDS 

Fig. 1—Effect of holding time at 760° F on the structure 

of bainite in steel S, initially fully transformed at 515° F. 


ISOTHERMAL CONTRACTION —IN/IN x 1074 
fo) 


tion of carbon to austenite* are of primary impor- 
tance. Each of these processes constitutes a par- 
ticular metastable equilibrium and consequently will 
have its own composition for the phases involved. 
Presumably, the carbon content of ferrite in equilib- 
rium with austenite is much less than the 0.3 pct C 
which characterizes equilibrium with € carbide. 
Consequently, kinetic and other factors will deter- 
mine the relative contributions of each of these re- 
actions to the path followed by the matrix under a 
particular set of tempering conditions. 

Most studies of the matrix composition of tem- 
pered martensite have been conducted on samples 
which had been transformed almost completely to 
martensite. Thus, partition of carbon to austenite 
was excluded (except for the few plates in contact 
with small amounts of retained austenite) thereby 
providing a matrix composition (0.30 pct C) dictated 
by metastable equilibrium with € carbide. In the 
formation of bainite, on the other hand, tempering 
accompanies the growth process. Consequently, 


each bainite plate is surrounded by austenite through- 


out the tempering process which provides ample 
opportunity for austenite to leach carbon out of fer- 
rite. Thus, even if the matrix of bainite initially 
contained as much as 0.3 pct C, much of this would 
be lost during the growth process. 

The interaction between ferrite and austenite 
should apply equally well to martensite when tem- 
pering is conducted in the presence of large amounts 
of retained austenite. To check this hypothesis, two 
samples of steel N were prepared with different 
austenite-martensite ratios. One sample was 
quenched to room temperature which produced 40 to 
50 pet martensite and the other sample was cooled 


immediately in liquid nitrogen to increase the amount 


of martensite to 90 pct. Single crystals selected 
from these samples were tempered in an oil bath at 
270°F. The influence of tempering time on the ma- 
trix composition is illustrated in Fig. 2. 

Crystals containing 50 pct martensite lower their 
matrix carbon content much more rapidly than those 
containing 90 pct martensite. At very early stages 
in the tempering process both crystals attained a 
matrix composition of approximately 0.22 pct C 
which reflects the extremely high rate at which € 
precipitates from supersaturated ferrite. Note that, 
after one million seconds, martensite in the 90 pct 
crystal experienced virtually no additional loss in 
carbon, whereas, the carbon content of martensite 
in the 50 pct crystal was lowered to about 0.10 pctC. 
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Fig. 2—Percent carbon in martensite as a function of 
holding time at 270°F in steel N. 


It is apparent that interaction with retained aus- 
tenite contributes in an important way to the tem- 
pering process. On this basis, it is concluded that 
low-temperature bainite initially forms in a super- 
saturated condition perhaps with a carbon content 
not much less than that of the original austenite. 
Although precipitation of € carbide rapidly lowers 
the matrix composition to the 0.3 pct C range, most 
of this escapes to the surrounding austenite as 
growth proceeds. Thus, the tempering conditions 
peculiar to the growth of bainite account satisfac- 
torily for the matrix composition. 

Carbon Enrichment of Retained Austenite—The 
partition of carbon from bainite (or martensite) to 
austenite should be reflected in an increased carbon 
content of retained austenite. Lattice parameter 
measurements revealed a slight carbon enrichment 
of the austenite surrounding martensite plates and 
other investigators®*”’* have suggested a similar 
carbon enrichment on tempering of martensite in 
both low and high carbon steels. 

In the bainite transformation, where growth of the 
decomposition product occurs slowly, this partition 
of carbon accompanies the growth process. Many 
studies of the bainite transformation have revealed 
this carbon enrichment of retained austenite;*” 
however, general agreement concerning the tem- 
perature and composition dependence, order of mag- 
nitude, and so forth of the enrichment process does 
not exist. To further elucidate this problem, meas- 
urement of the lattice parameter of retained austenite 
was employed to follow the partition of carbon in the 
bainite transformation. Typical enrichment curves 
obtained on steel S are presented in Figs. 3 and 4. 

In the upper bainite range, significant enrichment 
accompanies the first few percent of transforma- 
tion, Fig. 3. Note that, at 50 pct decomposition, the 
carbon content has been increased to 1.4 pct C— 
more than twice the original carbon content of the 
steel. This value would be impossibly high if the 
carbon were distributed uniformly through the 50 pct 
austenite remaining at the transformation tempera- 
ture. However, uniform distribution of the carbon 
does not prevail. Rather, the enriched austenite 
consists of localized regions surrounding and/or 
trapped between growing plates.” 

Several kinds of evidence support the concept of 
localized enrichment. For example, most of the 
austenite existing at the reaction temperature is 
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Fig. 3—Carbon enrichment of austenite associated with 
transformation to bainite in steel S reached at 750° F. 


converted to martensite on quenching to room tem- 
perature. This, in itself, tends to select out the en- 
riched regions for X-ray analysis. Under some con- 
ditions (small amounts of transformation at 700° to 
750°F for the S steel) two intensity maxima have 
been observed on the retained austenite lines. One 
of these represents the original carbon content and 
decreases in intensity as transformation proceeds 
while the other corresponds to the enriched austenite 
and increases in intensity with progress of the re- 
action. The axial ratio of the martensite formed on 
quenching provides additional evidence for the lo- 
calized nature of the enrichment. No increase in 
axial ratio was detected until the reaction was rela- 
tively well advanced in spite of the fact that dis- 
placement of the austenite lattice parameter ap- 
peared at early stages of decomposition. 

The kinetics of austenite enrichment in the low- 
temperature bainite range differs significantly from 
that in the upper range. For example, formation of 
about 20 pct bainite at 510°F, Fig. 4, results ina 
change of carbon content of the retained austenite 
from 0.60 pct C to 0.65 pet C, whereas at 750°F the 
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Fig. 4—Carbon enrichment of austenite associated with 
transformation to bainite in steel S reacted at 510°F. 


carbon content is increased to 1.4 pct, Fig. 3.* This 


*Concurrent with this enrichment, the amount of retained austenite 
increased from about 5 pct (water quenched from 1750°F) to more than 
30 pct after transformation for 15 min at 750°F. This accounts for the 
failure to extract a carbide from high-temperature bainite in the silicon 
steel, Table II, Item 8, since virtually all of the carbon is contained in 
this high carbon austenite. In the formation of lower bainite austenite 
retention did not exceed approximately 15 pct in this steel. 


difference is revealed more clearly in Fig. 5, where 
enrichment is related to the extent of decomposition. 
Small percentages of bainite formed at 700°F and 
higher temperatures produce much more severe 
enrichment of the untransformed austenite than those 
formed at 600°F and lower. This pattern is inde- 
pendent of austenite composition as demonstrated in 
Fig. 6, where carbon enrichment for a given per- 
centage of bainite is related to the transformation 
temperature for a variety of steels. It is concluded 
that the transition from upper to lower bainite oc- 
curs in a narrow temperature range near 650°F 
regardless of the composition of the steel. 

Mode of Formation of Upper and Lower Bainite— 
The basic difference in the mode of formation of 
upper and lower bainite can be interpreted in terms 
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of the kinetics of the precipitation of carbide from 
supersaturated ferrite. Numerous studies of the 
tempering of martensite have demonstrated clearly 
that € carbide precipitates rapidly without the need 
for an induction period. The replacement of € by 
cementite in the third stage of tempering implies 
that an induction period of some magnitude precedes 
the precipitation of cementite. This is revealed most 
clearly in silicon steels (Ref. 33 and Fig. 1) but un- 
doubtedly exists to some degree in steels of all com- 
positions including binary Fe-C alloys. Presumably 
this signifies that a diffusional rearrangement of 
substitutional atoms (including Fe) is required for 
the formation of cementite but not € carbide. 

In order to interpret the different degrees of car- 
bon enrichment exhibited by upper and lower bainite, 
it is necessary to assume that € carbide will not 
precipitate from supersaturated ferrite at tempera- 
tures above about 650°F. Although incontestable 
proof of this hypothesis is lacking, it is not incon- 
sistent with a metastable equilibrium between € 
carbide and low carbon martensite which constitutes 
the first stage of tempering. Perhaps the most di- 
rect evidence in its favor is provided by the iso- 
thermal transformation behavior of the silicon steel 
at 700°F (Table II, Item 8) where no significant 
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Fig. 6—The severity of carbon enrichment as a function 
of reaction temperature. 


amounts of carbide were detected even though trans- 


formation was well advanced. 


According to these concepts, the first step in the 
formation of bainite* at all temperatures involves 


*Whether of not carbon segregation in austenite precedes this step, 
cannot be determined at present. Such segregation may be extremely 
important in the nucleation of transformation. How much, if any, of the 
observed carbon enrichment results from diffusion in austenite ahead of 
an advancing plate and, in this way, directly paces growth of the plate 
is a question of fundamental importance. Unfortunately, these X-ray 
studies shed no light on this question; however, the fact that partition 
of carbon clearly accompanies tempering is considered to signify that 
diffusion prior to transformation generally may not be a prerequisite for 
the bainite reaction. This problem requires more critical study. 


the formation of supersaturated (tetragonal) ferrite.” 


*It is visualized that this occurs continuously at the advancing tip 
of the plate. 


At temperatures below 650°F this supersaturated 
ferrite immediately precipitates ¢ and establishes 
a matrix composition of 0.2 to 0.3 pct C. Much of 
this carbon subsequently escapes to the surrounding 
austenite as growth proceeds. Since most of the 
carbon in low-temperature bainite is tied up as € 
carbide, significant carbon enrichment is not de- 
tected until late in the reaction sequence. 

Above 650°F, the induction period required for 
nucleation of cementite prevents the immediate loss 
of supersaturation by carbide precipitation. Thus, 
virtually all of the carbon partitions to austenite as 
growth continues. Under these conditions, no carbon 
is tied up as carbide so that an immediate and very 
severe carbon enrichment results. This enriched 
austenite is, for the most part, trapped between 
parallel and closely spaced plates of transformation 
product. The carbide phase in upper bainite (ce- 
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mentite) precipitates from this enriched austenite 
at a relatively late stage of decomposition. This 
accounts for the difference in electron microstruc- 
ture of upper and lower bainite reported by many 
investigators. 

The decomposition of this high carbon austenite 
trapped between the ferrite needles is viewed as a 
secondary process. It takes place well behind the 
advancing tip of the plates and may even involve a 
cooperative precipitation of ferrite and cementite 
analogous to the formation of pearlite as has been 
suggested previously.” Alloying elements play an 
important, but not yet clearly defined, role in de- 
termining the kinetics of this aspect of the decom- 
position sequence. 

Although, in this model, bainite forms initially as 
supersaturated ferrite at all reaction temperatures, 
the secondary tempering reactions may play an im- 
portant part in controlling the kinetics of the growth 
process. This is confirmed by a study of growth 
kinetics. These studies yield an activation energy 
for growth of upper bainite in the range 2000 to 
8000 cal per mol** which should be compared with 
activation energies in the range 15,000 to — 
cal per mol for the growth of lower bainite?’ 


SUMMARY AND CONCLUSIONS 


Bainite formed in hypoeutectoid steels assumes 
two distinctly different forms depending on the re- 
action temperature. This investigation demonstrates 
that: 

1) The transition between these two forms of 
bainite occurs in a relatively narrow temperature 
range near 650°F. 

2) In the formation of lower bainite, ¢ carbide 
precipitates rapidly from supersaturated ferrite. 
On continued holding, this is replaced by cementite 
which reveals that lower bainite undergoes a de- 
composition sequence closely related to that in the 
tempering of martensite. 

3) Tne matrix carbon content (with € present) of 
low-temperature bainite is significantly lower than 
that of martensite subjected to the first stage tem- 
pering reaction. This results from the partition of 
carbon from bainite to austenite during growth of 
individual bainite plates. 

4) © carbide has not been observed in high-tem- 
perature bainite; cementite precipitates without the 
prior formation of epsilon. In this range, severe 
carbon enrichment of austenite accompanies the 
formation of bainite and the cementite precipitates 
from this high carbon austenite rather than from a 
supersaturated ferrite. 

The fundamental difference between upper and 
lower bainite may be interpreted in terms of the 
kinetics of carbide precipitation from supersatu- 
rated ferrite. For this purpose, it is necessary to 
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assume that € will not precipitate from supersatu- 
rated ferrite at temperatures above 650°F. In this 
light, bainite forms initially as supersaturated fer- 
rite at all temperatures. Below 650°F, «€ precipi- 
tates rapidly and the remaining carbon leaks out 
slowly to the surrounding austenite as growth pro- 
ceeds. Above 650°F, the induction period required 
for precipitation of cementite permits virtually all 
of the carbon to partition to austenite. Cementite 
subsequently precipitates from this enriched auste- 
nite at a relatively late stage in the decomposition 
sequence. 
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Thermodynamic Properties for the Zn-Cd System 


from Electromotive Force Measurement 


-Precise electromotive force measurements have been made 


on the zinc-cadmium system over the temperature range 700° to 
900°C. Activity coefficients, partial free energies, enthalpies, 
and entropies have been determined for the entire composition 
range. The integral heat of mixing is positive and compares 
favorably with calorimetrically determined values. Vapor-liquid 


equilibrium compositions were determined for a total pressure 
of 1 atm and these agree well with previous values determined in 


other ways. 


Tue use of electromotive force measurements to 
obtain thermodynamic data for liquid metal systems 
is a simple and well-known method. Several reviews 
of the various experimental methods and results have 
been published.” However, most of the past work 
using this technique was carried out at temperatures 
slightly above the melting point of the alloy system 
where alloy composition changes due to vapor trans- 
port and increased metal solubility in the electrolyte 
are not important factors. One advantage of extend- 
ing the electromotive force measurements up to and 
including the normal boiling point of the alloy is that 
it is then possible to evaluate the vapor-liquid equi- 
librium of the alloy at various pressure levels up 

to 1 atm. 

A detailed discussion of the thermodynamics of 
reversible electromotive force cells can be found in 
most advanced physical chemistry or chemical 
thermodynamic textbooks. The expression stating 
the inter-relation of the electromotive force and the 
thermodynamic functions is the Gibbs- Helmholtz 
equation. 


AF= AH —Tn an), = —nFe 


=AH-T AS [1] 


The AF, Ad, AS are the partial molal quantities of 
the most electropositive component of the alloy in 
the following reaction: 


Metal (pure) ~ Metal (alloy) 
T = absolute temperature 


# = Faraday’s constant, 96,489 abs. coulombs per 
g-eq. and 


n = number of electrons entering into the reaction 


e = electromotive force of the cell, electromotive 
force, volts 
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From the electromotive force as a function of the 
temperature it is possible to evaluate the free en- 
ergy, enthalpy, and entropy of mixing of the alloy 
system. The vapor-liquid equilibria, at a given total 
pressure, may also be calculated from the electro- 
motive force data. The activity of the more electro- 


positive component of the alloy is determined di- 
rectly from the electromotive force measurements. 
The activity of the other component is calculated 
using the Gibbs- Duhem equation for a binary sys- 
tem. Assuming that the gas phase in equilibrium 
with the liquid alloy behaves as a perfect gas, the 
partial pressure of one component in the gas phase 
is equal to the vapor pressure of the component 
multiplied by the activity of that component in the 
liquid phase. 

A straightforward application of fundamental 
thermodynamic principles associated with electro- 
motive force measurements yields vapor-liquid 
equilibria. However, the experimental difficulties 
in obtaining the electromotive force measurements 
at conditions where the vapor pressure of the pure 
metals and alloys are close to 1 atm undoubtedly 
influenced its use in the past. This paper presents 
the experimental techniques developed to obtain 
these measurements, lists some of the areas 
where more information is needed and compares 
the results obtained in the zinc-cadmium system 
with data obtained at other temperatures and by 
other methods. 


EXPERIMENTAL 


The zinc and cadmium used in these experiments 
were electrolytic grade (99.99 pct) pure materials. 
No further purification of these metals was carried 
out. The salts used as electrolyte materials were 
commercial analytical grade potassium chloride, 
sodium chloride, and zinc chloride. All of these 
salts met ACS specifications and no further purifi- 
cation was undertaken. 

The electromotive force cell used in this work 
was a closed type similar to the one introduced by 
Seltz and Dunkerley.’° The cell was constructed of 
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Vycor brand glass as shown in Fig. 1. The tungsten- 
Vycor seals were liquid-tight but were not vacuum- 
tight so it was necessary to extend the tungsten leads 
away from the heated portion of the cell in order to 
effect a vacuum seal with apiezon wax. The closed 
type cell was necessary because the operating tem- 
peratures would include the normal boiling point of 
one of the pure components of the alloy and the com- 
position change due to vaporization had to be held to 
a minimum. The tungsten leads in the completed 
cell were electropolished in a 25 pct sodium hydrox- 
ide solution at a potential of 6 to 9 volts. The cell 
was then washed in hot detergent, rinsed with dis- 
tilled water and allowed to dry. 

The zinc slugs charged to the cell were prepared 
by vacuum casting the zinc, machining this cast, 
recasting the machined slugs under a potassium 
chloride-lithium chloride eutectic melt and then 
machining these slugs to fit into the cell. The 
cadmium slugs were prepared in a similar manner 
except that they were recast in a hydrogen atmos- 
phere to reduce any cadmium oxide. These slugs 
were washed in benzene to remove any surface oil 
film, air dried, and then charged to the cell. The 
zinc side of the cell was charged with a pure 
weighed zinc slug and filled with powdered potassium 
chloride-sodium chloride eutectic mixture contain- 
ing 0.1 g zinc chloride and sealed. The alloy side 
of the cell was charged with a weighed pure zinc 
slug and a weighed pure cadmium slug and filled 
with the above eutectic salt mixture. The cell was 
connected to the vacuum system degassed at 300°C 
overnight, sealed while under a vacuum and trans- 
ferred to the furnace. The furnace temperature was 
controlled automatically to +0.5°C at an absolute 
temperature level at +1°C. The cell was vibrated 
periodically to reduce the masking effect of the 
oxide impurities at the alloy-electrolyte interface 
and to assure homogeneity of the alloy and electro- 
lyte. Readings of the cell electromotive force were 
taken at 5 to 10 min intervals once the cell was at 
equilibrium. After taking the necessary data, the 
cell was removed from the furnace, cooled, opened, 
and the alloy and pure zinc weighed and analyzed. 

The maximum variation of the electromotive 
force readings did not exceed 0.5 pct. Several check 
runs were made using pure zinc in both legs of the 
cell, The electromotive force from this type of 
cell varied from +0.001 to -—0.001 mv. 

Two possible sources of experimental error at 
these elevated temperatures are: a) the solubility 
of the metals in the electrolyte, such as by a dis- 
placement reaction of the type: 


Zn (pure) + 2KC1 = ZnCl, + 2K [2] 


and, b) the possibility of the build-up of an impurity 
at the liquid metal-electrolyte interface, thus 
creating an extraneous potential. 

The solubility of the metals in the electrolyte was 
checked by determining the presence of trace quan- 
tities of cadmium in the electrolyte. Sensitive spot 
tests indicated the absence of cadmium in the elec- 
trolyte and in the pure zinc of the reference elec- 
trode. This is in agreement with the theoretical re- 
sults of Hamer and associates‘ at the National Bureau 
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of Standards who calculated values of electromotive 
force for cells of the following type: 
Metal 


Metal chloride Chlorine gas 


up to 1500°C. The free energy of reaction [2] at 
800°C, by manipulation of their data, was found to 
be 90.1 kcal per g-mole. This results in equi- 
librium constants of 4 x 10° and 107°” for reactions 
[2] and [3], respectively. 


Zn (pure) + 2NaCl = ZnClz + 2Na [3] 


The cadmium being more electronegative than the 
zinc would have a smaller equilibrium constant for 
the same type of reaction. Thus for all practical 
purposes reactions [2] and [3] and similar ones for 
cadmium do not occur. These results were verified 
within the limits of experimental error. 

The build-up of impurities at the metal-electrolyte 
interface did occur in several of the earlier experi- 
ments. These impurities were not identified; how- 
ever, when the procedure outlined for the pretreat- 
ment of the metals was initiated, the impurity level 
became so low that this no longer was a problem. 
Thus it is probable that these impurities were either 
or both zinc oxide or cadmium oxide. The possibility 
still exists of a slight build-up at the interface which 
would give an extraneous electromotive force in- 
creasing as the electromotive force of the desired 
reaction, and thus yielding plausible but erroneous 
data. The precautions taken in handling the materials 
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were such as to minimize these adverse effects and 
the results obtained were reproducible. There is, 
however, the possibility that a constant error may be 
included, and comparisons with other methods of 
measurements can shed some light on the validity of 
these measurements. 


RESULTS 


The zinc-cadmium system was chosen for the 
initial investigation for several reasons. The 
normal boiling point of the system is relatively 
low, there was available vapor-liquid data for com- 
parison and no work had been reported on this sys- 
tem above 700°C. Several investigators had obtained 
low-temperature data which could serve as a check 
on the reliability of the measurements. Taylor” 
Sano et al.**, and more recently Bohl and Hilde- 
brandt’ carried out electromotive force work on this 
system up to 600°C. Kawakami® determined the heat 
of mixing calorimetrically. Jellinek and Burmeister® 
and Jellinek and Wannow’ determined the vapor pres- 
sure of the system at 682° and 700°C. A recent de- 
termination of the heat of mixing using a new design 
of a high-temperature calorimeter was carried out 
at 470°C by Wittig, Muller, and Schilling.*® They ar- 
rived at the following expression for the heat of 
mixing: 

AH, = 2015 Neg Nz, cal/g-mole alloy [4] 


Lumsden’* analyzed the existing data previous to 
1952 and arrived at expressions for the free energy, 
entropy and heat of mixing. His expression for the 
heat of mixing is very close to that of Wittig, Muller, 
and Schilling being: 


AH, = 2000 Neg Nz, cal/g-mole alloy [5] 


The experimental data cbtained in this investiga- 
tion are presented in Table I. The calculated thermo- 
chemical values using these data are presented in 
Table II. The partial free energy, enthalpy, and 
entropy were calculated using the electromotive force 
data and the Gibbs-Helmholtz equation. The activity 
of the zinc came directly from the partial molal free 
energy 7.e. AF=RT Ina@z,. The integral heat of mix- 
ing was calculated by graphical integration of the 
following expression: 


1 
where AH,,= AH, ,dX, 6 
m 14X J Zn [6] 
xXx = Nz» 
Cd 


The activity of the cadmium was obtained by graphi- 
cal integration of the following expression: 


(Bas) (Pinaas) 
Nea/\ 


0 
A comparison of the experimentally determined 
partial entropy of mixing and the ideal entropy of 
mixing is made in Fig. 2. The experimental values 
were found to be very close to the values of ideal 
entropy of mixing. The integral heat of mixing ob- 
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Table Il. Thermochemical Quantities and Activities for the Zinc-Cadmium System 


Nzn 900°C 700°C 900°C 700°C 


0.103 4464 5.118 0.169 0.157 0.147 0.1 0.919 
0.199 2706 3.384 0.350 0.330 0.313 0.2 0.808 
0.267 2076 2.637 0.449 0.428 0.410 0.3 0.730 
0.404 1414 1.802 0.580 0.561 0.545 0.4 0.665 
0.521 1011 1.250 0.675 0.660 0.648 0.5 0.596 
0.604 787 0.970 0.736 0.724 0.713 le 0.522 
0.708 575 0.657 0.795 0.786 0.781 . 0.444 
0.709 573 0.645 0.797 0.789 0.782 . 0.347 
0.806 230 296 0.328 0.888 0.884 0.881 le 0.209 
0.902 160 200 0.198 0.921 0.919 0.918 


‘Units = cal per g-mole of zinc, for all temperatures given. 
?Units = cal per g-mole of zinc — °K, for all temperatures given. 
3Units = cal per g-mole of alloy, for all temperatures given. 


tained in this work is compared in Fig. 3, with that composition of the original liquid was the same but 
obtained by several other investigators. 171519 The the amount distilled was varied. The compositions 
agreement of these results in this work and the of the distillate and residue were then plotted 
calorimetric results is very good. The analytical against the percent distilled. The extrapolation 
expressions for the heat of mixing as a function of of each of these curves to zero percent distilled 
alloy composition as derived by Wittig ef al,’® and gives the composition of a vapor and liquid which 
Lumsden’’ predict a maximum of 500 to 504 cal per are in equilibrium. Six of these series of distillations 
g-mole of alloy at mole fraction of 0.5. These cal- were performed and six points on the equilibrium 
culated values compare favorably with the value of curve obtained.’’ Lumsden’® using experimental 
491 cal per g-mole of alloy at Nz, = 0.5 obtained in values of activities reported by Jellinek and Wannow 
this investigation. computed the atmospheric boiling point curve. The 
The vapor-liquid equilibrium data for the zinc- normal boiling points for four zinc-cadmium alloys 
cadmium system at 1-atm total pressure are pre- reported by Leitgebel’* agree very well with those 
sented in Table III and graphically in Fig. 6. Cal- calculated by Lumsden. The vapor-liquid equilibria 
culated results obtained using the vapor pressure at 1 atm computed from the electromotive force data 
data for the two pure components and assuming that _ of this work agree very well with the experimental 
Raoult’s law and perfect gas behavior were appli- results reported by Waring’® and those computed by 
cable to the system i are shown for comparison. Lumsden. ~ There is some inherent error in the 
Peirce and Waring** of the New Jersey Zinc Co. present calculations of vapor-liquid equilibria from 
obtained their data ‘‘by performing a series of dis- electromotive force data and this may be responsible 
tillations at atmospheric pressure in which the for the small differences between the present work 
and that of Waring’® and Lumsden.** These errors 
5.0 will be mentioned further in the discussion. 
The calculated boiling points for the zinc-cadmium 
system at l-atm pressure are shown in rable IV 
Bohl and Hildebrandt (!) along with those reported by Leitgebel.’* Here again 
O This Investigation | | the agreement is good considering the possible 
- _ ‘ae of Mixing errors involved in the calculated values. 
| | DISCUSSION 
| 


a ae The zinc-cadmium system was found to exhibit 


7 


ro) 


ro) 


re 


ASzn- CAL/GM- MOLE Zn- °K 


| j | © Wittig et.al. (19 
| | | | This 
— cd NZn 
O. 0.4 0.6 0.8 
MOLE FRACTION OF ZINC IN LIQUID 


Fig. 2—Partial molal entropy of mixing of zinc in the zinc- 
cadmium system. Fig. 3—Integral heat of mixing for the zinc-cadmium system. 
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1 
he —AF aC4 AHm 
800°C 900°C Nz, Nea 
0.919 0.919 2000 
0.807 0.805 1981 
0.729 0.727 1967 
0.661 0.656 1950 
0.588 0.580 1964 
0.513 0.504 1992 
0.434 0.423 2019 
d 
t 
S- 
r 
a= 
\ 
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Table III. Vapor-liquid Equilibrium Data at 1 Atm Total Pressure 
for the Zinc-Cadmium System 


Raoult’s Law New This In- Lumsden’s Results’? 
Nea and Perfect Jersey vesti- 

Liquid GasAssumed Zinc Co.'* _ gation Nea, Lig. Nca, Vap. 
0.1 0.306 0.445 0.467 0.01 0.06 
0.2 0.510 0.668 0.628 0.04 0.30 
0.3 0.647 0.733 0.710 0.095 0.495 
0.4 0.745 0.784 0.764 0.19 0.655 
0.5 0.818 0.829 0.811 0.385 0.78 
0.6 0.872 0.863 0.846 0.775 0.925 
0.7 0.917 0.903 0.884 - - 

0.8 0.949 0.937 0.920 - - 


0.980 0.969 0.967 - - 


regular solution behavior as defined by Hildebrand,” 
positive deviations from Raoult’s Law as shown in 
Fig. 4, and a positive integral heat of mixing as 
shown in Fig. 3. 

Regular solution behavior implies an ideal entropy 
of mixing, i.e. AS = — Rin Nz,, but a nonideal heat 
of mixing i.e. AH,, #0. The ideal entropy of mixing 
presupposes a random distribution of the atoms and 
necessarily the lack of any short range ordering or 
clustering. The comparison of the experimental 
entropy with the ideal entropy of mixing is shown in 
Fig. 2. The agreement of the experimental data of 
this investigation as well as that of Bohl and Hilde- 
brandt' at 470°C with the ideal curve is good and 
supports the conclusion of regular solution behavior. 
However, if we consider the solution behavior from 
the quasichemical theory”® then AH,, = N,N2 
[1-— 2N,N2(27/ZRT)| where Z is coordination num- 
ber and A is the single interaction parameter inde- 
pendent of composition and given by: 


A= N (2W,2- ) 


Here W,,, W,,, and W,, are the potential energies of 
the 12, 11, and 22, bonds and N is Avogadro’s num- 


0.8 

= 

0.4 “03 


470°C - Results of Boh! & Hildebrand?.(1) 
pore & of this Investigation. 
l 


1.0 


0.2 0.4 0.6 0.8 
MOLE FRACTION OF ZINC IN LIQUID 
Fig. 4—Activity of the components of the zinc-cadmium 
system. 
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Table IV. Boiling Point Data for Zinc-Cadmium System 


Leitgebel’s'? Results 
Neca, Liquid Boiling Point, °K 


Results of This Investigation 
Nea, Liquid Boiling Point, °K 


0.1 1128 0.075 1136 
0.2 1103 0.15 1108 
0.3 1088 0.32 1083 
0.4 1079 
0.5 1069 
0.6 1063 0.61 1061 
0.7 1056 - - 
0.8 1053 
0.9 1044 - - 


ber. The first term of the expression for AdH,, 
represents the zeroth approximation where the effect 
of short-range order is neglected, while the second 
term includes this effect. The zeroth approximation 
predicts a symmetrical, parabolic integral heat of 
mixing and that AH,,/N,N2 will be a constant inde- 
pendent of composition and temperature. 

The experimental integral heats of mixing as shown 
in Fig. 3 are indeed a symmetrical parabolic func- 
tion of the composition. These were found to be es- 
sentially independent of the temperature over the 
temperature range 700° to 900°C. The values ob- 
tained by Bohl and Hildebrandt’ deviate slightly from 
the calorimetrically derived expression for the in- 
tegral heat of mixing, i.e. AH,, = 2015 Nz,Neq.” 
This deviation is better shown in Fig. 5 where 
AH,,/Nz, Ncqg is plotted as a function of the compo- 
sition. Although Bohl and Hildebrandt’s results 
show a marked asymmetry, the good agreement of 
their values of the entropy of mixing with the ideal 
entropy of mixing indicates that the deviations are 
more likely due to errors inherent in the calcula- 
tions of the heat of mixing by graphical integration 
than a true measure of short range ordering in the 
zinc-cadmium system. Kleppa® compares his calori- 
metrically determined values with those obtained 
from electromotive force measurements for other 
binaries with good agreement and exhibiting the 
same behavior. 

The vapor-liquid equilibrium data obtained via 
electromotive force measurements agree well with 
the results obtained by Waring’® of the New Jersey 
Zinc Co. and by Lumsden’s’® calculations. The 


--@- Wittig, Muller and Schilling(I9) 
2,400 |}- @ This Investigation 
O Bohl and Hildebrandt (1) 


0.2 04 0.6 0.8 1.0 
MOLE FRACTION OF ZINC IN LIQUID 
Fig. 5—Comparison of the integral heat of mixing for the 
zinc-cadmium system. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


T 
T 


| 
\ 1,800 | 


rt 


n 


general shape of the equilibrium curve is the same 
for both sets of results. The slight deviations of 
the results obtained by the different methods can be 
attributed to errors involved in either method, the 
deviations being on the average only 3.1 pct. Cer- 
tainly in the calculation of the vapor-liquid equi- 


librium from the electromotive force measurements 
a degree of uncertainty was introduced in calculating 


the equilibrium from the electromotive force meas- 
urements by a graphical integration of the Gibbs- 
Duhem equation. Further it was also necessary to 
make use of heat capacity data which was known to 
be accurate only to 5 pct. It is evident that the suc- 
cess of predicting vapor-liquid equilibrium from 
electromotive force measurements is dependent 
upon having accurate vapor pressure data of the 
materials in question. The good agreement of the 
results with those obtained by another method is 
indicative of the usefulness of this method for ob- 
taining vapor-liquid equilibrium. With a few re- 
finements in the techniques and more accurate 

heat capacity data it should be possible to predict 
the vapor-liquid equilibrium of a system to within 

1 to 2 pet. 


CONC LUSIONS 


Electromotive force measurements were made 
for the zinc-cadmium system over a temperature 
range of 700° to 900°C to + 0.5 pct in a closed cell 
which minimized interface and diffusion reactions. 

The liquid alloy system was found to exhibit 
regular solution behavior, positive deviations from 
Raoult’s Law and a positive symmetrical integral 
heat of mixing which agreed well with calorimetric 


Raoult's Law 


Lal 
! ---- Waring (18) 


 —Lumsden's Results (13) 
Results of This Investigatio 
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Fig. 6—Vapor-liquid equilibrium for the zinc-cadmium sys- 
tem at one atmosphere total pressure. 


measurements for the system at 470°C. 

Vapor-liquid equilibrium compositions were 
computed for the system at 1-atm total pressure. 
With more reliable vapor pressure data for the 
pure components the vapor-liquid results from 
electromotive force measurements should be re- 
liable to 1 to 2 pct. 
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Kinetic and Equilibrium Studies of Redox 
Reactions in Liquid Bismuth 


The empirical equilibrium constants i = oma and the heat 
of reaction for the reduction (Cug) 


2M8 UOxs) = 2MEQs, + 
have been determined from 300° to 500°C. The mechanisms of 
the oxidation of uranium and magnesium from dilute bismuth D. G. Schweitzer 


solutions have been investigated. The kinetics of some of the : 
reactions were affected by air adsorbed on the uranium oxides. D. 4. Gurinsky 


Tue Liquid Metal Fuel Reactor studied at Brook- prevent oxidation of the uranium fuel in the event of 

haven National Laboratory uses a solution of uranium an air leak. In addition, an attempt was made to 

in bismuth as the fuel. Corrosion and stability prob- identify some of the mechanisms of the oxidation 

lems require that the fuel solution contain corrosion and reduction reactions occurring in the liquid bis- 

inhibitors and deoxidants. Of the additives tested, muth solutions. 

magnesium has been found to be the best deoxidant 

and zirconium the best corrosion inhibitor in bis- EXPERIMENTAL 

muth. Some experiments’ indicate that magnesium Apparatus and Procedure— The equipment shown 
in Fig. 1 was designed so that the reaction kinetics 


may play a secondary role in increasing the effec- 
tiveness of zirconium in inhibiting corrosion. could be studied as functions of temperature, melt 
The work reported here was intended to determine composition, pressure, and flow rate. 


the relative concentrations of Mg and U required to At the start of a run, the 10-liter bell jar (F) is 
removed by opening the bottom Dresser fitting (L), 


and the bismuth and additives are placed in a pyrex 

ARs crystallizing dish (I). The bell jar is replaced, the 

: system is evacuated to 10° to 10°° mm Hg and then 

the heater (J) is turned on. When the selected tem- 
perature is reached, the oxidizing gas is admitted 
‘ “ to the system to the desired pressure as read on 
by ae the manometer (D). Gas is introduced through the 
© slide tube (Q) which has a pyrex frit (R) sealed to 

| its bottom. Stirring is accomplished by immersing 


the end of the tube in the melt. To maintain a con- 
: {_}~a stant pressure under flow the input and evacuation 
C5 rates must be equalized. To obtain this condition 
stopcock (C) is closed and flowmeters (B) are 
: matched. The reaction is ‘‘stopped’’ by closing the 
p<& : inlet flowmeter and quickly evacuating the system. 
: — i To obtain a liquid metal sample, the system is 
Z 4 D EF : evacuated with the sampler positioned near the 
| surface of the liquid. The sampler, Fig. 2, is then 


H 

J (te ‘ AY immersed until its thermocouple reading matches 
thermocouple (G) Fig. 1. The system is then pres- 

surized with helium which forces the solution 

q through the frit. Twenty to 30 min elapsed between 
\ the time the system was evacuated and sampled. 

ss ’ During evacuation and pressurization of the sys- 
tem, the temperature variations did not exceed +5°C. 


DONALD G. SCHWEITZER and DAVID H. GURINSKY, While bubbling occurred the temperature remained 
Member AIME, are Associate Chemist and Head Metallurgist, constant to within 1/2°C. 
respectively, Brookhaven National Laboratory, Upton, N. Y. The volume of the equipment was determined by 
a performed under the auspices of the U.S. Atomic Energy adding a known volume of air at atmospheric pres- 
mission. 
Manuscript submitted July 14, 1959. EMD acing evacuated system and noting the resulting 
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SLIDE TUBE 


ADAPTOR 


— Fig. 2—Sampling 
procedure 
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TUBE 


THERMOCOUPLE 
TUBE SHIELD 


30-40 q 
FILTER MELT 


ppm U OR Mg IN SOLUTION 


CRUCIBLE—+ 


AIR PRESSURE = 70 cm Hg 
FLOW RATE THROUGH THE SOLUTION =7.6 LITERS 
AIR/HOUR AT | ATMOSPHERE AT 22°C 


The flowmeters were calibrated by allowing gas to 
flowintoa large known volume at different pressures. 
Repeated runs yielded flow rates to a precision of 
+3 pet. The pressure was maintained to within 0.1 
cm. The overall precision of the sampling and 
chemical analyses for U in Bi was +3 pct and for 
Mg in Bi was +5 pet. 

Materials—Bismuth-—99.999 pct Cerro de Pasco 
bismuth whose principal trace impurities are usually Figs. 3 and 4 show two typical curves obtained when 
Pb, Cu, Ni, Sn, Fe, Zr, Ag, and Cl was vacuum fil- solutions of uranium and magnesium in bismuth are 
tered through a 30 to 40 » pore size pyrex frit to re- 
move oxides. 

Magnesium—High-purity Mg whose principal im- 
purities are 0.001 pct Ca, 0.0001 pct Cu, 0.001 pct 
Fe, and 0.001 pct Si was cleaned in dilute acetic acid, 
rinsed in methanol and dried before use. 

Zirconium—Hafnium free high-purity crystal bar 
zirconium (Foote mineral) was cleaned in a dilute 
solution of HNO, and NH,F. Typical analyses showed 
that the Zr contained 0.003 pct Fe, 0.002 pct Cu, 
0.002 pct Ti, 0.003 pct Al, 0.001 pct Mg, and 0.003 
pet C. 

Uvranium— Various batches of high-purity uranium 
were analyzed during the experiments. At no time 
did any of the impurities exceed 100 ppm. Since the 
uranium was diluted by more than a factor of 100 
when dissolved, it did not introduce impurities in 
excess of those generally present in bismuth. 

Helium-— Reagent grade tank helium was passed 
over a charcoal cold trap immersed in liquid air AIR PRESSURE = 60 cm Hg 
and then into a titanium chip tank held at 850°C. t FLOW RATE THROUGH THE MELT=28 
The final test of purity used was to pass the helium LITERS AIR/HOUR AT | ATMOSPHERE 
over polished uranium at 600°C at the rate of a “ae 
liter per minute for 1 hr. If the surface of the 
uranium did not tarnish the gas was considered 
useable. 


10 20 30 


t(MIN) 
Fig. 3—Oxidation of U-Mg-Bi solution at 405°C 
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RESULTS AND DISCUSSION 
I) Solutions in which Mg is Selectively Oxidized Fig. 4—Oxidation of U-Mg-Bi solution at 355°C 
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Fig. 5—Reduction of UO, in Mg-Bi at 405°C 


oxidized by bubbling air through the melts. It can be 
seen that initially magnesium is oxidized and uranium 
is not. 

In the reaction 


+ = MMgOw + [1] 


magnesium and uranium are known to be soluble in 
bismuth and MgO and UO, are assumed to be com- 
pletely insoluble. At equilibrium these oxides are 
assumed to exist as pure solid compounds in their 
standard states (i.e., their activities are unity). 
Therefore, 

_ _@y) [2] 

(au,)" 
If interactions occur only between solute and solvent, 
the activity coefficients (vy) should not vary appreci- 
ably with small changes in temperature or concen- 
trations.”* Thus, K can be expressed 
K=K 

= Ki 
For dilute solutions the solute concentrations in 


parts per million are very nearly proportional to 
the mole fractions so that 


Cc 


[3] 


4 
2 (Cug)” [ ] 

or 

— 

K2 (Cu,)” 


where X is the concentration expressed in mole 
fractions, C is the concentration expressed in parts 
per million, A; is a constant equal to the ratio of 
the activity coefficients (y) raised to the appropriate 
powers, and K2 is a constant involving K, and the 
factors for converting mole fractions to parts per 
million (ppm) for this system. 

When air was bubbled through a Mg-U-Bi solution 
containing Mg in excess of that required by Eq. [4] 
only magnesium oxide was produced. This is to be 
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expected if the excess Mg completely reduced uran- 
ium oxides formed during the bubbling by the time 
the sample was taken. Equilibrium in Eq. [1] is not 
expected until thermodynamically stable uranium 
oxide is formed (. e., all the excess Mg is oxidized), 
In these experiments (where Mg was in excess) 
the onset of uranium oxidation was always accom- 
panied by a change in the slope of the Mg oxidation 
curve. In analyzing the data it was found that Eq. 
[4] applied (i. e., equilibrium is attained) only at the 
concentration of U just at the onset of the uranium 
oxidation and at the concentration of magnesium just 
at the change in slope. The ratios Cy/(Cm,)” were 
obtained by using the concentrations indicated. With- 
in the precision noted in the determination of Mg 
and U in Bi, the ratios Cy/(Cm,)” for different ex- 
periments at the same temperature were essentially 
constant for values of » from 1.8 to 2.2 with the best 
fits occurring for m = 2.05. For convenience, m equal 
to 2 will be used throughout the remainder of this 
paper. This corresponds to the reaction 


+ UO2,.)= 2MgQs) + Ucsiy [5] 


It was found that after the uranium had begun to 
oxidize the ratio Cy/(Cw,)° progressively increased 
as the experiment continued. This observation sug- 
gests that equilibrium is not attained (in the 30-min 
sampling time) for the back reaction of Eq. [5] sub- 
sequent to the formation of gross amounts of uranium 
oxides. 

No attempt was made to analyze the oxides formed 
in these experiments because of the formidable an- 
alytical problem. 

II) Mg-Bi Reduction of UO, Powder and ‘‘Wetted’’ 
UOz 


In the previous section the formation of only mag- 
nesium oxide was explained by the assumption that 
the wetted UO2 which probably formed during the 
bubbling was completely reduced by the excess Mg 
present by the time the sample was taken. To check 
this assumption the rates of reduction of commer- 
cial UOz powder and ‘‘wetted’’ (formed by reaction 
of oxygen and UBi) UO, were independently studied. 
A solution of Mg in Bi was contacted with excess 
UO, powder at 400°C ina helium atmosphere. No 
reaction was noted if the mixture was not stirred 
(72 hr). Fig. 5 is a plot of the uranium found in the 
solution as a function of stirring time. At the end of 
18 hr of stirring time the experiment was termin- 
ated because of failure of the equipment. Mg ad- 
ditions were made during the course of the experi- 
ment because of slight but continual decreases in 
the Mg concentration, presumably due to impurities 
in the large volumes of helium used to stir the mix- 
ture. Because of the Mg additions the stoichiometry 
of the reaction could not be followed. The concen- 
trations of Mg corresponding to the last three points 
in Fig. 5 were found to be 2600 ppm, 2700 ppm, and 
2650 ppm. Analyses of the UO2 used gave values of 
UO, 995 - 

In some fifteen other experiments it was found 
that Mg-Bi solutions reduced the ‘‘wetted’’ oxides 
of uranium much more rapidly than the commercial 
UO, powder. For example, a magnesium bismuth 
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Fig. 6—Temperature variation of the empirical equilibrium 
constant for the assumed reaction. 


2Mg¢piy + UO2, 2MEQ sy + Urpiy 


alloy added to bismuth, from which 960 ppm uranium 
had been oxidized, reduced 70 pct of this material 
by the time the first sample was taken (25 min). 

The (Cy/Cy Se ratio obtained from the reduction of 
UO, powder and those obtained from the oxidation 
runs (section I) are plotted as a function of 1/T in 
Fig. 6 and are listed in Table I. The results from 
both oxida*ion and reduction experiments agree, 
implying that the assumption of equilibrium at the 
point of initial uranium oxidation was reasonable. 

A straight line is obtained which shows that both 
the heat of reaction and the ratio %j/7y, )* of the 
activity coefficients are constant over this tempera- 
ture range. The heat of reaction calculated from 
the slope was found to be —35 + 1 kcal per mole. 

III) Oxidation of Solutions in which the Uranium is 

in ‘“‘Excess’’ of K = 


The experiments in this and subsequent sections 
were performed to gain an insight into the factors in- 
volved in the kinetics and mechanisms of reactions. 
The only runs in which U was in excess of that re- 
quired by K, Eq. [5], contained Zr as well as U-Mg- 
Bi. These results are plotted in Figs. 7 and 8. It 
was found that both the uranium and magnesium oxi- 
dized concurrently. In these two experiments the 
number of uranium atoms oxidized per unit time is 
greater than the number of magnesium atoms. The 
data are plotted as per cent loss of components be- 
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560 XK for the reaction 2 Mg 


Table I 
+UO, — 2MgO 


(Bi) (Bi) 
Cy 


Original Solution K (ppm~!) 
Mg (ppm) ppm 
390 215 315 |1.0+0.2 x107? 
800 550 355 | 1,840.1 x1073 
1700 550 405 |2.9+40.2 x10-* 
2700 870 403 |2.8+0.2 x10~¢ 
2500 1500 408 | 3.1+0.2 x10-* 


3000 excess UO,| 405 | 2.4+0.5 x107 
powder 


6000 350 490 | 1.2 +0.1 x10-5 


cause of the differences in starting concentrations. 
These data do not yield an equilibrium constant in 
agreement with that obtained in section I and II, and 
again suggest that equilibrium is not attained for the 
back reaction of Eq. [5] subsequent to the formation 


1.2 of thermodynamically stable uranium oxide. 
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Fig. 8—Oxidation of U-Zr-Mg from Bi at 360°C 


IV) The Kinetics of Oxidation of Magnesium from 
Mg-Bi Solutions Containing Uranium and 
Zirconium 


The oxidation of magnesium from Bi solutions con- 
taining only Mg was found to be first order with Mg. 
In solutions where substantial quantities of uranium 
oxides were present, the magnesium oxidation rates 
were not always first order (see section VII). How- 
ever, the initial rates of oxidation from U-Mg-Bi 
solutions before uranium reacted, Figs. 3 and 4, 
were first order with respect to magnesium. The 
reaction rate constant k (prior to the formation of 
uranium oxides) for the equation of the form 
d[Mg]/dt = k[Mg] varied from —0.0088 to — 0.0041 
(min *) in the temperature interval 403° to 412°C. 
The dependence of F on flow rate (7 to 28 liters per 
hr), temperature, or uranium concentration could not 
be determined with the limited number of experi- 
ments performed. 

V) The Kinetics of Oxidation of Uranium from 

U-Bi Solutions Containing Magnesium and 
Zirconium and from U-Bi Solutions 


Curves for the rate of oxidation of uranium from 
the solutions of Figs. 7 and 8 are shown in Fig. 9. 
At 405°C the oxidation of uranium was accompanied 
by the oxidation of magnesium while at 360°C both 
magnesium and zirconium were being oxidized with 
the uranium. The data show half-order dependence 
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Fig. 9—Oxidation of U from U-Zr-Mg-Bi solution 


on the amount of uranium reacted. Attempts at 
determining the rate of oxidation of uranium from 
bismuth solutions containing only uranium were in 
the main, unsuccessful. The uranium oxidized too 
rapidly to obtain sufficient data for the study of the 
mechanism. Fig. 10 shows one of the more success- 
ful runs. In this experiment, approximately 1200 

to 1300 ppm U were added as a uranium-bismuth 
alloy. The initial analyses showed 1030 ppm in 
solution. It can be seen that again the rate of oxida- 
tion of U in Bi appears to be half order with respect 
to the reacted uranium (U/di = [U, — uy}? ) to about 
90 pct of total oxidation. [U, and U are the initial and 
final concentration, respectively. | 


VI) Attempted Reduction of MgO by U-Bi Solutions 


The reduction of MgO by uranium-bismuth solu- 
tions was difficult to carry out with the technique 
used in these experiments. Pure U-Bi solutions 
are very reactive even in the presence of ‘‘puri- 
fied’’ helium which was used to stir the reacting 
species. 

In the single experiment performed at 455°C, 
260 hr of stirring by helium were required before 
the magnesium was detected in the melt. Repeated 
uranium additions had to be made to maintain its 
concentration in the solution. At this time the 
solution contained 3700 ppm U and 910 ppm Mg re- 
duced from the MgO. The subsequent sample showed 
a drop in the uranium to 1800 ppm and a drop in the 
magnesium to 20 ppm. Further samples showed no 
uranium and 0 to 20 ppm magnesium in solution. 


VII) Effect of Gas Stirring vs Gas Environment 


An alloy containing an estimated 1000 ppm U, 350 
ppm Mg, and 75 ppm Zr was loaded in the equipment, 
evacuated, and brought to temperature. Air was ad- 
mitted to the system and allowed to react with the 
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Fig. 10—Oxidation of U from a U-Bi solution at 358°C 


solution at 362°C in the absence of stirring. The 
amount of oxygen in the system at any one time was 
5. times as much as was necessary to combine with 
all the U, Mg, and Zr present. The system was 
periodically evacuated and replenished with air to 
prevent depletion of the oxygen. It was found that no 
oxidation of the solutes occurred for the first 22 hr. 

In another experiment 3 liters of air per hr were 
bubbled through a U-Mg- Zr-Bi solution which had 
helium as the cover gas. The system was evacuated 
and fresh helium admitted every 3 min to prevent 
the accumulation of appreciable amounts of oxygen. 
Again, no oxidation occurred during the course of 
the experiment (56 min at 400°C). 

The conclusion drawn from the preceding two ex- 
periments is that in order for oxidation to occur at 
an appreciable rate it is necessary for the solutions 
to have large fresh surfaces continuously exposed to 
the reactant oxygen. 

It was always found that solutions which had oxides 
present evolved large quantities of gas and frothed 
when the system pressure was reduced to take the 
liquid metal samples. Freshly prepared solutions 
did not froth appreciably. An experiment was run in 
which approximately 20 to 30 pct of the uranium 
and magnesium originally present was oxidized. The 
system was then evacuated for 10 min, helium was 
admitted, and the melt was then allowed to stand 
overnight at 400°C. The following day the solution 
had lost additional uranium and magnesium equivalent 
to a retained amount of gas equal to one liter of oxy- 
gen or 5 liters of air at that temperature. The aver- 
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Fig. 11—Kinetics of oxidation of Mg from Bi melts con- 
taining Mg, U, and Zr 


age rate of oxidation over the 15-hr period was about 
1/20 of the rate with bubbling. A second experiment 
at 315°C showed an average oxidation rate equal to 
1/10 the rate with bubbling. 

These results suggest that the rates of oxidation 
are influenced by the amount of air adsorbed on the 
dispersed oxides and perhaps to a lesser extent by 
the amount of melt surface exposed (by bubbling) to 
the air. 

If the oxygen adsorbed is proportional to the quan- 
tity of uranium oxide formed, the dependence of the 
rate of oxidation of uranium on the amount of uran- 
ium oxide (U,—U) may actually be a dependence on 
an ‘‘effective’’ oxygen supply from the readily wetted 
uranium oxides. 

The observed variation in Mg oxidation rates in 
the presence of uranium oxides may also be due to 
the supply of oxygen introduced by the uranium ox- 
ides. In the experiment in which Mg and U are oxi- 
dizing in the presence of uranium and magnesium 
oxides, Fig. 7, the magnesium oxidation rate shows 
a dependence on the reacted uranium. Assuming a 
rate equation of the form 


then for this particular experiment 


[U.- = kat +C (Fig. 10) [9] 
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Substituting Eq. [9] in Eq. [8] we obtain 


d[Mg] 


ki ke [Mg] + ki[Mg]C. [10] 


From Fig. 10 it can be seen that for this case 
C = O and, therefore, 


d[Mg] 
=k,k2[Mg]t. [11] 

t 
The plot of the Mg oxidation for this solution is 
shown in Fig. 11 and is seen to fit the integrated 
form of Eq. [11]: [12] In[Mg] = (Aik2/2)t? + C,. 

In view of the above data, the inability to attain 
the expected equilibrium concentrations from solu- 
tions containing appreciable quantities of uranium 
oxides may be due to the continuation of the oxida- 
tion reactions (caused by adsorbed gas on the oxides) 
even after the attempts to remove the reacting gas 
by evacuating the system. Under these conditions 
the kinetic reactions would not have ceased when the 
samples were taken. 


SUMMARY AND CONCLUSIONS 
1) The empirical equilibrium constants 


for the reaction 
= 2MgQs) + Upaiy, 


+ UO 


2(S) 
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have been determined over the temperature range 
from 300° to 500°C. 

2) The heat of reaction for the above reduction was 
found to be —35 + 1 kcal per mole. 

3) The nonattainment of equilibrium for the back 
reaction of Eq. [5] in the presence of uranium oxides 
is probably due to the continuation of oxidation re- 
actions because of air adsorbed on the uranium 
oxides. 

4) The data obtained from the oxidation kinetics 
of uranium in bismuth, the change in the magnesium 
oxidation rate when uranium begins to oxidize, the 
oxidation of U-Mg-Bi solutions in helium when they 
were previously oxidized with air, and the oxidation 
rates of Mg when the U/Mg ratio is large, suggest 
that the uranium oxides in some way adsorb rela- 
tively large quantities of oxygen which are made 
available for reaction. 
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Technical Notes 


Metal Crystal Orientation Using the Polar- 
izing Microscope 


H. D. Mallon 


Tue direction of the optic or ‘‘C’’ axis of a uniaxial 
metal crystal can be found with the metallurgical 
polarizing microscope by examining two planes of 
section on the crystal. Complete orientation of the 
crystal can be determined if a twin crystal is com- 
mon to both surfaces of section. 

Examination of Uniaxial Metals in Polarized Light— 
Rotation of a uniaxial crystal surface, properly pre- 
pared," shows four extinction positions 90 deg apart, 
provided that the surface is not close to a basal sec- 
tion. 

One of these two extinction directions corresponds 
with the projection of the optic axis on the surface 
of section. This direction can be found if the 'sign 
of the rotation’’ for the metal is known. 

To find the direction of the optic axis, the crystal 
is rotated on the stage 45 deg from an extinction 
position. With a crystal of negative sign, to produce 
extinction the analyser must be rotated towards the 
optic axial direction and vice versa. All sections, 
other than basal, of a uniaxial crystal have the same 
sign of rotation and, since there is no change in sign 
with wave length, white light can be used for these 
measurements. If the sign of the rotation is not 
known the presumed direction of the optic axis can 
be determined assuming a positive sign. A third 
section cut normal to the presumed optic axis will 
show basal extinction if the assumption is correct. 


(i) 
main 
crystal 


(6) 


Fig. 2—Complete orientation of bismuth crystal using 
polarizing microscope. Fig. 2(@)—measurements made on 
crystal. Fig. 2(b)—stereogram showing construction. 


It is convenient to use the edge between the two 
planes of section as a fiducial direction common to 
both surfaces. The optic axis can be related to this 
direction. 

If the above measurements are repeated on the 
other plane of section and the angle between the two 
section planes measured, stereographic projection 
can be used to determine the orientation of the crys- 
tal optic axis. 

Fig. 1—Stereogram showing (111) poles of four bismuth Determination of Complete Orientation—The com- 
crystals relative to fiducial edge. plete orientation of a uniaxial crystal can be deter- 
mined provided that a twin cr i 
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determined in the same way as for the main crystal 


+ X-ray results. 
© Polarizing microscope results. 
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and plotted on the same stereogram. Since the pole 
of the twinning plane lies on the same great circle 
as both optic axes the position of the twinning plane 
can be marked on the stereogram and the complete 
orientation of the crystal is thus determined. 

Results—The method has been tested on various 
single crystals of bismuth. Orientations of the optic 
axes of four crystals are shown in Fig. 1., together 
with orientations found by X-ray back reflection 
photographs.” 

Figs. 2a and 2b show a determination of complete 
orientation using a single crystal of bismuth contain- 
ing a twin common to both surfaces of section. Fig. 
2a shows the measurements made on the crystal 
while Fig. 2b shows the stereographic procedure. 
With the x plane as the plane of projection, the fidu- 
cial edge FD is marked on the stereogram. The pole 
of the y plane is then marked in together with the 
great circle representing the y plane. The extinction 
directions containing the optic axes of the main cry- 
stal Mx and the twin Tx, both in the x plane, are 
drawn as diameters. The optic axial extinction di- 
rections in the y plane, My and Ty, are plotted on the 
projection of the vy plane as indicated in the drawing. 
A great circle containing the point My and the pole 
of the yv plane intersects the direction “x at the 
projection of the optic axis of the main crystal. 
Similarly, the optic axis of the twin is found as the 
intersection of the great circle through T¥ and the 
pole of the y plane, with the direction Tx. {011} is 
the twin plane* which makes an angle” of 36 deg 58 
min with both optic axes. Thus the twin plane can be 
marked on the great circle which contains both optic 
axes and the orientation is then completely deter- 
mined. For comparison, orientation by X-rays is 
shown on the stereogram. 
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Solubility of Nitrogen in Liquid 
Manganese 


Nev A. Gokcen 


PusuisHEep data on the solubility of nitrogen in 
liquid manganese are widely discordant. Ochsenfeld’ 
observed that a Mn-N alloy with 3.6 pct N consisted 
of solid and liquid phases at 1260°C but at 1300° to 
1340°C the solid phase disappeared and the liquid 
contained 0.1 to 0.13 pet N. In contrast Saito’s” 
measurements at approximately 1400°C yielded an 
average value of 0.97 pct N. Sieverts’* volumetric 
method is not suitable for the determination of gas 
solubility in manganese because the liquid metal 
vaporizes readily and condenses in the cooler parts 
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Fig. 1—Solubility of nitrogen in manganese. 


of the apparatus where it can absorb large amounts 
of nitrogen. The purpose of this investigation was, 
therefore, to determine the solubility of nitrogen in 
manganese accurately in the range of 1273° to 
1500°C. 

The experimental method used in this study was 
as follows. Electrolytic manganese of 99.9 pct 
purity, and weighing 50 g, was melted in a pure 
alumina crucible placed in a tubular furnace. Tem- 
perature was measured with a Pt-10 pct Rh ther- 
mocouple and controlled within +5°C. Pure nitro- 
gen was bubbled through the melt for 1 hr at 
constant temperature and then a sample was taken 
by sucking the metal into a 2-mm clear silica tube 
and immediately quenching in water. The sample 
was broken into small pieces and found to be sound 
to the naked eye. The entire sample was then dis- 
solved and the resulting solution was analyzed for 
nitrogen by the well-known solution-distillation 
method. 

The experimental results are presented in Fig. 1. 
All the nitrogen solubility data refer to 1 atm of 
nitrogen pressure; hence the observed values are 
slightly corrected by using Sieverts’ equation when 
the atmospheric pressure differed more than 5 mm 
Hg from 760 mm, and further, in the case of the 
runs at 1500°C the correction arising from the 
presence of Mn vapor has been made. (Cf. Eq. [3]). 
Scattering in the data is within +5°C in tempera- 
ture measurement and +3 pct in total nitrogen 
analysis. The straight line in Fig. 1, correlating 
the percentage of dissolved nitrogen, %N, with the 
inverse temperature in _". can be expressed by: 
log = 2979 _ 1.55 [1] 
From this equation the solubility of nitrogen at 
1400°C is 1.98 pct in contrast to Saito’s average 
value of 0.97 pct for the same temperature. If the 
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mole fraction, X , is used instead of the percentage 
Eq. [1] becomes log X = (2920/T) — 2.88. Dissolu- 
tion of nitrogen’ follows 7/2 Nz = N [in Mn] for which 
the equilibrium constant is 


K,, = f [GN] /VPu, = Ke, [2] 


where / is the activity coefficient of nitrogen for 
which the reference state is the infinitely dilute 
solution, i.e., f + 1 when %N ~ 0; Py,, the gas 


pressure in atm.; K2, the apparent equilibrium 
constant defined by the identity in Eq. [2]. De- 
termination of f requires additional data on K;, at 
various nitrogen contents for a chosen temperature. 
A plot of log K7,vs %N extrapolated to %N = 0 would 
yield log K»,. The ratio Ky,/Ky,at any concentration 
would give the value of f. Unfortunately such data 
which can be obtained at various values of Py, by 
dilution of Nz with a noble gas are not yet available. 
However, similar data for the Cr-N system have 
been obtained by Humbert and Elliott.* Their results 
have been expressed by 


log f (Cr) = 0.10 [%N]c, [3] 


where f (Cr) is the activity coefficient based on con- 
centration in weight percentage. Assuming that this 
relationship is also valid for the Mn-N system in 
view of the proximity of Cr and Mn in the Periodic 


Chart, Eq. [2] for the data in Fig. 1 can be adequately 
represented by 


g K,, = - 2.23 [4] 
The corresponding standard free-energy change is 


A F2 = —4.576 T log K = —20,900 + 10.207 [5] 


At low nitrogen concentrations the ratio of mole 
fraction to weight percentage is a constant so that. 
the mole fraction X of nitrogen is given by X = 
0.0392 [%N]. At low values of X, the activity and 
the concentration approach each other, hence K, = 
0.0392 K.,, where K, is expressed in terms of the 
mole fraction of nitrogen. Hence Eqs. [4} and [5] 
become 

4570 


log Ky = 3.64 


A = —20,900 + 16.667 [7] 


Dissolution of nitrogen in manganese is therefore 
an exothermic process to the extent of —20,900 cal 
per g-atom of nitrogen. 

This research has been sponsored by the Ameri- 
can Iron and Steel Institute. 


1R, Ochsenfeld: Ann. Physik, 1932, vol. 12, p. 353. 

2T. Saito: Res. Inst. Tohoku Univ., 1949, No. 1, p. 411. 

3A. Sieverts: Z. Physikal. Chem., 1911, vol. 77, p. 591., 

“J. Humbert and J: F. Elliott: to be published in Trans. Met. Soc. AIME. 


Rare-Earth Gallium Compounds Having 
the Aluminum-Boride Structure 


S.E. Haszko 


SEVERAL new XGa, intermetallic compounds, 
Table 1, where X is a rare earth, having the AlB, 
structure were prepared as part of a continuing 
study of the magnetic and structural properties of 
rare-earth alloys.’ In this note, the crystallographic 
results of these compounds are presented. 


The compounds were prepared in quartz crucibles 
in argon by induction heating. The gallium was of 
99.99 pct purity and the rare earths 99.+ pct (except 
Pr, 99.9+ pct). Powder X-ray patterns were taken of 
all the compounds with CrKa radiation with Strau- 
manis type Norelco cameras of 114.6 mm diam. 

Al1B, is hexagonal and belongs to space group 
P6/mmm —- Djp, with 1 Al in (a): (0,0,0) and 2B in 
(d): +(1/3, 2/3,1/2). The intensities of the reflec- 
tions on the powder photographs are similar for the 


Table II. Observed and Calculated Interplanar Spacings 
and Intensities for DyGa7—CrK@ Radiation 


Table |. Crystallographic Data for the XGa. Compounds 


12 
Ge Dens. 


c/a Vol. (A*) (g/em’) 


6.07 
6.47 
6.62 
6.85 
6.98 
7.39 
7.89 
8.07 


a(A) (A) 


62.50 
71.37 
70.14 
67.93 
67.42 
65.12 
63.74 
62.82 
62.08 
61.54 
60.97 


2.42 
2.49 
2.49 
2.47 
2.47 
2.45 
2.44 
2.43 
2.42 


3.17 
3.33 
3.30 
3.27 
3.26 
3.20 
3.18 
3.16 


-975 
1,022 
1.00 


4.198 
4.320 
4.32 

4.272 
4.27 

4.238 
4.219 
4.209 
4.199 


4.095 
4.416 
4.34 

4.298 1.006 
4.27 1.00 

4.187 -988 
4.135 -980 
4.095 .973 
4.066 -968 
4.192 4.044 965. 2:42 3.15 8.21 
4.186 4.018 -960 2.42 3.14 8.35 


*All lattice constants are +0.005A except for CeGa, and NdGa, (+0.01A) 


S. E. HASZKO is with Metallurgical Research Department, 
Bell Telephone Laboratories, Murray Hill, N.J. 
Manuscript submitted September 22, 1960. IMD 


d obs. d calc. 


4.066 
3.636 
2.711 
2.100 
2.033 
1.866 
1.818 
1.775 
1.6598 
1.4605 
1.3745 


1.3553 


1.3021 
1.2700 
1.2122 
1.1616 


N.O.** 
3.612 
2.698 
2.093 
2.029 
N. O. 
1.818+ 
1.773 
1.6578 
1.4599 
1.3746 


1.3546 


1.3018 
1.2699 
1.2922 
N. O. 


*s = strong, m = medium, w = weak, v = very. 
**N.O. = not observed. 
***Beginning here, d values for 4, and @, averaged. 
+Contains the § for the (201) reflection. 
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Table IIl. Comparison of Previously Reported Lattice Constants 


Present Work Literature 

a (A) c (A) c/a a (A) c (A) c/a ence 
LaGa, 4.320 4.416 1.022 4.329 4.405 1.02 6 
CeGa, 4.32 4.34 1.00 4.312 4.316 1.00 6 
PrGa, 4.272 4.298 1.006 4.292 4.292 1.00 5 
SmGa, 4.238 4.187 .988 4.280 4.209 .983 7 


compounds listed in Table I. Therefore, relative in- 
tensities were computed only for DyGa, for CrKa 
radiation. These data are listed in Table II. In the 
calculation of intensities, the Thomas and Umeda? 
atomic scattering factors, corrected for dispersion,’ 
were used. The agreement between observed and 
calculated interplanar spacings and intensities sup- 
ports the conclusion that DyGa, has the AlB, struc- 
ture. 

Crystallographic data for these compounds are 
listed in Table I. Four of these compounds have 
been reported by other workers, and the results are 
compared in Table III. Fairly good agreement is ob- 
tained, except for PrGa, and SmGa,. This can pos- 
sibly be explained by the existence of homogeneity 
ranges in these compounds, and the loss of the rare- 
earth element could result in these discrepancies. 
This is especially true in the case of Sm, which has 
a fairly low boiling point (approximately 1900°C). 

An examination of the AlB, structure shows that 
the larger rare-earth atoms lie between planes 
composed of hexagonal arrays of gallium atoms. 
The rare-earth atoms are positioned in the open 
central region between these hexagonal arrays, and 
for the case of packing of touching spheres, the 
‘tideal’’ c/a = 1.07.4 One can see that as the atomic 
number of the rare earth increases (atomic diam- 
eter decreases), the c-axis dimension will change 
at a greater rate than the a-axis dimension. 

Cerium appears to be trivalent in CeGa,, similar 
to the behavior of Ce in CeAl, having the cubic 
Laves phases.’ We have not been able to prepare 
EuGa, and YbGa, with this structure. This may be 
due to the larger atom size, or divalent behavior, 
of Eu and Yb. These elements appear to be divalent 
in EuAl, and YbAI,, which also have the cubic MgCu, 
structure.? 

It has been suggested*,® that the Ga atoms in 
LaGa,, CeGa,, and PrGa, are essentially covalently 
bonded, and for the case of PrGa,, the Pr-Ga bonds 
are partially ionic. This bonding scheme would sug- 
gest some semiconducting behavior in these com- 
pounds, Physical measurements on the pure stoi- 
chiometric compounds would be useful in ascertain- 
ing the validity of the suggestions. 

The author wishes to thank J. H. Wernick for dis- 
cussion and D. Dorsi for the preparation of these 
compounds. 


*E. A. Nesbitt, J. H. Wernick, and E. Corenzwit: J. Appl. Phys., 1959, p. 365. 


S. E. Haszko: Trans. Met. Soc. AIME, 1960, vol. 218, p. 958. 

J. H. Wernick and S. Geller: Acta Cryst., 1959, vol. 12, p. 662. 

J. H. Wernick and S. Geller: Trans. Met. Soc. AIME, 1960, vol. 218, p. 866. 

J. H. Wernick and S. E. Haszko: to be published. 

*L. H. Thomas and K. Umeda: J. Chem. Phys., 1957, vol. 26, p. 293. 

°C. H. Dauben and D. H. Templeton: Acta Cryst., 1955, vol. 8'p. 841. 

‘F. Laves: Crystal Structure and Atomic Size in Theory of Alloy Phases, 
ASM, 1956. 

SA. landelli: Gazz. Chim. Italiana, 1949, vol. 79, p. 70. 
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°F. Laves: Naturwiss., 1943, vol. 31, p. 145. 
7A. Iandelli: The Physical Chemistry a Metallic Solutions and Intermetallic 
Compounds, vol. 1, Chem. Pub. Co. Inc., New York, N. Y., 1960. 


Crystallographic Angles in Tetragonal 
Crystals: $-Tin and Indium 


B.S. Chandrasekhar and B. W. Veal 


Tue Laue method of orienting single crystals re- 
quires the use of tables of angles between crystal- 
lographic planes, and between zone axes. Such 
tables have been published for cubic crystals,’ and 
some rhombohedral’ and hexagonal® crystals. A 
table of angles between planes in #-tin has also 
been published;* these angles refer to only low- 
index planes, and are not particularly helpful in 
the actual indexing of spots on a Laue photograph. 
Furthermore, it is often useful to know the angles 
between zones which share a common low-index 
plane. 

We have calculated such tables of angles for 
B-tin and indium, both between planes in principal 
zones, and between zones passing through prin- 
cipal planes. The results are given in Tables I 
and II. The standard formulas” were used, with 
c/a = 0.54554 for B-tin, and 1.07586 for indium. 


Table I. Angles Between Crystallographic Planes in B-Tin and Indium 


Angle Between Angle Between 
Planes Pe Planes 
of Planes B-Tin Indium of Planes B-Tin Indium 
18° 26' 18°26' 5°28' 8°20' 
120 8° 8' 8° 8' 133 3°36" 5°23! 
230 3) P38! 122 4°24' 6° 24' 
110 11°19' 11°19' 1? 7 167° 
13° 0' 14°27 
533 019) 
010 211 
031 31025! 17213! 311 11°24' 9°51' 
021 7°43' 511 
8°38' 11°97" 
4°44) 
013 4°58' 8°33' 713 11°23! 
001 10°18' 19°44' io1 12°57" 19° 46' 
312 
551 4°32 7°29 301 13°45 10°33 
331 8°50' 4°52' 29° 4! 18°17' 
1 9° 35' 5°50' 231 29° 4' 18°17' 
19°24! 15°37? Di 13°45! 10°33! 
12°49' 14° 18' san 11°27 10°43' 
3045! 5° 8 15°57) «19°15! 
113 6°40' 10°21' 123 12°57" 19°46' 
115 112 6°51' 11°23" 
117 
6°17' 12°16' 
001 


B. S. CHANDRASEKHAR and B. W. VEAL are with Westing- 
house Research Laboratories, Pittsburgh 35, Pa. 
Manuscript submitted September 16, 1960. IMD 
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Table Il. Angles Between Crystallographic Zones in B-Tin and Indium 


Angle Between Angle Between 
Zone Axes B-Tin Indium Zone Axes B-Tin Indium 

19°26" 18°26 P45 
120 8! 8! 133 6°21' 
230 rs 122 Fas 
110 11°19' 11°19! 17°35 1227 
533 14°22' 14°22' 

010 211 
031 10°18! 19°44! 311 8°52! 10° 12' 
021 4°57' $°33' 511 7°58' 9° 43' 
032 4°44' 711 3°36' 4°31' 
oll 8° 38! 11°27' 100 9°15' 

10°41' ir 7 
013 43' 313 14°47' 10°22' 
001 31°26' 17° 13' i01 23° 35' 18° 24' 

312 19°21' 18°55' 

110 311 
551 4° 25' 8°39! 321 8° 40' 11°15' 
331 535" T10 14°10' 20° 0' 
6° 36' 331 14°10' 20 0' 
10°11" 16° 26' 8°40! 11°15' 
335 11°39! 14°28' 132 9°27' 4 
112 4°55! 4°57' 011 19°21' 18°55' 
13 39' 13 23°35" 18° 24' 

13°25' 8° 56' = 14°47' 10° 22' 
115 5! 4° 6) 112 
117 

20° 19' 10°38' 
001 


1R, M. Bozorth: Phys. Rev., 1925, vol. 26, p. 390. 

2E. I. Salkovitz: AJME Trans., 1956, vol. 206, p. 176; W. Vickers: AJME 
Trans., 1957, vol. 209, p. 827. 

3E. I. Salkovitz: AIME Trans., 1951, vol. 191, pp. 64, 880. 

‘J. F. Nicholas: A/JME Trans., 1951, vol. 191, p. 1142. 

5C. S. Barrett: Structure of Metals, McGraw-Hill Publishing Co., 
p. 632, 1953. 
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On Coincidence Sites 


H. P. Stiwe 


Tue recent papers of Aust and Rutter’* have again 
brought to mind the importance of certain ‘‘special’’ 
orientation relationships between the lattices of two 
fec crystals on the mobility of the grain boundary 
separating them. No theoretical treatment of this 
problem has been offered till now. The only principle 
published so far that has given an indication why cer- 
tain orientation relationships should be ‘‘special’’ is 
the counting of ‘‘coincidence sites’’ according to the 
suggestions by Kronberg and Wilson.® The ‘‘coinci- 
dence plots’’ published by these authors show, for 
instance, that two fcc lattices rotated by 38 deg 
around a common (111)-axis have 1/7 of their lat- 
tice sites in common. Such an orientation relation- 
ship is also characteristic for high boundary mo- 
bility. 


HEIN PETER STUWE is Scientific Assistant, Institut fur allge- 
meine Metallkunde und Metallphysik, Rhein.-Westf. Technische 
Hochschule, Aachen, Germany. 
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Fig. 1—Two Sieves, rotated 38 deg. 


The accuracy of the orientation relationship needed 
for high mobility is not too rigid. Deviations up to 
10 deg from the ideal orientation seem to be toler- 
able as can be gathered from the experimental data.’»* 
The question arises, then, how the density of coinci- 
dence sites will be affected by a deviation from 
mathematical accuracy. 

This can be checked by a simple model. Two 
sieves are prepared, the arrangement of the holes 
corresponding to lattice sites on a (111)-plane ina 
fec crystal. They are placed upon each other, Fig. 1. 
One is kept fixed, the other is rotated around an 
axis pushed through one hole in common to both. 

The light falling through holes of both sieves is then 
a measure for the density of coincidence sites. If 
the diameter of the holes is very small, light inten- 
sity is contributed only by holes the centers of which 
coincide ‘‘exactly.’’ If the diameter of the holes is 
rather large, some intensity will be contributed by 


photometer reading inarbitrary units 


angte of rotation 


Fig. 2—Intensity vs angle of rotation for d = 1, 2, 3 mm. 
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holes that do not coincide exactly but overlap par- 
tially. The diameter d of the holes is therefore as- 
sumed to be an overall measure for the accuracy 
with which coincidence is wanted. 

Fig. 2 shows the light intensity (measured with a 
photometer in arbitrary units) vs the angle of rota- 
tion a for holes of 1, 2, and 3 mm diam. The dis- 
tance a in Fig. 1 was kept constant at 7 mm. The 
intensity for a = 0 (= identity), or twin orientation, 
(a = 60) was kept constant. 

The figure shows that for d = 1 mm (= close co- 
incidence) the special orientations are very distin- 
guished indeed from other orientations. The maxima, 
however, are very narrow and do not permit devia- 
tions from the ideal value for a of more than 1 deg. 
For d = 2 mm the maxima broaden somewhat, but at 
the same time they lose drastically in distinction 
from other orientations. At d = 3 mm, the intensity 
near the ‘‘special’’ orientations is not higher than 
anywhere else on the curve. 

The curves of Fig. 2 suggest that the density of 
coincidence sites might not be the proper principle 
that distinguishes the ‘‘special’’ boundaries from 
the ‘‘random’’ boundaries since it leads to a much 
narrower range of preferred orientation than is ac- 
tually observed. It seems likely, that a detailed 
study of the boundary structure will be necessary to 
explain the ‘‘special’’ properties of certain grain 
boundaries. 


1K. T. Aust and J. W. Rutter: Trans. Met. Soc. AIME, vol. 215, p. 119. 

2K. T. Aust and J. W. Rutter: Trans. Met. Soc. AIME, 1959, vol. 215, p. 820. 
3M. L. Kronberg and F. H. Wilson: A/ME Trans., 1949, vol. 185, p. 501. 

4B. Liebmann, K. Liicke, and G. Masing: Z. Metallk., 1956, vol. 47, p. 57. 


The Anomaly in the Rate of Strain 
Hardening of Zinc Single Crystals 


A. Deruyttere, E. Van den Bergen, 
J. Van der Planken, and M. Laurent 


Fanrenuorst and Schmid’ observed that zinc 
single crystals work hardened less rapidly when 
strained in liquid air (— 185°C ) than in a bath at 
— 82°C, whereas at higher temperatures the rate 
of work hardening decreased with increasing tem- 
perature, as would be expected. Cadmium and 
magnesium showed no such decrease at — 185°C. 
At that time the observed anomaly for zinc at 
liquid air temperature probably seemed insignifi- 
cant. However it later was confirmed’ by experi- 
ments in liquid nitrogen (— 196°C) and in the mix- 
ture solid carbon dioxide-acetone (—77°C) and 
therefore appeared to be real. 

Seeger then suggested that the anomaly might 
be due to the different wetting of the zinc crystals 
by the cooling media. Recently a new confirmation 
was obtained, * however the cooling media again 


A. DERUYTTERE is Professor of Metallurgy, University of 
Louvain, Louvain, Belgium. E. VAN DEN BERGEN, J. VAN 
DER PLANKEN, and M. LAURENT, formerly undergraduate © 
students, University of Louvain, are now with the Army. 

Manuscript submitted September 20, 1960. IMD 
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were different: the rate of strain hardening was 
found to be lower in liquid nitrogen and liquid oxy- 
gen than in pentane cooled to various temperatures 
down to — 126°C. 

Experiments will now be reported in which the 
medium surrounding the specimen at the different 
temperatures was the same, namely gaseous air. 

The single crystals were made from ‘‘Overcor 
99.99’? zinc. They were grown in a vertical travel- 
ing furnace on seeds of nearly the same orientations. 
The diameter of the crystals was 5 mm and the 
length between shoulders 140 mm. The brass 
shoulders were stuck to the crystals by means of 
araldite. A thin steel wire was fixed to each shoul- 
der and served to fasten the specimen to a Houns- 
field tensile testing machine. The crystals with the 
shoulders and part of the wires were surrounded by 
two concentric cylindrical containers. The coolant, 
either liquid air or ground solid carbon dioxide, 
was poured into the outer container only. During 
cooling the containers rested on a support which 
was removed when the straining was started. 

In order to check the temperature which the 
crystals would attain inside the inner container, 

a hollow bar of zinc in which a thermocouple was 
fitted was first mounted in the apparatus as a sub- 
stitute for a crystal. It appeared that a constant 
temperature, respectively —183° and —72°C, was 
attained inside the bar, if a soaking time of the 
order of 1 hr was allowed and if the outer con- 
tainer was constantly kept filled. Accordingly, 
this procedure was adopted for every tensile test. 

To take account of the large scatter, fourteen 
tensile tests were performed with liquid air and 
seven with solid carbon dioxide. The orientation 
of the crystals and the results are presented in 
the table, in which the symbols have the following 
meaning: 

t : temperature 

X: initial angle between basal plane and specimen 

axis 

A: initial angle between slip direction and speci- 

men axis 

a: shear strain at fracture 


Tr 
6: average rate of strain hardening = as 100 


T, and 7; representing respectively the crit- 
ical shear stress and the shear stress at 
fracture. 

Despite the scatter of the a— and 6— values which 
is of the same order of magnitude as in the work 
reported by Seeger and Trauble,* it is evident that 
the strain hardening rate is significantly lower at 
— 183°C than at —72°C. 

The table also contains the average values cal- 
culated from Seeger and Trdauble’s results at the 
corresponding temperatures: ?.e., four results at 
—183°C and two at —70°, —71°C. These authors 
calculated @ in a slightly different way, but this is 
unimportant. 

The agreement between the a-values shows that 
both sets of experiments are comparable despite 
the differences in experimental techniques. 

The rates of strain hardening also agree and it 
may therefore be concluded that the anomaly is not 
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Table | 

| x A a, Pct 6, g/mm? 

-183 25 31 18.2 343 
29.5 37 407 
29 34 28.7 309 
36 21.0 377 
28.5 38.5 22.0 345 
33 41 29.6 346 
27.5 355 24.2 388 
26.5 34 24.9 358 
28 35 16.4 356 
26.5 34 255 389 
28.5 36.5 73 339 
27 30 15.8 282 
36 45 9.4 350 
27.5 34.5 25.8 466 

=72 27 36 49.4 745 
28 36 28.2 598 
29 35 45.2 594 
27 35 39.9 537 
205 35 49.6 620 
27.5 33.5 55.8 708 
26.5 35.5 28.5 730 

Averages: 

Present work 

-183 19.5 361 

=72 42.4 647 

Seeger and Trauble 

-183 18.2 348 

-70,-71 41.0 579 


to be attributed to an influence of the cooling medium. 


A single experiment was further performed in the 
following conditions: a crystal after being mounted 
on the testing machine was first cooled to liquid air 
temperature and then allowed to warm up and soak 
at —72°C at which temperature it was tested: its 
rate of strain hardening was 6 = 707 g per sq mm. 
This high value indicates that the factors causing 
the anomaly depend on the temperature in a re- 
versible manner. 


1W. Fahrenhorst and E. Schmid: Z. Phys., 1930, vol 64, p. 845. 

7A. Deruyttere and G. B. Greenough: J. Inst. Metals, 1956, vol. 84, p. 337. 
3A. Seeger: Handbuch der Physik, vol. VII/2, p. 49, Springer-Verlag, 1958. 
“A. Seeger and H. Trauble: 2 Metallk., 1960, vol. 51, p. 435. 


Observations on the Ti- Zr System 


E. Ence and H. Margolin 


In order to understand the effect of zirconium on 
properties of Ti-Cu-Al alloys, Ti- Zr alloys were 
examined for the presence of ordering or com- 
pounds at the following compositions in weight per- 
cent: 24.1 pct Zr (1 Zr:6Ti), 32.2 pct Zr (1Zr:4Ti), 
38.8 pet Zr (1Zr:3Ti), 49.0 pet Zr (1 Zr:2Ti). 
Alloys were prepared as 15-g buttons by non- 
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WEIGHT PERCENT ZIRCONIUM 
Fig. 1—Tentative partial Ti-Zr phase diagram. 


consumable arc melting under argon atmosphere 
from Bureau of Mines titanium (Bhn 63) and Re- 
actor Grade zirconium (Bhn 150). Weight losses 
during melting did not exceed 1 pct of the initial 
button weight. 

Prior to heat treatment, buttons were hot-rolled 
at 600° to 700°C to rods of about 6 mm diam. Con- 
tamination after hot-rolling was found to extend to 
a depth of less than 0.5 mm. Specimens for heat 
treatment were wrapped in molybdenum sheet, an- 
nealed in argon-filled quartz capsules, and quenched 
by breaking the capsules under iced brine. Anneal- 
ing times were as follows: 700°C—7 days; 600°C— 
14 days; 575°C—1 and 2 months; 525°C—2 months; 
500°C—2 months. 

Prior to heat treatment, all Ti- Zr alloys were 
vacuum annealed at 900°C to remove hydrogen. The 
reanneal of 575°C specimens for an additional month 
produced no observable microstructure changes. 

The results obtained by microstructure and X-ray 
diffraction are shown in Fig. 1, together with data 
of Hayes ef al.’ No other phases than @ or 6 were 
found. Small amounts of retained B were detected 
by X-ray in the 49 pct Zr alloy. 

The data of the present investigation suggests 
that 8 and @ transus boundaries are at considerably 
lower temperatures than those of Hayes ef al. The 
work of Hayes et al. is based on sponge titanium 
and Bureau of Mines zirconium, both of which con- 
tained 0.15 pct O. Since melting was performed in 
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graphite crucibles, the carbon content varied be- 
tween 0.38 to 1.85 pct C. The oxygen content of the 
24.1 pct Zr button used in this investigation was 
determined to be 0.090 pct.* Therefore, the dif- 


*Analyzed by National Research Corp., Cambridge, Mass. 


ference in level of interstitial contaminants would 
produce boundary shifts in the direction observed 
and would account for the differences noted in Fig. 1. 
The authors wish to express their appreciation to 
the Wright Air Development Division for their fi- 
nancial support and the permission to publish 
the results of the work under Contract No. AF 
33(616)-5655. The authors are grateful to Mr. D. D. 
Blue of the Bureau of Mines for supplying the ti- 
tanium used in the investigation. 
1€, T. Hayes, A. H. Roberson, and O. G. Paasche: Zirconium-Titanium Sys- 


tem: Constitution Diagram Properties, Rep. Invest. U. S. Bur. Min. No. 4826, 
1951, pp. 246-247. 


Internal Friction Behavior of An 
Aluminum- Aluminum Oxide SAP-Type 


Alloy 


G. S. Ansell and P. E. Arnold 


Re LAXATION in metals has been studied in de- 
tail by many workers in recent years.’ ° These 
studies have shown that there is an energy-loss 
peak observed in a metal placed in mechanical 
resonance at low frequencies which may be cor- 
related with various metallurgical processes. 

These experiments have been largely used to 
study single-phase materials. In order to study 
the effect of a finely dispersed second phase in a 
metal matrix upon this phenomenon, the relaxation 
behavior of an aluminum-aluminum oxide SAP- 
Type alloy in both the fine-grained as-extruded 
and coarse-grained recrystallized conditions was 
investigated by the use of internal-friction meas- 
urements. The alloys studied, designated MD 2100, 
consist of a matrix of commercial-purity aluminum 
containing a finely dispersed second phase of alu- 
minum oxide. The aluminum oxide is present in 
this alloy in the form of fine platelets approximately 
130A units thick and several microns on edge. The 
mean free path betwen dispersed platelets is ap- 
proximately 0.5 uw. The grain size of this alloy is 
extremely stable at temperatures as high as the 
melting temperature of the aluminum matrix. In 
the as-extruded condition the grain diameter is 
several microns, while in the recrystallized con- 
dition it is several millimeters in diameter. 

The damping characteristics of the alloy samples 


G. S. ANSELL, Junior Member AIME, is Assistant Professor 
of Metallurgical Engineering, Rensselaer Polytechnic Institute, 
Troy, New York. P. E. ARNOLD, formerly a student, Depart- 
ment of Metallurgical Engineering, Rensselaer Polytechnic 
Institute, is now associated with Hamilton Standard Division 
of the United Aircraft Corp., Hartford, Conn. 

Manuscript submitted August 3, 1960. IMD 


206—VOLUME 221, FEBRUARY 1961 


Table |. Internal Friction Data, As-Extruded MD-2100 Alloy 


Test Frequency, f Temperature of Relaxa- Activation Energy, Q* 


Cps tion Peak 7, °K Kceal per mole 

0.9 527 6.5 (0.9-1.8 cps) 
3 566 5.4 (0.9-1.3 cps) 
13 594 7.3 (1.3-1.8 cps) 


f, e7Q/RT, 


*determined from f= ORT," the numbers in parentheses indicate 
2 


the frequency pair used for calculation. 


were determined using a torsional-pendulum de- 
vice. The internal-friction constant was determined 
for this alloy in both the fine-grained as-extruded 
and coarse-grained recrystallized conditions over 
the temperature range from 343° to 923°K at fre- 
quencies of 0.9, 1.3, and 1.8 cycles per sec. 

An internal-friction peak was observed in test- 
ing the fine-grained alloys which was not observed 
for the coarse-grained alloys. This peak, which 
might be associated with a type of grain-boundary 
relaxation, was observed at each of the three dif- 
ferent test frequencies for the fine-grained sample. 
The temperature at which the relaxation peak oc- 
curred for each of the three different frequencies 
is shown in Table I. From these data an activation 
energy of relaxation for each pair of frequencies 
was determined by comparing the temperature 
shift of the relaxation peak with frequency between 
each of the test frequencies, assuming that an 
Arrhenius-type rate equation is applicable. The 
activation energy of relaxation determined from 
these data is also shown in Table I. The mean 
value of the activation energy was about 6 kcal 
per mole. 

The activation energy for the relaxation process 
determined in this investigation indicates that the 
relaxation associated with the grain boundaries in 
this aluminum-aluminum oxide SAP-Type alloy is 
quite a different process than grain boundary re- 
laxation in single-phase aluminum alloys. In these 
latter alloys, the activation energy for relaxation 
has been found to be the activation energy for self- 
diffusion, approximately 36 kcal per mole.” Where 
the activation energy is the same as the activation 
energy for self diffusion, it has been proposed that 
the relaxation phenomena is dependent upon vacancy 
formation and motion. It is apparent therefore, 
that, in this aluminum-aluminum oxide SAP-Type 
alloy, the relaxation must be due to another type of 
atom transport. 

It has been shown previously in studies of the 
high-temperature, low-stress, steady-state creep 
behavior of as-extruded aluminum SAP-Type alloys, 
that the activation energy for steady-state creep is 
one that may be characterized by the nucleation of 
dislocations from the grain boundaries.° It is pro- 
posed that the relaxation behavior observed here is 
due to a similar effect. In this case, the internal- 
friction peak is a resonance behavior due to the 
time-dependent nucleation of dislocations from grain 
boundaries in the sample. A process of this type 
would have an activation energy which is undoubtedly 
stress-dependent and of the form Q = Q, + d@Q/do)o 
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where Q is the activation energy and o the applied 
stress. In the temperature range where the in- 
ternal-friction data were measured and for the 
stresses involved during testing, the measured value 
of activation energy is considered reasonable for a 
process of this type. 
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The Magnesium-Rich Region of the 
Magnesium-Yttrium Phase Diagram 


D. Mizer and J. B. Clark 


In a recent investigation of the entire magnesium- 
yttrium phase diagram, Gibson and Carlson’ report 
the maximum solid solubility of yttrium in magne- 
sium as 8.0 wt pct Y at 1050°F (565°C). However, 
independent studies of the precipitation in magnesium- 
yttrium alloys,? conducted prior to the publication of 
the above phase diagram, indicated a greater solid 
solubility of yttrium in magnesium. Accordingly, 

the magnesium-rich region of the diagram was re- 
investigated to determine more accurately the liqui- 
dus, solidus, and solvus of the magnesium solid solu- 
tion in this system. 

Metallography and thermal analysis were chosen 
as the best corroboratory methods for accurately 
determining this region of the diagram. 

A magnesium-yttrium master alloy was prepared 
from yttrium of 99.9 pct purity and singly sublimed 
magnesium of 99.9 pct purity. Subsequently, the 
twelve magnesium-yttrium alloys shown in Fig. 1 
were prepared using standard alloying procedures 
for magnesium. 

Metallographic samples of the alloys were heat 
treated under an SO, atmosphere in an electric fur- 
nace capable of control within +3° F of the desired 
temperature. Alloy samples for the metallographic 
determination of the solvus, and for the precipitation 
studies were solution treated at 1000°F for 16 hr. 
Subsequent aging times for the solvus determination 
varied from a minimum of 6 hr for the higher tem- 
peratures up to 816 hr for lower temperatures. Peri- 
ods of 30 min at temperature were used to generate 
liquation for the metallographic placement of the 
solidus and eutectic horizontal. 

The liquidus and the eutectic horizontal were de- 
termined by thermal analysis. Simple time-temper- 
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Fig. 1—The magnesium-rich region of the magnesium- 
yttrium phase diagram. 
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ature heating and cooling curves were obtained from 
10-g alloy samples heated and cooled in a well- 
insulated electric furnace. An Iron-Constantan ther- 
mocouple was placed in direct contact with the sam- 
ple. The thermocouple did not contaminate the alloy 
sample since metallographic examination showed 
that the alloy melt did not wet or attack the thermo- 
couple. The heating and cooling rates were approxi- 
mately 5 to 8°F per min. 

The standard metallographic procedures for mag- 
nesium were used in polishing and etching the mag- 
nesium-yttrium alloys studied. Glycol etchant* was 


*Glycol etchant — 75 parts ethylene glycol, 24 parts distilled water, 
1 part conc. nitric acid. 


used for liquation detection, while acetic-picral* 


*Acetic-Picral etchant — 100 parts of 6 pct picral, 10 parts distilled 
water and 5 parts of glacial acetic acid. 
etchant was used to reveal precipitate in the solvus 
determination. 

The redetermined magnesium-rich region of the 
magnesium-yttrium diagram is shown in Fig. 1. The 


Fig. 2(a)—Mg-13.9 Y alloy aged 29 hr at 700°F; 
(b)—Mg-11.8 Y alloy aged 145 hr at 500° F. 
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maximum solid solubility of yttrium in magnesium 
is approximately 12.6 wt pct Y at the eutectic tem- 
perature of 1050°F (565.5°C). This maximum solu- 
bility is based primarily on the intersection of the 
solidus and the eutectic horizontal at 1050°F. The 
solvus was somewhat more difficult to determine be- 
tween 850° and 1050°F because, in this range, some 
slight internal oxidation of yttrium occurs during 
annealing. However, the redetermined solvus does 
extrapolate to the intersection of the solidus and 
eutectic horizontal. 

The eutectic composition, 26 wt pct Y, found by ex- 
trapolating the liquidus line to intersect the eutectic 
horizontal agrees well with the eutectic composition 
reported by Gibson and Carlson.’ The temperature 
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In order to increase the usefulness of TRANSAC- 
TIONS to the membership of The Metallurgical So- 
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stracts of papers submitted to TRANSACTIONS with 
regard to their conformance to the following guide. 
This guide is adopted from the general instructions 
prepared by the United Nations Educational, Scien- 
tific and Cultural Organization. 
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5) Use complete sentences rather than a mere 
list of headings. Standard rather than proprietary 
terms should be used. Unnecessary contractions 
should be avoided. It should be presumed that the 
reader has some knowledge of the subject but has 
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of the eutectic horizontal, 1050°F, also agrees with 
their diagram. 

The appearance of the precipitate is markedly de- 
pendent on the time and temperature of aging and 
the amount of solute available. At higher aging tem- 
perature in the more concentrated alloys, a well- 
defined Widmanstitten precipitate forms [see Fig. 
2(a)|; at low aging temperatures in the more dilute 
alloys, striations and irregular grooves are seen, 
Fig. 2(b), which are probably caused by either clus- 
tering of solute in solid solution or precipitation of 
submicroscopic particles. 


1E. D. Gibson and O. N. Carlson: The Yttrium-Magnesium System, Trans. ASM, 


1960, vol. 52, p. 1084. 
2Unpublished Research, The Dow Chemical Co. 


not read the paper. The abstract should therefore 
be intelligible in itself without reference to the 
paper. (for example, it should not cite sections or 
illustrations by their numerical references in the 
text.) 

6) As the title of the paper is usually read as 
part of the abstract, the opening sentence should be 
framed accordingly so as to avoid repetition of the 
title. If, however, the title is not sufficiently indica- 
tive, the opening sentence should indicate the sub- 
jects covered. Usually, the beginning of an abstract 
should state the objects of the investigation. 

7) It is sometimes valuable to indicate the treat- 
ment of the subject by words such as: brief, exhaus- 
tive, theoretical, etc. 

8) The abstract should indicate newly observed 
facts, conclusions of an experiment or argument, 
and, if possible, the essential parts of any new the- 
ory, treatment, apparatus, technique, etc. 

9) It should include any new numerical data, such 
as physical constants; if this is not possible, it should 
draw attention tothem. It is important to refer to new 
items and observations, even though some may be 
incidental to the main purpose of the paper; such in- 
formation may otherwise be hidden although in fact 
it might be very useful. 

10) When giving experimental results the abstract 
should indicate the methods used; for new methods 
the basic principle, range of operation and degree of 
accuracy should be given. 

11) If it is necessary to refer in the abstract to 
earlier work, the reference should always be given 
in the same form as in the paper; otherwise, refer- 
ences should be omitted. 


12) The abstract should be as concise as possible. 


It should only in exceptional cases exceed 200 words 
and may preferably be much shorter. 
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